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Equilibrium Between Cerium and Sulfur in 


Liquid Iron 


Equilibrium in the reaction CeS (solid or in slag = Ce(in Fe) + S(in Fe) was studied 


by melting under a neutral atmosphere in pure CeS, Al,O3z, 


and MgO crucibles and add- 


ing cerium or sulfur. The results show the strong desulfurizing power of cerium. The 
product [pct Ce] [pct S] was found to be 1.5x 10% at 1600°C. 


by F. C. Langenberg and J. Chipman 


REVIOUS investigations** have shown that ce- 

rium, or alloys containing cerium such as misch 
metal, are good desulfurizers when added to steel. 
Desulfurization appeared to be favored in most 
instances by lower temperatures, strong deoxidation, 
and basic melting conditions. Desulfurization with 
cerium-base alloys is rapid, and additions to the 
ladle or mold are effective in lowering the sulfur 
content. 

Rare-earth additions to certain steels are reported 
to improve workability, some physical properties, 
and surface quality. Although other mechanisms 
have been presented to account for these effects,’ 
the improvements may be due to the rare-earth 
element changing the size, shape, composition, and 
distribution of sulfide inclusions. 

The purpose of this investigation was to study 
under controlled conditions the relationship between 
cerium and sulfur in iron at steelmaking temper- 
atures. The reaction, CeS (s) = Ce (in Fe) + S (in 
Fe), was studied by melting iron in pure cerium- 
sulfide crucibles and adding cerium or sulfur. An 
Fe-Cr-Ni alloy was melted in one heat. In other 
heats high-purity magnesia and alumina crucibles 
were used and attempts made to form a CeS slag on 
the metal. 

Apparatus 

The apparatus used enabled metal samples to be 
taken from a liquid melt under a controlled atmos- 
phere without allowing air into the melting cham- 
ber. A detailed drawing of the furnace top is given 
in Fig. 1, and a drawing of the entire furnace show- 
ing the location of the crucible is given in Fig. 2. 

The Furnace—The melting chamber was a closed- 
end fused-silica tube, and the power was supplied 
from a 30-kw spark-gap converter. The crucible 
rested on a molybdenum sheet and was surrounded 
by a cylindrical molybdenum susceptor. An alundum 
radiation shield protected the fused-silica tube. At 
the open end of the fused-silica tube the furnace top 
was held down with three toggle clamps which 
could be adjusted to allow flexibility in seating the 
top. 

The furnace top contained a main shaft through 
which samples were taken and additions made, and 
a sight tube with a magnetically operated shutter. 
All permanent joints in the top were silver-soldered. 
A full-port valve, capable of operating under posi- 
tive or negative pressures, separated the sampling 
shaft from the main melting chamber. The chamber 
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above the full-port valve was closed at the upper 
end with a double-gasketed movable shaft seal. 
When the full-port valve was closed and a rod in- 
serted through the movable shaft seal, this upper 
chamber could be evacuated independently of the 
melting chamber. Inert gas was let into the system 
through the inlet extension connected to the sight 
tube. Through the double-gasketed seal a polished 
stainless-steel tube could move in a vertical direc- 


Polished stainless 
steel tube 


Vacuum Research Co. 
Double -gasket 
movable shoft seal 


Wing nuts 
O-Ring gasketed flange 
Brass tube 


Brass mold 


Fused quartz 
Vacuum ) sampling tube 
Pyrex sight glass 
and gaskets 


Veeco vacuum 
coupling 


Veeco full-port 
vacuum valve 


Magnetic 
shutter valve 


Fig. 1. Furnace top. 


Toggle 
clamp 


Stainless steel 
sight tube 


Silicone 
rubber gasket 


quartz tube 


Induction coil 
Aspirator bulb 
\ 


Fused silico 
be 


Furnace top 
crucible 
| 
~ Radiation 
shie 
Fig. 2—Furnace. iN | 
Molybdenum 


susceptor and 
protection cup 


Alumina grains 3 3 
Base for i gf 
crucible 
° 


Base 


inches 


Transactions of The Metal- 
lurgical Society of AIME 


\ 
\ 
2 
CA) W | Inlet 
| coil 
if | 
/ 
4 | 
Ye 
LIN NMA 
UN 
= 2 


tion when samples were taken, additions made, or 
“bridges” of unmelted charge forced into the molten 
bath. Four of the movable shaft seals with flanges 
were placed on polished steel rods to facilitate rapid 
changes. 

The Crucibles—The crucibles used in the experi- 
ments were made either of pure Al.O,, 98 pct MgoO- 
2 pet SiO., or pure CeS. Crucibles of CeS were from a 
small number left over from the Manhattan Project. 
Complete details on the preparation and properties 
of CeS crucibles can be obtained from two articles 
by Eastman, Brewer, and co-workers.” ” 

The crucibles were of two sizes, 27/16 and 3 in. 
OD x 4% in. outside height. CeS oxidizes rapidly at 
elevated temperatures, and for this reason all melts 
were made under vacuum and an inert atmosphere 
was admitted when the metal was molten. The na- 
tural color of CeS is brassy yellow, but oxidation 
produces a thin blue or reddish-purple coating. In 
these experiments, the interior surface of the cru- 
cible was rubbed with steel wool to remove the 
oxide and expose the brass-colored CeS surface. 

The Charge—The charge materials were electro- 
lytic iron, 98.2 pct cerium (1.6 pct Fe, balance other 
rare-earth elements), chemically pure FeS, and a 
17.2 pet Cr-8.8 pct Ni alloy melted from virgin 

-materials. In the first melts, the electrolytic iron 
was charged in small pieces and oxygen removed by 
adding 0.1 pct carbon with the original charge. In 
later melts, the electrolytic iron was premelted and 
allowed to solidify in the crucible. The resulting 
ingot was charged. This was done to prevent bridg- 
ing: Although bridges could be broken, there was 
always the danger that the rod used to break the 
bridge would dip into the molten metal, or that the 
force applied to the unmelted charge would crack 
the crucible. 

The Gas—A welding-grade argon was purified by 
passing it through pure calcium chips held at ap- 
proximately 600°C. The removal of oxygen from 
the argon was verified by examining after each run 
the outside of the molybdenum susceptor. The sus- 
ceptor was unoxidized, although it was discolored in 
the areas where it contacted the crucible. 


Experimental Procedure 


Sequence of Operation—The original charge, 
weighing about 225 g, was placed in the crucible 


which was then centered in the fused-silica tube as 
shown in Fig. 2. The furnace was pumped down for 
1 hr; the power was then turned on and the charge 
heated to 1600°C in approximately 1 hr. After the 
temperature was constant at 1600°C, the vacuum 
system was closed off and argon let into the furnace 
chamber. When a slight positive pressure of argon 
was reached in the melting chamber, the argon inlet 
valve was closed and the experiment continued 
under a stagnant argon atmosphere. No tempera- 
ture drop was observed on admitting the argon. 

It was now possible to take metal samples, and 
add cerium or FeS. The sampling was continued 
until almost all of the metal was drawn from the 
crucible. The small amount remaining easily came 
out when the heat was over. At the end of sampling, 
the power was cut down gradually to permit the 
crucible to cool slowly. One hour after the power 
was shut off, the toggle clamps were opened and the 
top removed from the silica tube. 

Method of Sampling and Making Additions—To 
take a sample, the fused-quartz sampling tube was 
placed in the lock above the closed full-port valve, 
and the chamber evacuated. The steel tube and 
aspirator bulb, Fig. 2, also would be evacuated. 
Next, the vacuum system was closed off and the 
full-port valve opened. The pressure in the entire 
system was then readjusted by opening the argon 
inlet valve. The sampler was lowered and the suc- 
tion bulb squeezed as the fused-quartz tube entered 
the melt. The bulb was released and the sampler 
pulled up until the sampling tube was back in the 
lock. The full-port valve was closed and the sampler 
taken out by removing the wing nuts. The entire 
operation, exclusive of evacuating the sampling 
chamber, could be done in 30 sec and close control 
was possible by observing through the sight tube. 

The ends of the quartz sampling tubes were con- 
stricted to prevent metal from running out when the 
tube was removed from the melt. Some sampling 
was tried with “Taylor samplers,’ but when the 
copper sampler entered the relatively small amount 
of metal the temperature of the metal was lowered 
enough that “skulls” formed on the outside of the 
sampler. As a result, it was sometimes impossible 
to get the sampler back through the full-port valve. 

The technique of making additions to the melt was 
similar to sampling. The stainless-steel tube from 


Table |. Analyses of Melts Made in CeS Crucibles at 1600 C 


Analyses, Pct 


[Pct Ce][Pct S] 
No: Ce Ss x 10-8 Time, Min After 
Electrolytic Iron 
: 021 0.0059 0.02 0.12 180 Metal at 1600 
0.014 0.0061 0.09 50 Metal at 1600 
J21-M7 

: 0.019 0.0062 0.12 34 Metal at 1600 

538-M3 Metal at 1600 

J28-M3 0.021 0.0060 0.13 60 etal at 1600. 
J25-M1 0.40 0.0021 0.82 10 Ist Ce Addition 
J25-M2« 0.37 0.0019 0.70 30 Ist Ce Addition 
J25-M3 0.75 0.0014 1.05 10 2nd Ce Addition 
J25-M4« 0.82 0.0012 1.00 30 2nd Ce Addition 
-M5« 1.63 0.0013 2.1 10 3rd Ce Addition 
335-6 1.39 0.0015 ast 30 3rd Ce Addition 
0.15 0.0027 0.41 15 Ist. Ce Addition 
331M 0.16 0.0040 0.64 30 2nd Ce Addition 
J27-M3« 0.26 0.0025 0.65 30 3rd Ce Addition 

8.9 pct Ni, 17.2 pct Cr ae 
0.46 26 1st Ce ition 
26-20. 019° 0.0044 0.04 0.84 30 2nd Ge Addition 
s26-M3«. 0.23 0.0038 0.88 30 3rd Ce Addition 
Joe Mae 0.42 0.0035 0.04 1.47 30 4th Ce Addition 
Joe Ms 0.61 0.0034 2.08 31 5th Ce Addition 


«Heats which have approached equilibrium. 
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Table Il. Analyses Showing Effect of Temperature on Absorption of Cerium and Sulfur from a CeS Crucible 


Analyses, Pct 


[Pct Ce][Pct S] 


Heat and 

Sample Ne: Ce s x 10-3 Temp, °C Time, Min : After 
0.0060 0.06 1550 41 Metal at 1550 
0.0062 0.12 1600 34 Metal at 1600 
0.0064 0.13 1600 60 Metal at 1600 
0.0060 0.12 1650 30 Metal at 1650 
0.0066 0.17 1700 17 Metal at 1700 


the sampler was used with a small glass flask at- 
tached to the upper end by a short piece of Tygon 
tubing. The flask containing the addition was secured 
outlet end up. The sampling chamber, tube, and 
flask were evacuated and argon let in. The steel tube 
was lowered into the furnace until it was 1 in. above 
the melt, and the flask up-ended so that the addition 
rolled down the steel tube into the melt. 

Temperature Measurement—Temperatures were 
measured with a Leeds and Northrup optical pyro- 
meter aimed down the sight tube onto the metal 
bath. The true temperature of the metal was deter- 
mined from the formula, 


1 1 


Tr 


where T, is the observed optical temperature and T, 
the true absolute temperature. The calibration con- 
stant K was determined by measuring T, at the 
freezing point of pure iron. Immersion thermocouple 
readings were taken to check T,; over a wide range 
of temperatures by replacing the quartz sampling 
tube with a closed-end quartz protection sheath and 
inserting a platinum, platinum-10 pct rhodium 
thermocouple. The immersion-temperature readings 
checked the optical measurements within +12°C in 
the range 1550 to 1625°C. There was no systematic 
difference in this range, and the corrected optical 
readings are considered accurate to +15°C. 

The chief source of error during optical tempera- 
ture readings was the formation of a thin slag on 
the metal. This slag usually did not cover all the 
metal surface, but existed as islands or formed 
around the periphery leaving the center open. When 
the slag was continuous over the entire surface, im- 
mersion-temperature measurements were taken with 
the thermocouple. 


Sulfur and Cerium Analyses—The procedure for 
the determination of cerium contents in the low 
range (less than 0.25 pct) is based on the work of 
Westwood and Mayer® which utilizes the red color 
of the cerous-oxinate complex for analysis. The 
determination of higher cerium contents requires 
separation of interfering elements by ether extrac- 
tion, perchloric-acid oxidation, and soluble am- 
monia-complex formation. The cerium is finally 
separated as the fluoride followed by ignition and 
weighing as the oxide. The accuracy of the low- 
cerium determinations is +0.003 pct, and at the 
higher cerium contents +£0.03 pct. 

The determination of low sulfur contents (less 
than 0.01 pct) is based on the combustion method 
using the bleaching effect of sulfur dioxide on an 
iodine solution. The method is accurate to +0.0003 
pet. 

Results 


Experimental results of heats made in CeS cru- 
cibles at 1600°C are shown in Table I. In the first 
group of these heats (J7, J21, J28), neither cerium 
nor sulfur was added and there was very little pick- 
up of either element from the crucible. Heat J28 
was held at temperatures from 1550 to 1700°C and 
the results presented in Table II show similar small 
absorptions of both elements. In view of the other 
results of this study it would appear that equi- 
librium between melt and crucible was not reached 
in heats of this character. It is concluded that the 
CeS crucibles dissolve very slowly in the melt. 

In the other three heats of Table I, cerium was 
added to the melt and the chances of attaining equi- 
librium were thus considerably enhanced. Heats 
which were held long enough to have a reasonably 
good chance of approaching equilibrium are marked 
with an asterisk. It will be noted that in many cases 


Table III. Analyses of Melts Made in Oxide Crucibles at 1600 C 


Analyses, Pct 


Heat and [Pct Ce][Pct S] 
Sample No. Ce Ss Cc x 10-3 Crucible Time, Min After 
0.825 MgO 60 Charge Molten 
0.550 0.04 — 8 1st Ce Addition 
0.575 3 —_— 33 1st Ce Addition 
0.152 — MgoO 60 Charge Molten 
0.126 1.6 5 1st Ce Addition 
0.102 1.0 23 1st Ce Addition 
0.104 Pins 37 1st Ce Addition 
0.109 ial 64 1st Ce Addition 
MgO 60 Charge Molten 
oe 2:5 9 1st Ce Addition 
rec ne 1.9 27 1st Ce Addition 
AlsO3 40 Charge Molten 
arge Molten 
0.015 11 Ist FeS Addition 
19 2nd FeS Addition 
14 3rd FeS Addition 
O40 = 19 3rd FeS Addition 
AlsO3 30 Charge Molten 
18 1st Ce Addition 
MgO 15 Charge Molten 
16 1st Ce Addition 
18 38rd Ce Addition 


o 


1st FeS Addition 


292—JUNE 1958 


Transactions of The Metal- 
lurgical Society of AIME 


— 


O = CeS Crucibles 
4 = CeS Crucibles (I7Cr, SNi) 
© = MgO Crucibles 
= Al,O, Crucibles 


! T 


: 


T [iter 


Fig. 3—Equilibrium 
relationships 
between cerium 
and sulfur in 

liquid iron at 
1600°C (2912°F). 


iit 


Cerium, Percent 


TT 


o.ooil__| | Li fit 


Sulfur, 


the sulfur concentration is quite small and the 
analysis is therefore subject to rather large per- 
centage errors. 

Analyses of heats made in oxide crucibles are 
listed in Table III. In all except heat J17 sulfur was 
present in the original charge and in all cases cerium 
was added during the run. The cerium addition re- 
sulted in formation of a thin solid slag which broke 
away rapidly exposing a clear metal surface. In 
only one heat, J15, was there sufficient slag formed 
to make an identification. In this heat the sulfur was 
reduced from 1.90 to 0.006 pct through cerium addi- 
tions and a large quantity of brass-colored CeS slag 
was found in the crucible after cooling. 

The cerium and sulfur contents of all heats which 
appear to have approached equilibrium are shown 
in Fig. 3. Results in 17 Cr-9 Ni stainless steel appear 
about the same as those in iron, within the limits of 
error of the experiments. The line corresponds to a 
product [pct Ce][pet S] = 1.5 x 10°. The uncer- 
tainty is of the order of +0.5 x 10°. Thus cerium has 


a desulfurizing power somewhat comparable to the 
deoxidizing power of carbon. Large additions of 
cerlum exert a strong desulfurizing effect. 


Summary and Conclusions 
The reaction, CeS (solid or in slag) = Ce (in Fe) 
+ S (in Fe), was studied in oxide crucibles and in 


pure CeS crucibles under a neutral atmosphere. The 
solubility product, [pct Ce][pct S], was equal to 
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Technical Note 


Fracture of Zinc Crystals in Bending 


by John J. Gilman 


HEN a zinc crystal is immersed in liquid N, 

and then plastically bent, it is observed that it 
bends a certain amount and then fractures. This 
fracture occurs at a fairly reproducible radius of 
curvature, and the radius varies systematically with 
the crystal orientation. Because this phenomenon 
provides an unusually well-defined set of fracture 
conditions, it is possible to examine various possible 
fracture criteria and select the best one. 

Zinc crystals of various orientations were bent 
about axes lying in their glide planes (0001) and per- 
pendicular to their glide directions [1210]. The 
crystals were 0.150 in. diam and had chemically 
polished surfaces. They were immersed in liquid N, 
while they were being loaded on an Instron testing 
machine. A three-point bending jig was used to load 
them. Table I lists the beam radius at which fracture 
occurred for each orientation. Each value is the 
average of at least six measurements. 

The normal stresses on the cleavage planes, at the 
time of fracture, were calculated as follows: First, 
from the fracture radius, R;, the orientation angle, 
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x, of the (0001) plane at the outer fiber was calcu- 
lated. If x. = angle between the (0001) and the rod 
axis prior to bending, d = rod diameter, and x; = 
angle between the (0001) plane and a tangent to 
the bent crystal, then’ 
sin 2R; 
2R,+d 


Since the glide shear strain is given by* 


sin x 


y = cot Xr — Xo 

the glide strain at fracture, y,, can be calculated. 

Next, it is necessary to know the tangential stress 
in the outer fiber at fracture. This depends on the 
plastic flow curve, so a series of tensile tests were 
performed at —196°C on another set of zinc crystals. 
A curve of the average resolved shear stress versus 
glide strain was prepared. From this curve, shear 
stresses, t;, corresponding to the glide strains in the 
bend tests were taken. These values are listed in 
Table I. Then the normal stresses in the outer fibres, 
o,, were calculated from the relation 


o, =7, tan 
t t Xt 


This analysis assumes that the fiber stresses in a 
bent beam are the same as the stresses in simple 
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shear at the same strain values. The success of the 
theory of plastic bending (see Dolan and Sidebottom, 
for example’) indicates that this assumption is not 
greatly in error. 

It is clear from Table I that fracture does not 
occur for a critical value of either the glide strain or 
the applied normal stress. Furthermore, most com- 


Table |. Fracture of Zinc Crystals in Bending at —196°C 
(deflection rate = 1 ipm for beam 1 in. long) 


Corresponding 


Resolved Shear Normal 
Orien- Glide Strain Stress fr. Stress, 
tation Radius at at Fracture Tensile Test, G per 
Xo, Deg Fracture,Cm (Outer Fiber) G per Sq Mm Sq Mm 
30 aa 0.36 180 85 
45 1.9 0.19 120 100 
60 3.5 0.11 91 130 
43) 8.6 0 80 230 
Radius of 
Glide Planes Corresponding 
Orien- at Fracture Excess Dislo- Dis] Density 
tation (Outer Fiber), cation, Density, Times 
Xo Cm Lb per Sq Cm Normal Stress 
30 3.2x107 2.7x109 
45 1.6 2.4 2.4 
60 Pea 1.8 2.5 
75 2.9 1.3 3.0 
Avg = 2.65 


binations such as the strain times the normal stress 
do not give good criteria. Complex combinations 
probably can be found which might serve as criteria, 
but these would have doubtful physical significance. 

The best fracture criterion that was found was 
derived by correlating the fracture stresses with the 


dislocation contents of the crystals. The total dis- 
location content of the crystals is not known, but the 
density of excess positive dislocations can be calcu- 
lated from the curvature of the glide planes. If a= 
R, sin y and L = R, + d/2, then the radius of curva- 
ture of the (0001) planes at the outer fiber is 
(L? —a*)%. The density of excess positive disloca- 
tions, ps, is then given by pz = 1/rb where b = mag- 
nitude of Burgers vector. The final column of 
Table I lists values of px o; and it may be seen that 
this quantity has a fairly constant value, and there- 
fore may be taken to be a fracture criterion. 

Since fracture occurs in the bent crystals at rela- 
tively large strains the details of the geometry are 
complicated and unknown. Hence, detailed calcu- 
lations are not possible. All that can be done is to 
postulate that dislocations have a specific weakening 
effect which is proportional to the dislocation den- 
sity. Then the applied normal stress times the dis- 
location density should have a constant value as in 
Table I. 

The fact that the fracture occurs along the curved 
glide surfaces is significant. It suggests that the glide 
plane of an edge dislocation is a particularly weak 
region in a crystal. It is thus consistent with the 
conclusion of a previous paper.* 

Most of the experimental portion of this work was 
carried out by Mr. V. J. DeCarlo. 
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A Kinetic Study of the Dissolution of UO, In 


Carbonate Solution 


Sintered UO. samples were leached in carbonate solutions of various concentrations. 
A pressurized system was used so that it was possible to investigate the kinetics of the 
reaction to 200°C with oxygen overpressures as high as 800 psi. The surface active 
species in solution appears to be the undissociated acid HsCO;. Competitive adsorption 
between oxygen and HCO; occurs at the UO. surface resulting in an over-all rate de- 
crease at high concentrations of H»CO3. Oxygen splits between two surface active sites 
and the slow step of the surface reactions involves a rearrangement or diffusion of oxy- 


gen on the mineral surface. 


by Ray L. Pearson and Milton E. Wadsworth 


he dissolution of UO. in carbonate solutions can 

occur only if the tetravalent uranium is oxi- 
dized to the hexavalent state. The carbonate system 
is of particular interest because it provides a means 
whereby the oxidized uranium may be dissolved by 
forming the complex ion UO.(CO,);“. In the pres- 
ence of oxygen the over-all reaction may be written 


R. L. PEARSON and M. E. WADSWORTH, Member AIME, are 
associated with Dept. of Metallurgy, University of Utah, Salt Lake 
City. This work was supported by the Atomic Energy Commission 
under Contract No. AT(11-1)-82. 
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UO.+ [1] 


UO, was used in this study because it could be ob- 
tained in high purity and also because it is represen- 
tative of the most refractory of the primary uranium 
minerals. The mineral ulrichite is the natural coun- 
terpart of the synthetic UO, used. The kinetics of 
the leaching of UO, should be similar for any of the 
uraninite type minerals. 

A pressurized system was used not with the hope 
it could be extended to commercial systems as a 
primary purpose but simply to provide the means 
whereby important temperature and pressure pa- 
rameters could be varied for the evaluation of the 
Kinetic processes. The importance of such pres- 
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surized systems has already been demonstrated by 
Forward, Halpern and Peters,*** and the Beaver 
Lodge Processing plant in Saskatchewan, Canada, 
has incorporated the results of that research in a 
commercial uranium treatment plant.‘ 

Peters and Halpern’ carried out a kinetic study 
of the leaching of pitchblende (U,0,). The slow 
step proposed by these investigators was the adsorp- 
tion and splitting of oxygen on the U.O, surface, and 
the measured rates were found to be independent 
of the HCO, and CO,~ solution concentrations un- 
der the conditions of their studies. This investiga- 
tion was undertaken to determine the mechanism of 
the dissolution of the more refractory tetravalent 
uranium compound UO., with the hope that specific 
details regarding the role of oxygen and the various 
carbonate species present could be evaluated. 


Experimental 

The UO, as received* was found by spectroscopic 
analysis to have a purity of 99.94 pct +0.03. It was 
ground in a mechanical agate mortar and screened 
through a 400 mesh sieve. Thin flat disks of UO, 
were prepared by pressing the sized powder in a 
specially constructed die at a total pressure of ap- 
proximately 15 tons per sq in. These disks measured 
approximately 2.3 mm in thickness and 1.6 cm in 
diameter and weighed approximately 3.6 g. As 
pressed, the samples were approximately 65 pct of 
theoretical density. It was essential that a binder 
such as polyvinyl alcohol be added before pressing 
to prevent formation of strains and cracks when 
fired. 

The disks were dried and fired in a molybdenum- 
wound furnace under hydrogen at 1800°C for 30 
min. A careful X-ray diffraction study of the sin- 
tered disks showed them to be unaltered from the 
original unfired UO,. The final density of usable 
samples had to be above 89 pct of theoretical den- 
sity. At densities below 89 pct the void spaces were 
connected, resulting in a sample of high porosity. 
Porous disks are completely unsatisfactory because 
the geometric surface area is unknown and a large 
variation in area occurs during leaching. Samples 
above 89 pct of theoretical density had no measur- 
able porosity based upon a 2-hr immersion in boil- 
ing water. These samples gave consistent and re- 
producible results. 


rts Mallinckrodt reagent, supplied by the Atomic Energy Commis- 
sion. 

Leaching studies were carried out in a specially 
designed autoclave. The details of this equipment 
have been presented elsewhere.’ One milliliter sam- 
ples removed from the autoclave during the course 
of a run were analyzed for U;,O; content with a 
Beckman Model DU spectrophotometer by the 
method of DeSesa and Nietzel.? Knowing the surface 
area of the sample by measurement with a microm- 
eter, the time of reaction and the corresponding 
concentration of uranium in solution, rates were 
measured in mg U,O,/min/cm’. 


Experimental Results 

The results presented in this paper are based upon 
75 separate rate determinations. The range of con- 
ditions varied, extending up to 60 g per 1 of 
Na.CO,-H,O and 60 g per 1 NaHCO,, temperatures 
from 127 to 203°C and oxygen partial pressures 
from 0 to 800 psia. Fig. 1 illustrates the results of 
three typical runs at three separate temperatures. 
The rates were linear under all of the conditions of 
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Fig. 1—Typical curves showing total concentration of U;Os 
in solution versus time. 


this study indicating that no surface products were 
formed on the surface of the sample which inhibited 
the reaction. 

The effect of stirring is often of importance in a 
solution-dissolution study since solution diffusion 
must be eliminated if the kinetics of the surface re- 
actions are to be evaluated. A series of rate versus 
speed of agitation runs was obtained at 175°C, 440 
psi oxygen overpressure, with a solution concen- 
tration of 60 g per 1 Na.CO;-H.O and 20 g per 1 
NaHCoO;. The rate of reaction increased with stirring 
speed to approximately 400 rpm under these condi- 
tions. Above 400 rpm the rate was independent of 
the speed of agitation. Subsequent runs were car- 
ried out at 500 rpm. 

Fig. 2 illustrates the effect of oxygen overpres- 
sure on the rate of dissolution. These rate pressure 
isotherms were obtained at 127, 143, 161, 187 and 
203°C. The solution in all cases contained 60 g per 1 
Na.CO,;:H.O and 20 g per 1 NaHCOQ,. 

A similar series of runs was carried out at con- 
stant oxygen overpressure but at various carbonate 
concentrations. Rate-concentration data are pre- 
sented in Fig. 3 for 175, 161 and 143°C. The oxygen 
overpressure was maintained at 440 psi, and the 
concentration of Na,CO,-H.O was 60 g per 1 in all 
tests. Fig. 3 is a plot of measured rate versus the 
concentration of NaHCO, for the foregoing condi- 
tions. The rate-concentration isotherms go through 
a maximum. At lower temperatures, however, the 
height of the maximum diminished appreciably, and 
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Fig. 2—Effect of O2 overpressure on the rate of dissolution 
of UO.. 
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Fig. 3—Effect of varying NaHCO; concentration on the dis- 
solution of 


it is conceivable that at sufficiently low temperatures 
the rate may appear to be independent of solution 
concentration. This may explain the results obtained 
on pitchblende’ in which the rate was independent of 
solution concentrations. Also the pressures used in 
this study were very much greater than those used 
for pitchblende. An alternate explanation, of course, 
is simply the inherent difference between UO, and 
U,O;. The rising portion to the left of the maxima 
of Fig. 3 could not be attributed to surface precipita- 
tion of insoluble sodium uranate (Na,UO,) as was 
found in the case of pitchblende since all rates meas- 
ured in this region were linear. It was found, how- 
ever, that at 175°C, 15 g per 1 NaHCO,, and 42.5 g 
per 1 Na,CO,-H.O a yellow precipitate was formed. 


Discussion of Results 

Although the carbonate system is quite complex, 
kinetically only one of the carbonate species (CO;, 
HCO; or undissociated H.CO;) is likely to be in- 
volved in the slow step of the reaction. Calculating 
the concentrations of each of these species presents 
a problem since the equilibrium constants have not 
been measured in the temperature range of this 
study. Equations have been developed”*” to explain 
the temperature dependence of the equilibrium con- 
stants at lower temperatures, however, and these 
equations were assumed valid for the temperature 
range covered in this investigation. This is a broad 
extrapolation and throws serious question on the ab- 
solute concentrations calculated. In spite of this, 
however, the interdependent relationship described 
by the equilibrium reactions between the species in 
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Fig. 4—Effect of CO; ion and HCO; ion concentrations on 
the dissolution of 
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Fig. 5—Effect of HCO; concentration on the rate of dis- 
solution of 


question should remain self-consistent. This is par- 
ticularly true since the equilibrium constants may 
be in error by as much as £25 pct without seriously 
altering the calculated concentrations. 

Fig. 4 is a plot of the 175°C data (Fig. 3) for rate 
versus [CO,-] and [HCO,;]. Similarly, Fig. 5 is a plot 
of the rate versus [H.CO,] for 175, 161 and 143°C. The 
maxima occur at 20 g per 1 NaHCO, and 60 g per 
1 Na.CO,. This was the concentration used to investi- 
gate the effect of stirring speeds. As a consequence, 
additional stirring tests were necessary to determine 
if diffusion was rate controlling at the lower concen- 
trations; i.e., at concentrations below the maxima of 
the curves of Fig. 3. The results are shown in the 
upper (dotted) curve of Fig. 5. An increase in stir- 
ring speed from 500 rpm to 800 rpm was found to 
increase the rate of dissolution for all concentrations 
to the left of the maxima of the rate versus concen- 
tration curves, indicating that diffusion in this region 
is rate controlling. At higher concentrations, in- 
creasing stirring speed had no effect upon the rate of 
dissolution, indicating that the slow step in this 
region is a surface reaction or possibly diffusion 
through a limiting boundary film. The latter possi- 
bility in this case may be eliminated, however, since 
the rate decreased as the H.CO; concentration was 
increased. 

The region of diffusion control is useful in this 
system since it provides a means whereby the reac- 
tive carbonate species may be identified. When dif- 
fusion is rate controlling the rate of reaction should 
be a linear function of the concentration of the 
diffusing ion or molecule. An examination of Fig. 4 
and 5 shows that a linear relationship exists between 
rate and the concentration of undissociated H.CO,. 
The linear dependence of course assumes that the 
thickness of the diffusion boundary is constant for 
any one set of conditions. This condition is met by 
maintaining stirring speed constant. The 500 and 
800-rpm curves (175°C) of Fig. 5 illustrate the 
linear dependence at two stirring speeds. Since ini- 
tial straight slopes were obtained for more than one 
temperature the heat of activation for diffusion may 
be determined by plotting log 2/(H.CO,) versus 
1/T. Fig. 6 is such a plot giving a value of approxi- 
mately 4.7 kcal for AH, of diffusion of H.CO, through 
the solution. This is of the correct magnitude for 
solution diffusion and lends additional evidence that 
the rising portion of the curves of Fig. 5 involves 
solution diffusion as the slow step. It seems some- 
what surprising that the diffusion of H.CO, rather 
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than some other species is limiting because of the 
expected rapid formation of H.CO, by hydrolysis of 
CO; and HCO; which are present. In spite of this, 
the results depicted in Fig. 5 indicate that the reac- 
tive species in this system is the free or undissociated 
H.CO;. The importance of neutral molecule (hydro- 
lytic) adsorption has been shown in other sys- 
tems.” According to the foregoing interpretation, 
the behavior of H.CO, in the surface reactions must 
be quite complex since the rate was found to de- 
crease asymptotically as the H.CO; concentration was 
increased. The decrease in rate at higher concentra- 
tions strongly suggests competitive adsorption be- 
tween H.CO, and oxygen. 


The rate versus Po, curves of Fig. 2 are satisfied 
by the empirical equation 


Rat [2] 
ate = ——__—_ 
1+ BP”%o. 


This is the form of equation of a typical Langmuir- 
type isotherm in which the concentration of the re- 
actants involves chemisorption. The one-half power 
dependence indicates that oxygen splits between two 
active sites when it is adsorbed on the surface. A 
similar half-power dependence was observed by 
Peters and Halpern® for the dissolution of pitch- 
blende. In that case, however, the value of B (Equa- 
tion [2]) could not be evaluated since the pressure 
range investigated was such that BP”%o, was very 
much less than 1. The temperature dependence of 
B is very important in evaluating the mechanism of 
the slow step of the surface reactions. 

The following mechanism is proposed to explain 
the slow step associated with the surface reactions. 
It is consistent with the rate determinations made 
under the conditions of this study. 

The absorption of oxygen by the solution is a 
fast step and may be considered to be at equilibrium 
according to the reaction 


Kn 
= [3] 


where g and 1 refer to the gas and liquid phases, 
respectively. The term K, is the Henry constant 
representing the equilibrium partition of Equation 
[3]. The adsorption of O, and H.CO, may be repre- 
sented by the equations 
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2|UO, + O, = 2|UO, - O [4] 
UO, + HCO; [5] 


Equations [4] and [5] represent competitive ad- 
sorption of O, and H:CO,, respectively, for an active 


UO, surface site, represented by the notation |UO,. 


These reactions also may be considered to be at 
equilibrium. Such an assumption is valid and sim- 
ply implies that the back reactions (desorption) of 
Equations [4] and [5] are fast compared to the rate 
of removal of the adsorbates as a result of a surface 
reaction. In order to explain the observed kinetics 
it was found necessary to propose as the slow step 
the rearrangement of oxygen on the surface accord- 
ing to a reaction of the type 


| 


The notations used here are not intended to imply 
the actual structure of the surface groups. 
According to absolute reaction-rate theory™ 


AF 


i i 


Rate = kx 


where x is the transmission coefficient (conven- 
tionally taken as unity), k is the Boltzmann con- 
stant, h the Planck constant, 7C,*' the product of 
the concentrations of the reactive species in the slow 
step, x; is the order of the reaction in regard to the 
ith species, AF* is the free energy of activation and 
k’ is the specifie reaction rate constant. In Equation 
[7] the activity coefficients of the reactants and the 
activated complex are assumed to be unity. Accord- 
ing to the model proposed the 7 C,”* term of Equa- 
tion [7] includes the surface area, roughness factor 
(ratio of true surface area to geometric), and the 


concentration of |UO, - O sites. Letting 6, be the 


| 


fraction of potentially reactive sites containing ad- 


sorbed oxygen ( |UO, - O), Equation [7] becomes 
| 


AF 


where ® is the rate per unit measured (geometric) 
surface area and k, includes the surface-roughness 
factor, number of potentially reactive sites per 
square centimeter and conversion units to accom- 
modate the units of the measured rate &. The frac- 
tion of potentially reactive sites covered by adsorbed 
H.CO, may be designated as @.. Accordingly the 
equilibrium constants of Equations [4] and [5] are 


9 
K, Pa [9] 
0 1 
10 
K, [10] 
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— 
= 


where ¢ is the fraction of the potentially reactive 


sites uncovered ( |UO.). The equilibrium constant 


| 


K, includes the Henry constant K, of Equation [3]. 
According to the total surface balance 


[11] 


An expression for 6, may be derived from Equations 
[9], [10] and [11] whereby Equation [8] becomes 


+ 
AF 
1/2 1/2 = 
[12] 


At constant temperature (T) and [H.CO,], Equa- 
tion [12] may be written 


R= k, k’ | | [13] 
1 + K’ Po,'# 
where 
[14] 


K’ = 
+ K; 


Equation [13] is of the same form as Equation [2] 
where A = k,k’K’ and B = K’. The value of K’ and 
k.k’ may be calculated for each rate isotherm of Fig. 
2 by selecting two points on the experimental curve 
and solving them simultaneously. An Arrhenius plot 
of log K’ versus 1/T is shown in Fig. 7. The linear 
dependence means that the quantity K,[H.CO,] is 
not of the order of magnitude of 1; that is, it must 
be much larger or much smaller than 1. Otherwise 
an Arrhenius plot would not result in a straight line 
as is evident from the form of Equation [14]. It is 
also significant that K’ increases as temperature in- 
creases resulting in the negative slope of Fig. 7. If 
kK’ contained only the equilibrium constant for the 
adsorption of oxygen, an Arrhenius plot of log K’ 
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Fig. 7—Arrhenius plot of K’ determined from the isotherms 
of Fig. 2. 
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versus 1/T would have to have a positive slope giv- 
ing a negative enthalpy (AH). The adsorption pro- 
cess of itself must be exothermic, particularly since 
the character of the rate isotherms, Fig. 2, indicates 
that the surface is approaching saturation. The 
negative slope of Fig. 7, therefore, indicates that 
K.[H.CO.] >> 1 and that the net AH calculated 
must contain enthalpy terms for more than one 
adsorption process. Equation [14] thus may be 


written 
[H:CO;] = 


Fig. 8 isa plot of log K,’’/K, versus 1/T. From 
the slope, AH,/2— AH, = 3.6 kcal per mole. The 
positive value indicates that the enthalpy of ad- 
sorption of H.CO, on the surface of UO, has a larger 
negative value than one half the enthalpy of adsorp- 
tion of oxygen on the surface of UO,. The very small 
enthalpy measured its additional evidence of the 
complexity of K’. Such a small value would be un- 
reasonable for the enthalpy of adsorption of oxygen 
alone particularly in view of the fact that chemi- 
sorption occurs, as evidenced by the splitting of oxy- 
gen during adsorption. 

At constant temperature and Po., Equation [12] 
may be written 


1 
Saks | 16 
1+ K” [H.CO;] [16] 
where 
[17] 
ie K,” Po, 


The value of K” may be calculated for any tem- 
perature and Po, from the curve of Fig. 8. The solid 
curves through the data of Fig. 5 to the right of the 
maxima were drawn using Equation [16] and K” 
values calculated from the K,”/K, relationship de- 
termined from the pressure-rate isotherms of Fig. 2. 
The value of k,k’ was determined by passing the 
theoretical curve through one point of the experi- 
mental concentration-rate isotherm. It is evident 
from Equations [13] and [16] that the values of 
k,k’ have been determined for a series of tempera- 
tures for both the pressure-rate and the concentra- 
tion-rate isotherms. The specific rate constant k’ 
contains the heat of activation (AH+) which may be 
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evaluated by plotting log k,k’/T versus 1/T. Fig. 9 
is such a plot. The open circles represent k,k’ values 
determined from the pressure-rate isotherms, Fig. 
_ 2, and the solid points from the concentration-rate 
isotherms, Fig. 5. The value of AH+ was found to 
be approximately 6.7 kcal per mole. The small AH+ 
value representing the slow step of Equation [6] 
suggests that the slow process may not necessarily 


be the formation of |UO, but may simply involve 
| 


surface diffusion of oxygen. The actual reactions 
following the slow step are purely speculative. 

The value of AH for the dissolution of UO, is very 
much smaller than the AH*+ for pitchblende reported 
by Peters and Halpern.” Their values ranged be- 
tween 9.2 and 12.3 kcal per mole dependent upon the 
solution concentration. It was interesting to note in 
this study that, if rates at several temperatures were 
taken at constant pressure from the data of Fig. 2, 
plots of log R/T versus 1/T gave apparent heats of 
activation between 11 and 15 kcal/mole. The lower 
value resulted from rates measured at higher pres- 
sures. This is in the same range as the values re- 
ported by Peters and Halpern. The apparent higher 
activation energy results from the fact that the tem- 
perature dependence of K, and K,z is included in the 
over-all Arrhenius plot. This is made clear upon 
examining Equation [12] under conditions of small 
Pop. 

Under these conditions Equation [12] becomes 


+ 
1 DY, 
| 
(eae 
{H.CO,] 
1 AS1 
= (as + ) 
(exe: 2 [18] 


An Arrhenius plot of Equation [18] gives the 
value of the composite enthalpy 


AH 
AH+ + ae AH, . 


These values have been separated but the composite 
value determined from Figs. 8 and 9 is 10.4 kcal per 
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mole. This value is in the same range reported for 
pitchblende. 

According to the model proposed in which the 
surface slow step involves the rearrangement of 
atomic oxygen on the surface, the entropy of activa- 
tion (AS+) should be very small, and may reason- 
ably be considered to be zero. The only remaining 
unknown in the complete rate equation is k,. Its 
solution is important since it contains the factors 
for the number of reactive sites per square centi- 
meter and surface roughness. Its value for a sur- 
face-roughness factor of unity is approximately 10” 
sites per cm*. A surface-roughness factor of 10 
would reduce this number to 10” sites per cm’. Since 
there are approximately 10° UO, sites per cm’ on 
the solid, the value of k, indicates that less than one 
site in 10,000 is an active site. These active sites are 
probably edges or corners on the surface of the solid 
and may be associated with edge or screw disloca- 
tions. If one assumes the reactive sites represent a 
sequence of steps, 1 molecular unit high, being re- 
moved in layers, there would be less than 3000 such 
steps per square centimeter of the surface. 

It may seem surprising that oxygen and H.CO, 
both adsorb on the same types of active sites since 
there are so few sites available. The fact they do is 
supported by the competitive model necessary to 
explain the observed kinetics. Also there does not 
seem to be a detectable change in the heat of ad- 
sorption with surface coverage. This may be due 
largely to the fact that there are relatively few sites 
present so that surface charge or strain effects are 
minimized. 

Conclusions 

The dissolution of UO, in carbonate solutions may 
be explained as involving competitive adsorption 
between oxygen and undissociated H.CO;. The oxy- 
gen upon adsorption splits between two surface sites. 
The following sequence of reactions is consistent 
with observed rates under various conditions of 


temperature, oxygen overpressure, and solution 
concentration 
1) 2|U0,+0, 2 |UO,-O (equilibrium) 


2) + H.Co, UO, - H.CO; (equilibrium) 
3) uO, - ‘UO, 


4) |UO,-H:CO,> UO.(CO;) -H.0+ |UO, (fast) 
5) W0.(CO,) +2CO,°> UO, (CO) (fast) 

The series of reactions following the slow step is 
only speculative. The presence of the neutral inter- 
mediate complex UO.(CO;) -H,O is simply sug- 
gested as a possible step in the formation of the 
complex ion UO,(CO,);*. Such an intermediate com- 
plex would be very unstable and would be immedi- 
ately removed at or near the solid surface. 

The heat of activation is 6.7 kcal per mole, and 
the competitive adsorption of H.CO; results in a re- 
duction of the rate of dissolution at high concentra- 
tions of H.CO;. Fewer than one site in 10,000 is 
potentially reactive at any one time. Optimum con- 
ditions for the dissolution of UO, are provided under 
conditions of vigorous agitation with the concentra- 
tion of undissociated H.CO, at approximately 1 Xx 
10° moles per liter. 
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Technical Note 


On Deformation Structures in Silver-Gold Alloys 


by R. J. Block, J. B. Cohen, and M. B. Bever 


ECENT investigations have shown that face- 

centered cubic metals may deform by twinning. 
Blewitt, et al’ found that at 4.2°K the mode of de- 
formation of single crystals of copper changed at 
large strains and markings formed on (111) planes. 
Later they” demonstrated by X-ray diffraction and 
metallography that the markings were twins and 
showed that favorably oriented single crystals of 
copper deformed by twinning at 78°K. They also ob- 
served twinning in silver and gold deformed at 4.2 
and 78°K. Wagner® obtained evidence for twinning 
from the peak shape of diffraction lines of silver 
cold-worked at 78°K, but twins small enough to 
cause such effects are not likely to be detected metal- 
lographically. 

In the work reported here lamellar structures 
were observed in deformed silver-gold alloys. They 
appeared to be mechanical twins, but metallography 
could not establish this conclusively. Their tendency 
to form depended on strain rate, temperature and 
composition. 

Specimens of silver-gold alloys (0 to 83 wt pct 
Au) were deformed plastically. One set was worked 
by hammering under liquid nitrogen, at room tem- 
perature and at intermediate temperatures. Another 
set was compressed slowly in liquid nitrogen to the 
same reductions as those produced by hammering. 
Tensile specimens (0.015 x 0.120 x 1.5 in.) of various 
compositions and approximately equal grain size 
(0.011 to 0.016 cm) were tested at —195°C and at 
room temperature. 

In microsections of all specimens deformed by 
hammering at —195°C thin lamellae appeared, Fig. 
1. They were aligned in definite directions in each 
grain. In some grains they had two orientations. 
Where lamellae intersected, a displacement was ap- 
parent. Near the center of the left margin of Fig. 1 
shear has taken place beyond the fully developed 
intersecting lamella. 

Many lamellae resembled Neumann bands in alpha 
iron. They were parallel to one side of triangular 
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etch pits in the matrix (as in Figs. 1 and 2). The 
individual lamellae were narrow and had little sub- 
structure. This suggested that they did not result 
from concentrated local slip. The shape of etch pits 
within the lamellae differed from that of pits in the 
matrix, as can be seen in Fig. 2; this indicated a 
difference in orientation. 

Specimens slowly deformed at —195°C contained 
regions in which the lamellae were clustered. In 
these specimens some lamellae were bent and pre- 
sumably had formed before the termination of the 
deformation. Structures of greater width than the 
lamellae were also seen.* 

More lamellar structures formed on impact than 
during slow compression to a given reduction. This 
was true of all compositions. The structures became 
less abundant with increasing temperature of defor- 
mation. None was observed after extension to frac- 
ture at room temperature, but they could be pro- 


Fig. 1—Micro- 
graph of specimen 
polished and 
etched after de- 
formation by im- 
pact at —195°C. 
83 pct Au. Oblique 
illumination. X500. 
Reduced approxi- 
mately 39 pct for 
reproduction. 


Fig. 2—Micrograph 
of specimen 
polished and 
etched after slow 
compression at 
—195°C. 83 pct 
Au. Oblique illum- 
ination. X1000. 
Reduced approxi- 
mately 39 pct for 
reproduction. 
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a 
Fig. 3—Micrographs of specimens polished and etched after 
elongation in tension at —195°C. X150. Reduced approxi- 
mately 47 pct for reproduction. Left: 10 pct Au; 27.1 pct 
elongation. Right: 83 pct Au; 28.2 pct elongation. Reduced 
approximately 47 pct for reproduction. 


duced in some specimens by hammering at room 
temperature. 

The number of lamellae in specimens extended to 
fracture at —195°C decreased with increasing gold 
content, Fig. 3. This tendency was confirmed by a 
quantitative investigation of photomicrographs, the 
results of which are summarized in Table I. 


Table |. Frequency of Lamellae in Silver-Gold Alloys Extended to 
Approximately Equal Elongations 


Average 
Number 
Percent of Lamellae 
Percent of Grains per Grain 
Compo- Elongation Containing Containing 
sition at —195°C Lamellae Lamellae 
10 pet Au 26.5 100 28 
27.1 83 9 
25 pet Au 30.3 89 12 
33.5 93 11 
75 pet Au 29.4 81 6355} 
33.7 85 4 
31.7 55 2 
83 pet Au 28.2 25 2 
28.2 24 1 


The elongation of specimens extended to fracture 
at —195°C was about twice that of specimens ex- 
tended to fracture at room temperature. The increase 
in ductility and the appearance of lamellar struc- 
tures are believed to be related. 

A polished and etched specimen containing 83 pct 
Au was observed under the microscope while it was 
being squeezed. The specimen and a small vise were 
mounted on a copper rod, the lower end of which 
was immersed in liquid nitrogen; the objective, the 
specimen and the upper end of the rod were enclosed 
in a plastic bag inflated with dry nitrogen. Slip lines 
were observed to form during small reductions at 
—100°C. The specimen was compressed slightly more 
at —137°C, but only additional lines formed. When 
the specimen was examined after polishing and etch- 
ing at room temperature, no structures of the kind 
shown in Figs. 1 and 2 were observed. Appreciable 
deformation was necessary to produce these struc- 
tures. Quenching into liquid helium produced no 
surface relief on a polished specimen. It may be 
concluded that the lamellar structures were not 
associated with a phase transformation. 

In summary, lamellar structures were observed in 
silver-gold alloys deformed under various conditions. 
These structures probably were twins. Their number 
increased with increasing strain rate, decreasing 
temperature and decreasing gold content. Wider 
structures also were present. 
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A Kinetic Study of the Oxidation of Pyrite in 


Aqueous Suspension 


A kinetic study of the oxidation of pyrite in aqueous suspension by molecular oxy- 
gen, at temperatures between 100 and 130°C, is described. The over-all rate of oxidation 
is proportional to the pyrite surface area and to the oxygen partial pressure, and is in- 
dependent of the composition of the solution. However, the latter is important in deter- 
mining the distribution of products. High temperatures and low acidities favor the for- 
mation of sulfuric acid while the opposite conditions are conducive to the production of 
elemental sulfur. The reactions involved and their mechanisms are discussed. 


by D. R. McKay and J. Halpern 


OME of the most important hydrometallurgical 
S developments in recent years relate to processes 
involving the oxidation of sulfide minerals in aque- 

D. R. McKAY, Member AIME, is a Graduate Student, Department 
of Mining and Metallurgy, The University of British Columbia, Van- 
couver, Canada. J. HALPERN, Member AIME, is an Associate Pro- 
fessor, Department of Chemistry, The University of British Columbia. 

TP 4669D. Manuscript, May 31, 1957. 


Transactions of The Metal- 
lurgical Society of AIME 


ous suspension at elevated temperatures by air or 
oxygen under pressure.”” Among these is the acid 
pressure-leach process which has been developed, 
particularly for the treatment of pyritic uranium 
ores.*” In this process, an aqueous suspension of the 
ore is digested in an autoclave, in which an over- 
pressure of air or oxygen is maintained, at tempera- 
tures above 100°C. Oxidation of the pyrite (FeS.) 
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generates sulfuric acid which dissolves (possibly 
also through an oxidation reaction) the uranium. A 
number of advantages, including reduced reagent 
requirements, higher recoveries and greater selec- 
tivity have been claimed for this process over con- 
ventional leaching procedures. Other metals which 
form soluble sulfates also may be extracted by this 
procedure. 

Apart from a few measurements (under rather 
different conditions) reported recently by Warren, 
this appears to be the first detailed investigation of 
this system. Previously a kinetic study of the oxida- 
tion of pyrite in aqueous caustic solutions, where 
both the products and mechanisms of the reaction 
are substantially different from those in acid solu- 
tion, has been described.’ Of considerable related 
interest is an examination by Bruce and Downes’ of 
the oxidation of pyrrhotite (FeS) in aqueous solu- 
tion. Other sulfide minerals whose oxidation in 
aqueous suspension has been studied include pent- 
landite,’ galena,”™" and molybdenite.” Also of re- 
lated interest are investigations of the oxidation of 
pyrite and of galena in aqueous suspension using 
chlorine instead of oxygen as the oxidizing agent.” 
The physical chemistry of all these systems has been 
reviewed recently.” 

One noteworthy feature of the present investi- 
gation is the demonstration, for the first time, of 
conditions under which elemental sulfur is formed 
as a major product of the aqueous oxidation of py- 
rite. Previous investigators’”*” have claimed that 
pyritic sulfur is oxidized exclusively to sulfate. 


Chemistry of the System 

In most of the experiments, the oxidation of py- 
rite was found to yield only the following products: 
Ferrous sulfate, ferric sulfate, sulfuric acid and ele- 
mental sulfur. No sulfur products of intermediate 
oxidation state, such as thiosulfate or thionates, 
were detectable under any conditions and hydrogen 
sulfide could be detected only when oxygen was 
absent. At the highest temperatures and lowest 
acidities used, ferric sulfate tended to hydrolyze, 
resulting in the precipitation of ferric hydroxide or 
basic ferric sulfate, but the conditions in most of the 
experiments were such that this complication was 
not encountered. 

The distribution of products varied not only with 
the conditions used but also during the course of 
any given experiment. This indicates, as might be 
expected, that the oxidation of pyrite is not a simple 
process, but probably involves several chemical re- 
actions occurring simultaneously and/or consecu- 
tively. Fortunately, the chemistry of the system is 
relatively simple and sufficiently well established, 
that it should be possible to recognize at the outset 
all the separate reactions which are likely to con- 
tribute to the over-all chemical change. 

Thus, the oxidation of pyrite by oxygen may be 
represented by two main reactions 


FeS, + FeSO, +S [1] 
and 


2FeS, + 70, + 2H,O > 2FeSO, + 2H,SO, [2] 


Pyrite might also be decomposed by sulfuric acid 
without the involvement of oxygen; i.e. 


FeS, + H,SO,> FeSO, + H.S +S [3] 


The hydrogen sulfide thus produced can be oxidized 
by oxygen; i.e. 


+ O,> 2H.0 4+ 2S [4] 
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H.S + 20.—> H,SO, [5] 


The only plausible reaction for the formation of 
ferric sulfate is the oxidation of ferrous sulfate by 
oxygen; 1.e. 


4FeSO, + O, + 2H.SO,—> 4Fe(SO,)i5 +'2H:O [6] 


Ferric sulfate may contribute to the oxidation of 
pyrite and of hydrogen sulfide; i.e. 


9FeSO,+ 4H.SO.+S Eval 
FeS,+14Fe(SO,):;+8H,O> 15FeSO,+ 8H.SO, [8] 

H.S + 2FeSO,+ H.SO.+S [9] 
HLS + + 4H.0 > 8FeSO, + 5H.SO, [10] 


Once formed, elemental sulfur may be oxidized 
further to sulfate by oxygen or ferric sulfate; 1.e. 


2S + 30, +2H,0 > [11] 
S + 6Fe(SO,),; 4H.O > 6FeSO, + 4H,SO, 


The foregoing reactions are intended to include 
all those which appear reasonable on chemical and 
energetic grounds and which involve only the ob- 
served “stable” reactants and products; i.e., those 
which are present in measurable amounts. It is 
recognized, of course, that many of these reactions 
occur by complex mechanisms involving the for- 
mation of various more or less unstable intermedi- 
ates (e.g., peroxides, thiosulfates, thionates, and 
so on); these must however decompose or undergo 
further reactions rapidly to form “stable’’ species; 
thus in representing the observed changes (without 
considering their mechanisms) only these ultimate 
species need to be considered. Furthermore the 
formulas used in the foregoing equations, i.e., FeSO,, 
Fe(SO,).,; H.SO, and H.S, are not intended to rep- 
resent the actual forms of the various species in 
solution, but only their oxidation state and the 
stoichiometry of the net reaction. The extent of dis- 
sociation of most of these species is variable and 
uncertain to a considerable degree. 

While it is formally possible to formulate a series 
of kinetic equations, to represent the change in the 
concentration of each reactant and product in terms 
of the rates of various combinations of the forego- 
ing reactions, the complexity of these equations 
(because of the large number of contributing re- 
actions) is so great as to render them of little value 
in analyzing the over-all kinetic pattern. A some- 
what more fruitful approach which was adopted in 
this investigation, was to attempt to assess the con- 
tributions of several of these reactions, e.g., [3], [7], 
[8], etc., to the over-all oxidation of pyrite, by ex- 
amining them separately. 

Many organic and inorganic oxidation reactions” 
including the oxidation of ferrous salts in aqueous 
solution,” show marked susceptibility to catalysis 
by traces of transition metal ions, especially Cu‘; 
in some cases, e.g., the oxidation of sulfite, Cu‘* also 
influences the nature of the products which are 
formed.” It was recognized that this may be an im- 
portant practical factor in the aqueous oxidation 
of pyrite, especially since pyritic ores frequently 
contain copper impurities. Therefore a substantially 
copper-free pyrite sample was used in this investi- 
gation and the effect of copper on the oxidation was 
examined systematically by controlled additions of 
copper sulfate to the solution. 
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Table I. Screen-Size Distribution 


Standard Tyler 
Screen Frac- 


tion, Mesh Weight Percent 


+100 0.1 
—100 +150 05 
—150 +200 28 
—200 +270 19.8 
—270 +325 64.3 
—325 12.5 


Experimental 


Materials—The pyrite used in the oxidation ex- 
periments was a carefully prepared flotation con- 
centrate, supplied by the Division of Mineral Dress- 
ing and Process Metallurgy of the Mines Branch, 
Ottawa. It had the following analysis: Fe-46.22 pct; 
S-51.40 pct; Cu-0.01 pct. The analytical S to Fe 
atom ratio (1.95) is close to the theoretical value 
for FeS.. 

Unless otherwise specified, the samples used in 
the kinetic experiments had screen-size distribution 
(designated as “normal’’) given in Table I. 

To determine the effect of particle size on the oxi- 
dation of pyrite comparative experiments also were 
made using, separately, the —150 +200 and the 
—270 + 325 fractions of this material. 

The specific surface areas of the different frac- 
tions were estimated by the method of Brown,” the 
“shape factor” for each fraction being determined 
by microscopic examination of the particles. The 
following values were obtained: 


Particle-Size Specific Surface 


Distribution Area, cm’ per g 
Normal 530 

—150 + 200 275 

—270 + 325 540 


For comparative purposes, a few experiments 
were made with a pyrite sample obtained from a 
different source. The results were substantially 
similar to those obtained with the standard mate- 
rial. 

Distilled water, reagent-grade chemicals and 
commercial oxygen were used throughout. 

Analytical—Solutions were analyzed for Fe(II) 
by titration with potassium dichromate using di- 
phenylamine as indicator. The same titration, fol- 
lowing reduction of Fe(III) with stannous chloride, 
gave the total Fe concentration. Fe(III) was deter- 
mined from the difference between the two titra- 
tions. SO,- was determined gravimetrically as BaSO,. 
Prior oxidation of the solution with bromine never 
resulted in an increase in the SO, concentration 
indicating that (as expected for acid solutions under 
oxidizing conditions) no other sulfur-containing 
species were present. Because of complications due 
to hydrolysis of the iron salts present, the acid con- 
centration could not be determined conveniently by 
titration or pH measurements. However since the 
solutions were known to contain only ferrous sul- 
fate, ferric sulfate and sulfuric acid (when copper 
sulfate was present an additional correction had to 
be made) the concentration of the latter could be 
estimated reliably from the stoichiometric relation 
(II) ]—1.5[Fe(11)] [13] 
Copper concentrations were measured electrolyti- 
cally. 
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The iron and total sulfur content of the pyrite and 
oxidized residues were determined by the same ana- 
lytical procedures following suitable digestion of 
the solid samples. The elemental sulfur content of 
the residues was determined from the weight loss 
on extraction with boiling aniline, followed by 
washing with hot toluene, ethyl alcohol and ether. 

Oxidation Experiments—The oxidation experi- 
ments were conducted in a stainless-steel cylindri- 
cal autoclave of 7-in. ID and 11-in. height. A stirrer 
shaft, thermometer well, cooling-water coil and 
sampling tube, extending nearly to the bottom, were 
connected through the bolted lid. The contents of 
the autoclave were stirred by two 3-in. impellers, 
which were generally rotated at 900 rpm. The auto- 
clave was heated externally with a gas burner. 
Heating and cooling were regulated by means of a 
Wheelco controller actuated by a platinum resist- 
ance thermometer; the temperature of the autoclave 
was thus controlled to +3°C. The partial pressure 
of oxygen was held constant throughout each ex- 
periment by means of a standard diaphragm regu- 
lating valve. 

A solution or pulp (usually 5 1) of initially known 
composition was placed in the autoclave and main- 
tained, with stirring, at a constant temperature and 
partial pressure of oxygen. The duration of each 
experiment was 6-8 hr, during which 30 to 50 pct 
of the pyrite was generally oxidized. Samples were 
removed from the autoclave periodically and fil- 
tered to separate the solution from the pyrite res- 
idue comprising the unoxidized pyrite and the ele- 
mental sulfur product. The solutions were analyzed 
for FeSO,, Fe(SO:;).,, and H.SO, as described pre- 
viously. The total Fe content of the solution was 
usually used as a measure of the amount of FeS, 
oxidized, and the amount of elemental sulfur was 
normally estimated from the product material bal- 
ance, i.e. 


[S*] = [S ]rotai—LSOe | rota =2 [Fe] rora—[SO¢ J rotar 


where the terms refer to the concentration of the 
various products.* Periodic analytical checks which 


*To facilitate comparisons and calculations the amounts of all 
reactants and products, including the solids such as FeS2 and S° are 
expressed in concentration units; i.e., moles per liter of solution. 


always gave satisfactory material balances, con- 
firmed the validity of this procedure. 

The H.SO, and S° estimations are believed to be 
reliable to about +10 pct; the precision of the other 
determinations is about +5 pct. The reproducibility 
of the rate measurements is about +8 pct. 


Results and Discussion 


Oxidation of Ferrous Sulfate—At the outset, a 
detailed kinetic study was made of the oxidation of 
ferrous sulfate in aqueous solution, since this ap- 
peared to be an important reaction in the over-all 
oxidation of pyrite, and one which conveniently 
could be examined separately. In view of the publi- 
cation of a recent paper on this reaction by Huff- 
man and Davidson," only a brief summary of our 
results will be given here. 

The reaction, Equation [6], is fairly slow. At 
100°C, and an O, partial pressure of 3 atm, only 
about 75 pct of the FeSO,, in a solution containing 
initially 0.05M FeSO,, and 0.08M H,SO,, is oxidized 
to Fe(SO,),.; in 8 hr, as shown in Fig. 1. 

The kinetics of the reaction were found to be of 
second order in FeSO, and first order in O.; ie. of 
the form 
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Fig. 1—Oxidation 
of ferrous sulfate. 
100°C; 3 atm O2; 
0.08M H:SO,. 


0-03 


CONCENTRATION — MOLE LITER” 
° 
fo} 
n 


2) 


1 1 
ie} 100 200 300 400 500 


TIME ~- MINUTES 


d[Fe(SO.).s] _ —d[FeSO,] 
dt dt 


=k,[FeSO,]? Po. [14] 


which gives, on integration, 
il 1 
[FeSO, ] [FeSO,]> 


ky: Poo: t [15] 


where Po, is the oxygen partial pressure, and 
[FeSO,]., is the initial FeSO, concentration. 

Since Po. was constant throughout each experi- 
ment, a plot of [FeSO,]~ versus t, should be linear 
with a slope of k,Po. and an intercept of [FeSO,],”. 
The plots in Fig. 2 are in accord with this. The value 
of k, at 100°C, calculated from the slopes of these 
plots, is 0.025 1 m™* atm™ min™. 

It was established that the reaction is homogene- 
ous and not limited by the rate of solution of oxygen. 

Rate measurements at different temperatures be- 
tween 100 and 130°C gave a good Arrhenius plot 
which was fitted by the equation 
k, = 6 X 10’ exp[—16,500/RT]1m“ min” [16] 

k, was found to decrease slightly with increasing 
H.SO, concentration, the empirical relation being of 
the form k[H.SO,]~°’. 

A number of earlier investigators” have reported 
that the oxidation of ferrous salts is catalyzed by 
cupric salts. In view of its possible importance rela- 
tive to the oxidation of pyrite, this effect was sub- 
jected to a detailed examination. The addition of 
CuSO, was found to increase the rate of oxidation of 
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order plots for 
oxidation of ferrous 
sulfate, in 0.08M 
H.SO, at 100°C. 
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FeSO,, the magnitude of the effect falling off with 
increasing CuSO, concentration. The reaction re- 
mained substantially second order in FeSO, The 
catalytic contribution was found to be kinetically of 
the form 


—d[FeSO,] 
dt 


where the value of k, at 100°C and 0.08M H,SO, is 
atm amin. 

An analogous catalytic effect has been reported 
in perchlorate solutions.” On the other hand Huff- 
man and Davidson" found the catalytic reaction in 
sulfate solutions to have the kinetic form, k[FeSO,] 
[CuSO,]. The reason for the discrepancy between 
the results of the latter investigators and those re- 
ported here is not clear. Nor is the mechanism of the 
ecupric-salt catalysis fully understood. 

This aspect of the investigation was not pur- 
sued further since the results just summarized were 
considered adequate to assess the role of the fer- 
rous-sulfate oxidation step in the over-all oxidation 
of pyrite. 

Oxidation of Pyrite—An examination was made 
of the effects of the following variables (over the 
range given) on the kinetics of the oxidation of 
pyrite and on the distribution of products: 


k,[FeSO,]? [CuSO.]"* Po. [17] 


Initial acid concentration: 0 to 0.15M H.SO, or 
HCI1O, 

Stirring velocity: 600 to 1180 rpm 

Pyrite surface area: 275 to 540 cm’ per g 

Pulp density: 2 to 8 pct solids (0.165 to 0.66 
M-FeS./1) 

O, partial pressure: 0 to 4 atm 

Temperature: 100 to 130°C 

Effects of adding FeSO,, Fe(SO.);; and CuSO, 


Most of the experiments were made using solu- 
tions containing initially 0.075 M H.SO,. Lower acid- 
ities were avoided for fear of complications due to 
hydrolysis of ferric sulfate and precipitation of fer- 
ric hydroxide or basic ferric salts (particularly at 
high temperatures). Much higher acidities (above 
0.15M H.SO,) could not be used because of the 
corrosiveness of the resulting solutions. 

The results of a typical oxidation experiment, at 
110°C, 4 atm O.,, are depicted in Fig. 3, by means of 
rate plots showing changes in the concentrations of 
FeS, and of the various oxidation products with 
time. All the points (including those for S°) are 
based on analytical measurements which gave an 
excellent material balance. During the course of 
6 hr about 35 pct of the FeS, originally present was 
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oxidized. Throughout this period the kinetics of the 
reaction appear to be of zero order; i.e., the total rate 
of oxidation of FeS, remains constant (in agreement 
with the observations of Warren’). This is reflected 
in the linearity of the rate plots for FeS,, Ferota; and 
Sota. However the distribution of products, shown 
in Fig. 4, varied as the reaction proceeded, the main 
trends being a marked increase in the Fe(III) to 
Fe(II) ratio and a slight decrease (from about 45 
to-30 pct) in the fraction of sulfur which is con- 
verted to S®. The proportion of sulfur which appears 
as free H.SO, remains substantially constant (7.5 
pct). 

Effect of Stirring—Varying the stirring velocity 
between 600 and 1180 rpm had no effect on the re- 
action indicating that the rate is not physically con- 
trolled; i.e., by gas absorption or diffusion. Other 
features of the kinetics to be described, e.g., the high 
activation energy, are consistent with this. 


Effect of Surface Area and Pulp Density—tThe ef- 
fects of varying the pulp density and the specific 
surface area of the pyrite (estimated as described 
earlier) are shown by the linear rate plots in Fig. 5. 
The total rates of oxidation, corresponding to the 
slopes of these plots, are directly proportional to the 
total (macroscopic) surface area of the pyrite, Fig. 6. 
The rate of reaction thus appears to be determined 
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by a heterogeneous process on the pyrite surface. 
The distribution of reaction products is shown in 
Fig. 7. The distribution of sulfur oxidation products 
appears to be substantially the same for all the ex- 
periments. On the other hand the Fe(III) to Fe(II) 
ratio, while independent of the specific area of the 
pyrite, increases with the pulp density used. This 
can be explained by the fact that the rate of oxida- 
tion of Fe(II) to Fe(III) is of second order in 
Fe(II); thus higher concentrations favor the forma- 
tion of Fe(III). 


In view of the demonstrated first-order depend- 
ence of the rate of oxidation of pyrite on its surface 
area, the consistently observed linearity of the rate 
plots is surprising. Most of the experiments were 
continued until 25 to 50 pct of the pyrite initially 
present was oxidized and leached. It might be ex- 
pected that the resulting reduction in the size of the 
pyrite particles would be accompanied by a decrease 
in surface area which would lead to a progressive 
reduction in the rate as the reaction proceeded. The 
simplest explanation of this apparent anomaly is 
that the leaching is accompanied by an increase in 
surface roughness which compensates for the re- 
duction in.macroscopic surface area, the actual area 
thus remaining approximately constant. Microscopic 
examination of some large pyrite crystals which 
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were subjected to oxidation revealed a considerable 
degree of surface etching which provides support 
for this interpretation. 

Effect of Initial Acid Concentration—The results 
of four experiments made with solutions containing 
different initial concentrations of H.SO, ranging 
from 0 to 0.15 M are shown in Figs. 8 and 9. The 
most marked effect of this variation is on the distri- 
bution of sulfur products. In the absence of any 
H.SO, initially, all the sulfur in the pyrite is oxi- 
dized to the sulfate form, of which nearly half ap- 
pears in the solution as free H.SO, (the rest as fer- 
rous and ferric sulfates); no elemental sulfur is 
formed. On the other hand when the solution con- 
tained 0.15 M H.SO, initially, no further H.SO, was 
formed and nearly half the sulfur in the pyrite was 
converted to the elemental form. With initial H.SO, 
concentrations of 0.02 and 0.075M, intermediate 
sulfur product distributions were obtained. Thus the 
aqueous oxidation of pyrite does not appear to be 
an efficient process for generating H.SO,, unless the 
acidity of the leaching solution is very low (less 
than 0.1M). This provides the system with a self- 
buffering (pH ~1) mechanism which may be an 
advantage for certain applications. 

Apart from a small induction period which was 
observed when no H.SO, was present iiitially, 
varying the H.SO, concentration appeared to have 
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little effect on the total rate of oxidation of pyrite, 
Fig. 8, or on the Fe(III) to Fe(II) ratio, Fig. 9. 

Two comparable experiments were made in which 
the solutions containing initially 0.075M H.SO, and 
0.09M HClO,, respectively (both corresponding to 
approximately the same pH of 1.1). The total oxida- 
tion rates and the distribution of sulfur products 
were identical, indicating that the effects described 
in the foregoing are not specific to H.SO, but rather 
are due to the H* ion concentration. However the 
Fe(III) to Fe(II) ratio was found to be slightly 
higher in the H.SO, solution, consistent with ob- 
servations””* that the rate oxidation of Fe(II) is 
higher in a sulfate than in a perchlorate medium. 

Effect of O, Pressure—Rate plots for a series of 
experiments in which the O, partial pressure was 
varied from 0 to 4 atm are shown in Fig. 10. The 
total rate of oxidation of pyrite, corresponding to 
the slopes of these plots, was found to be directly 
proportional to the partial pressure of O., Fig. 11, 
in contrast to the results of Warren® who reported a 
0.5-order dependence. The distribution of oxidation 
products was not affected by variation of the oxygen 
pressure. 

The experiment in which O, was absent is of 
special interest. During the first 2 hr a small amount 
(about 3 pet as measured by the total Fe content 
of the solution) of the pyrite was decomposed after 
which no further change occurred. The presence of 
H.S in the autoclave was detectable, suggesting that 
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the reaction occurring may be that represented by 
Equation [3]. Only about 10 pct of the H.SO, ini- 
tially present was consumed during the course of 
this reaction so it is unlikely that its termination is 
due to this cause. A more plausible explanation is 
that the reaction is confined to a small portion of the 

“pyrite”, possibly the oxidized surface material or 
a pyrrhotite impurity, and that the bulk of the py- 
rite itself is not readily decomposed by dilute acid in 
the absence of oxygen. 

These observations are of interest in view of an 
earlier suggestion® that the formation of elemental 
sulfur during the oxidation of pyrrhotite is due to 
a mechanism involving the decomposition of pyr- 
rhotite by acid, i.e. 


FeS + H,SO,> FeSO, + HLS [18] 


followed by oxidation of the H.S (Equation [4]). 
The foregoing results make it appear unlikely that 
the formation of elemental sulfur during the oxida- 
tion of pyrite occurs by an analogous mechanism. 

Effect of Temperature—Rate plots for oxidation 
experiments at temperatures ranging from 100 to 
130°C are shown in Fig. 12. The temperature co- 
efficient of the rate corresponds to an activation 
energy of 13.3 (+2) k cal per mole. This is some- 
what lower than the value of 20 k cal per mole de- 
termined by Warren from measurements of the rate 
of oxidation of pyrite at higher temperatures (130 
to 210°C): 
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The rate law for the oxidation of pyrite can be 
represented by 


—d[FeS, ] 


dt — ks Aress Pos 


[19] 


where [FeS,.] is the “concentration” of pyrite in 
m per 1, Ares, is the macroscopic surface area of the 
pyrite in cm’ per 1 and Po, is the partial pressure of 
oxygen in atmospheres. 

The experimental data lead to the following ex- 
pression for k,, 


k, = 0.125 exp[—13,300/RT]m cm” atm“ min* [20] 

As shown in Fig. 13, varying the temperature had 
a marked effect on the distribution of the sulfur oxi- 
dation products. With increasing temperature the 
formation of sulfuric acid was favored at the ex- 
pense of elemental sulfur. It seems likely that the 
earlier failure by Warren® to detect elemental sul- 
fur as a product of the oxidation of pyrite is due to 
the much higher temperature range (130 to 210°C) 
in which the reaction was studied. The Fe(III)- 
Fe(II) distribution does not appear to be strongly 
temperature-dependent, Fig. 13. 

Effect of Ferrous and Ferric Sulfates—Since fer- 
rous and ferric sulfate accumulate in the solution 
during the leaching of pyrite, it was considered of 
interest to examine their possible effects on the re- 
action. 

The results of an experiment in which 0.33 m per 
1 FeS, was treated at 110°C, in the absence of oxy- 
gen, with a 0.075 M H,SO, solution containing 0.055 
M Fe(SO,);,; are depicted in Fig. 14. It is seen that 
in the course of about 2 hr the Fe(III) was com- 
pletely reduced while some FeS, was oxidized and 
leached. However the amount is small compared to 
that oxidized under the same conditions when O, is 
present, Fig. 10. The reactions involved in the oxi- 
dation of pyrite by ferric sulfate are presumably 
those represented by Equations [7] and [8] (un- 
fortunately the measurements were not sufficiently 
sensitive to permit the relative contributions of 
these two reactions to be estimated). The cyclic 
process, comprising either or both of these reactions, 
followed by re-oxidation of FeSO,, Equation [6], 
could provide a path for the oxidation of pyrite by 
O., in which FeSO, and Fe(SO,)1; act as catalysts. 
Therefore, it might be expected that the addition of 
FeSO, or Fe(SO,),.; to the solution would accelerate 
the oxidation of pyrite by O.. However even if the 
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oxidation of FeS, by Fe(SO,),.; is fairly rapid as the 
results in Fig. 14 suggest, calculations based on 
Equations [14] and [16] demonstrate that the sub- 
sequent re-oxidation of the FeSO, is much slower 
than the observed rate of the direct oxidation of 
Fes, by O.. 

In accord with this it was found that the initial 
addition of up to 0.1M FeSO, (of the same order as 
the concentrations resulting from the oxidation of 
pyrite) did not have an appreciable effect on the 
rate of oxidation of pyrite by 4 atm O, in a 0.075M 
H.SO, solution at 100°C. Hence it may be concluded 
that Reactions [7] and [8] are not important in the 
over-all oxidation of pyrite (except possibly in de- 
termining the Fe(III)-Fe(II) distribution). 

Effect of Copper Sulfate—The addition of up to 
0.077M CuSO, to the leaching solution, was found to 
have very little effect on the rate of oxidation of 
pyrite and on the distribution of the sulfur oxida- 
tion products. However, a definite trend could be 
noted in the direction of an increased Fe(III) to 
Fe(II) ratio as the CuSO, concentration was in- 
creased, Fig. 15. This is consistent with the earlier 
observation that CuSO, catalyzes the oxidation of 
FeSO,. The fact that this does not result in a notice- 
able increase in the rate of oxidation of pyrite, sup- 
ports the earlier conclusion that the cyclic path 
comprising Reaction [7] (or [8]) and [6] does not 
contribute significantly to the oxidation of pyrite. 

It is also of interest to note that CuSO, does not 
catalyze the direct oxidation of FeS, by O,. It pre- 
viously had been suggested* that such catalysis 
might result from a mechanism involving the re- 
placement of CuSO, by FeS,; e.g. 


FeS. + CuSOQ,—> CuS +-FeSO.+ S [21] 


followed by rapid re-oxidation of the CuS by O. to 
CuSO,. This does not appear to occur. 


Conclusions 

A number of conclusions concerning the mech- 
anism of oxidation of pyrite in these systems, may 
be derived from the foregoing results. 

1) The rate-determining step in the oxidation of 
pyrite is apparently a heterogeneous process on the 
pyrite surface which involves only an O, molecule. 
This is supported by the observation that the rate 
is first order in O, and independent of the solution 
composition; i.e., the concentrations of H*, Fe(II), 
Fe(III), Cu(II), SO,, etc. From this it may be con- 
cluded that, at least at moderately high O, pres- 
sures, the reactions represented by Equations [3], 
[4], [5], [7], £8], [9] and [10], while they un- 
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doubtedly occur, do not make important contribu- 
tions to the oxidation of pyrite, or to the formation 
of the observed reaction products. 

2) Reaction [6] determines the ratio of Fe(III) 
to Fe(II) in the solution but has no effect on the 
oxidation of pyrite. 


3) The formation of elemental sulfur is favored 


principally by high acidities and low temperatures. 
Conversely, low acidities and high temperatures 
favor the formation of sulfuric acid. 

4) The simplest interpretation consistent with 
all these observations is that the oxidation of pyrite 
occurs predominantly by Reaction [1] leading ini- 
tially to the formation of FeSO, and S’. A plausible 
mechanism (although not the only conceivable one), 
for this reaction, consistent with the observed ki- 
netics, might involve the following sequence of 
steps: 

a) O, is chemisorbed rapidly on the pyrite sur- 
face, which is thus always covered by a monolayer 
of oxygen, comprised of one O, molecule at each 
FeS, site; 


FeS, + O.(aq) > FeS,:O, [22] 
fast 
b) The slow step in the reaction is the attack of 
a second O, molecule on an O,-covered site; i.e. 


ks 
FeS,-O, + O,(aq) > [FeS.-20.]+ > FeSO,+S’ [23] 
slow (S) 


The frequency in Equation [20] corresponds to an 
apparent entropy of activation of about —18 cal per 
mole°C (the standard state of O. being taken as the 
dissolved molecule at a concentration of 1 m per 1) 
which is not unreasonable for a rate determining 
Process [23], involving the adsorption of a species 
from solution onto a solid surface. 

According to this interpretation, the subsequent 
oxidation of FeSO, and S’, i.e., Reactions [6] and 
[11] determines the ultimate distribution of prod- 
ucts. This would require that the oxidation of S° 
to H.SO, is favored by high temperatures and low 
acidities. 

An alternative interpretation, also consistent with 
the observed kinetics, is that S° is not an intermedi- 
ate in the formation of H.SO., but that S° and H.SO, 
are produced by simultaneous competing paths 
(corresponding to Reactions [1] and [2]), from a 
common intermediate which is, in turn formed in 
the rate-determining reaction between FeS, and O.. 

It is possible that a separate kinetic study of the 
oxidation of elemental sulfur in aqueous suspension 
would heip to distinguish between these two alter- 
natives and to throw further light on the mecha- 
nism of sulfide oxidation reactions in general. A ki- 
netic study of the oxidation of pyrrhotite, a reac- 
tion which has thus far been examined only quali- 
tatively,* would also be of considerable interest. 
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Technical Note 


Observations on Microcrack Formation in Hydrogen-Embrittled Zirconium 


by A. P. Young and C. M. Schwartz 


oo is noticeably embrittled at room tem- 
perature by hydride precipitate not only in 
notch-impact tests but also in tensile-impact tests. 
The embrittlement in slow-strain tensile samples is 
much less severe. To understand better the relation- 
ship of the hydride precipitate to the strain-rate 
effect in tensile samples, the surfaces of chemically 
polished zirconium tensile samples strained at a slow 
rate (0.03 in. per min head speed) and at an impact 


Fig. 1—Electron micrograph of the surface of a coarse-grain 
hydrogenated tensile-impact zirconium sample showing a hole 
opposite tip of a lens-shaped twin which terminates on a 
hydride needle. X12,000. Reduced approximately 41 pct for 
reproduction. 


rate (18.1 fps hammer speed) were examined in the 
light and electron microscopes. Vacuum-degassed 
samples and hydrogenated samples (100 ppm hydro- 
gen) were examined. The hydrogenated samples 
were slow cooled from 800°C. 

The most apparent difference between slow-strain 
and impact tensile samples was the preponderance 
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Fig. 2—Crack on 
surface of a coarse- 
grain hydrogenated 
tensile-impact zir- 
conium sample. 
Hydride particles 
above crack indi- 
cate that crack was 
parallel to a row 
of hydride par- 
ticles. X150. Re- 
duced approxi- 
mately 35 pct for 
reproduction. 


Fig. 3—Crack in 
interior of a coarse- 
grain hydrogenated 
tensile-impact 
sample as revealed 
by chemical polish- 
ing. Note row of 
hydride particles 
above crack indi- 
cating that crack 
was parallel toa 
row of hydride par- 
ticles. X200. Re- 
duced approxi- 
mately 35 pct for 
reproduction. 


of twinning over slip in impact samples as opposed 
to relatively little twinning in slow-strain samples. 
The twin bands in hydrogenated samples often ter- 
minated on hydride needles as seen in Fig. 1. Almost 
opposite the twin terminus is a fine crack and a 
nearly round fissure. Holes near the areas where 
single lens-shaped twins or opposing pairs terminate 
on hydride particles also could be seen in the light 
microscope. Quite frequently, microcracks associated 
with a partial row of hydride particles were visible, 
as in Fig. 2, indicating that the crack was parallel to 
a row of hydride particles. 

Some samples were chemically polished after 
straining to remove metal with a minimum of dis- 
turbance of internal voids. Fig. 3 shows a crack in 
the interior of a hydrogenated impact sample. Holes 
along grain boundaries were seen after impact in 
both degassed and hydrogenated samples. Very few 
microcracks were seen in degassed samples after im- 
pact or slow strain, or in hydrogenated samples after 
slow strain. 
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Fig. 4. Schematic 
showing twin bands 
terminating on 
hydride needles. 
Area between 
broken lines would 
have twinned had 
there been no 
hydride present. 


(b) Opposing lens shaped twins. 


The manner in which the termination of twins on 
hydride needles may lead to the formation of holes 
and cracks is indicated in Fig. 4. The area between 
the dotted lines is a region with considerable elastic 
strain energy, which can be relieved either by part- 
ing at the hydride-zirconium interface or by fracture 
of the hydride. Generally, because of the ductility of 
zirconium the holes would be small, as in Fig. 1, but 
if the twinning were heavy enough, the holes could 
join to form a continuous crack as in Figs. 2 and 3. 
It is likely that the strain-rate effect in hydrogenated 
zirconium is related to the formation of microcracks 
in the neighborhood of hydride precipitate in tensile- 
impact samples. 
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Creation of Cleavage Steps by Dislocation 


By comparing cleavage-step patterns and dislocation etch-pit patterns in LiF crystals, it is shown 
that screw dislocations always produce cleavage steps on fractured surfaces. Edge dislocations do 
not have this effect. Using cleavage-step patterns as a tool, the phenomenon of crack nucleation of 
dislocations was investigated. It was found that out of 32 kinds of crystals, cracks nucleated dis- 
locations in 25 kinds, 5 cases were doubtful, and no evidence of crack-nucleated dislocations could 


be found in 2 kinds. 


by J. J. Gilman 


W HEN a cleavage crack that is moving through 
a crystal intersects a screw dislocation, a jog 
is created in the crack front. As the crack continues 
to move, the jog leaves behind a cleavage step. This 
mechanism was proposed by Amelinckx and Votava,'’ 
Pratt,’ and Gilman* at about the same time. At that 
time the evidence for the mechanism was largely 
indirect. Other evidence has been presented by 
Low,’ Bilby and Smith,’ and Forty.’ It is the purpose 
of this paper to present more direct evidence of this 
mechanism and to show that observations of cleav- 
age steps can be used to detect screw dislocations. 


Experimental 

Lithium-fluoride crystals that were purchased 
from the Harshaw Chemical Company, as well as 
natural mineral crystals and metal crystals, were 
used in the experiments. 

Although cleavage steps can be observed on 
transparent crystals with a metallurgical micro- 
scope, the contrast is poor. Marked improvement in 
the contrast is obtained by depositing thin (1000A) 
films of silver or aluminum onto the surfaces. The 
contrast also can be improved by using a phase- 
contrast microscope, but the simpler  silvering 
method gives just as good results. 

Tolansky interferometric microscopy, and elec- 
tron microscopy were used to measure the heights 
of cleavage steps. 

The etching techniques developed by Gilman and 
Johnston® were used to detect dislocations in the 
LiF crystals. 
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Results 

The dislocations that create cleavage steps can 
originate in three ways: 

a) They can be grown into crystals 

b) They can be introduced by plastic deformation 
prior to cleavage 

c) They can be formed just in front of the tip of 
a propagating cleavage crack.’ 

These three situations will be considered in turn. 

Grown-in Dislocations—It is not possible to see 
the individual monomolecular cleavage steps that 
emanate from isolated screw dislocations in crystals. 


Fig. 1—Cleavage steps that formed when a crack intersected 
a tilt-twist boundary in LiF. Crack moved from top to bottom. 
Twist angle = 0.85°; tilt angle = 0.87°. X250. Reduced 
approximately 28 pct for reproduction. 
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However, as-grown crystals often contain low-angle 
crystal boundaries of the twist type. These contain 
a grid of closely spaced screw dislocations’ and 
when a crack passes through one of these bound- 
aries, a large number of steps is left behind: An 
example is shown in Fig. 1. Since this same struc- 
ture would be expected even if the twist boundary 
did not consist of screw dislocations, this is not con- 
vineing evidence that cleavage steps are always 
formed at screw dislocations. Better evidence will 
be presented in the following. 

Dislocations Introduced by Prestrain—If a lith- 
jum-fluoride crystal is prestrained a small amount 
(0.3 pet in compression) and then cleaved, cleav- 
age-step patterns like that of Fig. 2 result. Both 
halves of a cleaved crystal are shown in this figure. 
One was etched after cleavage and the other was 
not. Matching fields are shown (one photograph was 
reversed during printing in order to simplify a com- 
parison of the two fields). 

The first thing that may be noticed in Fig. 2 is 
that there is a correlation between the cleavage- 
step pattern and the pattern of glide bands which 
were introduced by the prestrain. The glide bands 
that run vertically in the photograph lie parallel to 
[100] and hence contain screw dislocations.* Those 
that run diagonally contain edge dislocations. It is 
immediately apparent that edge dislocations have 
little or no influence on the cleavage-step pattern 
whereas screw dislocations have a large effect. Also, 
the effect of a glide band that contains a few dis- 
locations is to produce small but long cleavage steps 
trailing behind the advancing crack front. This may 
be contrasted with the effect of a glide band that 


Fig. 2—Effect of prestrain on cleavage steps in LiF. Crystal 
was compressed 1 pct and then cleaved. Matching sides of 
crack are shown. Crack moved from left to right. X500. 
(Reduced approximately 41 pct for reproduction.) Top: 
Etched to show glide-bands formed during prestrain; Bot- 
tom: As-cleaved (photo reversed in printing). 
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Fig. 3—Cleavage-step patterns produced by various arrays of 

screw dislocations. Arrows indicate crack direction. a) 

Widely spaced screw dislocations produce long cleavage steps. — 
b) Closely spaced pair of right and left-handed screw disloca- 

tions produced cleavage-step vee. c) Collection of right and 

left-handed dislocations( glide band) produces group of vees 

which looks like transverse-cleavage step. d) Collection of 

all right or all left-handed dislocations (twist boundary) pro- 

duces “river pattern” of cleavage steps. 


contains many dislocations and produces simply a 
large jog in the existing cleavage steps. These be- 
haviors are interpreted schematically in Fig. 3. 

Although local concentrations of edge dislocations 
have little effect on crack propagation, as in Fig. 2, if 
the concentration of edge dislocations in a crystal is 
made to be uniformly high, then a new kind of step 
pattern is observed, Fig. 4. In the new pattern the 
cleavage steps no longer reflect details in the struc- 
ture of the crystal. They are simply much more nu- 
merous and more jagged than in annealed crystals 
which contain relatively few dislocations. These 
patterns are not understood. One possibility is that 
they are a result of high local stresses in strain- 
hardened regions of a crystal. This could account for 
their absence when only a few glide bands are 
present. 

Dislocations Introduced by a Propagating Crack— 
It was shown previously’ that slowly moving cracks 
in LiF nucleate dislocation loops just in front of the 
crack tip. These loops lie on (110) planes that are 
oriented with respect to the crack front as shown 
in Fig. 5(a). It can be seen in the figure that the 
screw components of these dislocation loops are 
severed when the advancing crack cuts through the 
loops. Thus, cleavage steps are left behind by the 
loops. The paths followed by these cleavage steps 
depend on the angle between the crack front and 
the dislocation loop that produces the step. This is 
indicated in Fig. 5(b). It should be remembered, in 
looking at cleavage-step paths, that the tangent to 
a step line always lies nearly perpendicular to the 
crack front that is forming it. 

A very close correlation exists between crack- 
nucleated dislocation loops and observed cleavage 
steps. This is shown by Fig. 6, where the two halves 
of a cleaved crystal are compared. The original 
crystal was quite thin (1.5 x 20 x 15 mm) and it was 
cleaved by means of a series of light taps on a sharp 
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Fig. 4—Change in cleavage steps when 


a crack ran into uniformly high-density 
or edge dislocations. Matching sides of 
crack are shown. Crack moved from up- 
per right to lower left. X50. (Reduced 
approximately 39 pct for reproduction.) 
a) Etched; b) as-cleaved (photo reversed 
in printing). 


chisel. Under these conditions (thin crystal and 
small forces), a crack can be made to pass slowly 
through LiF; like splitting a log with light blows. 

When the average velocity of a crack in LiF is less 
than about 10* cm per sec, dislocation nucleation 
accompanies the propagation of the crack. This 
causes the crack velocity to oscillate about an 
average value. Just after it is nucleated, a crack is 


Fig. 5—Cleavage 
steps produced by 
dislocation loops 
that are nucleated 
at tip of a moying 
crack. a) Orienta- 
tion of dislocation 
loops with respect 
to crack front. 
Arrows indicate 
Burger's vectors. 

b) Cleayage-step 
patterns that result 
from various angles 
between moving 
crack front and 
nucleated-disloca- 
tion loops. 


always moving fast (otherwise it could not nucle- 
ate). As it moves away from the chisel, the force 
driving the crack decreases; it slows down to a ve- 
locity less than the critical one, and dislocations 
form. These dislocations, together with their cleav- 


Fig. 6—Cleavage-step pattern associated 
with crack-nucleated dislocations in LiF. 
X4 (reduced approximately 25 pct for 
reproduction). Both halves of a cleaved 
crystal are shown. Both have been alu- 
minized lightly to make the surface re- 
flecting. Cleavage was started by means 
of a chisel at upper right-hand corner 
and the crack propagated downward. 
a) Etched after cleavage—subboundary 
network may be seen and lines of crack- 
nucleated dislocations. b) As-cleaved— 
new cleavage steps appear at sites of 
crack-nucleated dislocations. 
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age steps, absorb energy from the moving crack and 
thereby slow it down still further. If the chisel is 
not applying a force, the crack soon stops. If force 
is still being applied by the chisel, then the elastic 
energy of the crack increases as its velocity de- 
creases and it begins to accelerate again. Soon its 
length increases enough to cause its elastic energy 
to decrease again. This makes its velocity decrease 
and the cycle repeats. The oscillation of the crack 
velocity produces the wavelike sets of dislocations 
shown in Fig. 6(a). 

A comparison of Fig. 6(b) with Fig. 6(a) shows 
that each time the crack slowed down and nucleated 
some dislocations, a discontinuity in the cleavage- 
step pattern was produced. These discontinuities 
consist of large numbers of new steps that appear at 
the sites of nucleated dislocation loops and then soon 
disappear in the manner shown in Fig. 3(b). The 
process may be seen in more detail at higher mag- 
nification as in Fig. 7. 

Only a few dislocations are required to produce 
observable cleavage steps according to the evidence 
of Fig. 7. However, the possibility exists that some 
of the steps in Fig. 7 are due to dislocation loops 
that were present during cleavage but then popped 
out of the surface. Therefore, a few dislocations 
were put into some crystals in a way which would 
better ensure their stability. The crystals were 
lightly indented perpendicular to the plane that was 
to be used subsequently for cleavage. This pro- 
duced lightly populated bands of dislocations that 
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Fig. 7—Crack-nucleated dislocations and 
associated cleavage steps in LiF. X500 
(reduced approximately 28 pct for re- 
production). Crack moved from upper 
right to lower left. a) One cleavage sur- 
face of cracked crystal; etched to reveal 
dislocations. b) Same field as a) on the 
other cleavage surface, as-cleaved. 


passed through the proposed cleavage plane. Fig. 8 
shows the result of this type of experiment. Only 
the etched half of the crack surface is shown be- 
cause the cleavage steps were so faint that they 
would not survive photo-reproduction. However, the 
existence of the steps on the original photograph has 
been verified by several of the author’s colleagues. 
This shows that, if one knows where to look, cleav- 
age steps only a few molecules in height (~3A) can 
be seen faintly at moderate magnifications. 

The correlation between cleavage steps and the 
dislocations that produce them is so good that cleav- 
age-step patterns can be used to detect the presence 
of small numbers of dislocations in case other meth- 
ods are not available. This method was used as a 
tool to study the cleavage behavior of a variety of 
crystals other than LiF. 

Crack-Nucleated Dislocations in a Variety of 
Crystals—In order to see how commonly dislocation 
loops are nucleated at the tips of cracks, numerous 
kinds of crystals were cleaved and then examined 
for patterns like that of Fig. 7(b). To make the 
conditions extreme in crystals that might have 


Table |. Crystals Examined for Evidence of Crack-Nucleated 
Dislocations 


Crack-Nucleated Dislocations Present 


Crystals Author Literature Reference 

LiF Yes 
Calcite (CaCOsz) Yes Yes 25 
Galena (PbS) Yes 

Br Yes 
KCl Yes 
NaCl Yes Yes 12, 21 
KI Yes 
No 
BaF2 Yes 
MgO Yes 
Celestite (SrSO,) Yes 
Barite (BaSO.) (?) 
Zn Yes Yes 24 
Bi Yes 10, 12, 13, 21, 25 
Sb (?) 16 
WwW Yes 22 
Mo Yes 
Fe (electrolytic) (?) 
Fe-Si Bllove. Yes Yes 11, 12 
FeCr Yes 15 
(NHz) HePOs Yes 18, 19, 20, 25 

H3PO4 Yes 20 
Gypsum (CaSO.:2H20) Yes 
Mica No 
Labradorite Yes 25 
Orthoclase 25 
Dolomite (Ca, Mg) COs Yes 25 
CuSO4 
Yes 
KeCre Yes 
Yes 26 
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very low critical velocities for dislocation nuclea- 
tion, cracks were started, allowed to slow down to 
a complete stop, and then restarted. Then the region 
where the crack had stopped was examined for 
evidence of dislocation nucleation. An example of a 
borderline case, calcite, is illustrated in Fig. 9. 

In addition, some of the literature on fracture 
markings was searched for photographs showing 
evidence of dislocation nucleation. 

Most of the literature that is cited is due to Zapffe 
who has called these particular step patterns by 
various names; i.e., “secondary cleavages,” “riffle” 
markings,” “hackle” markings,” “cleavage undula- 
tions,’””"” and so on. However, the author believes 
that the patterns always had the same origin; 
namely, crack-nucleated dislocations.* 


* Note also that the patterns on ADP, interpreted by Hirsch? as 
ed to twist boundaries, are actually due to crack-nucleated dislo- 
cations. 


The data are summarized in Table I. It may be 
seen that the patterns are observed for a wide 
variety of crystals. Thus the phenomenon of dis- 
location nucleation near the tips of cracks is wide- 
spread. There is some indication that dislocation 
nucleation is more difficult in hard crystals than in 
soft ones but the tendency is not clear cut. In addi- 
tion to the hardness, a parameter that seems to be 
important is the ratio of the tensile cohesive 
strength across the cleavage plane to the shear 
strength of planes inclined at about 45° to the cleav- 
age plane. This ratio is low for crystals like mica 
where the strength of the cleavage plane is low 
compared with all other planes. The ratio is rela- 
tively high for crystals that have the rocksalt struc- 
ture because here the primary glide plane is in- 
clined at 45° to the cleavage plane. 

For crystals of the same structure but variable 
hardness, like the rocksalt series, the ease of dis- 
location nucleation decreases with increasing hard- 
ness. However, the variation with hardness is small. 
Thus rocksalt-type crystals as soft as KI and as hard 
as MgO both produced crack-nucleated dislocations, 
although they are more profusely nucleated in KI 
than in MgO. 

Heights of Cleavage Steps—Cleavage steps in 
good crystals have relatively small heights. It is 
rare that the height exceeds about 2000A. A large 
fraction of the heights are less than 50A. This was 
shown by means of Tolansky interferograms. Fringes 
Y%-1 unit wide for a fringe-separation distance of 
50 units were produced from cleaved LiF surfaces. 
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Fig. 8—Sparsely populated bands of dislocations that pro- 
duced observable cleavage steps when the crystal was 
cleaved. X250. Reduced approximately 19 pct for reproduc- 
tion. Etched after cleavage. 


The fringes had a fine structure that caused fringe 
displacements of less than a fringe width. Since the 
wave-length, \, of the light was 5460A, and the 
fringe separation is \/2, the height of the fine struc- 
ture was not more than 50-100A. 

By means of electron microscopy steps <30A in 
height could be detected, and their heights esti- 
mated. As was pointed out in connection with 
Fig. 8, steps much smaller than 50A in height can 
be seen on lightly aluminized surfaces even though 
their height cannot be measured. 


“Chevron Patterns’”—When steels (and some other 
materials) fracture brittlely, chevron patterns often 
appear on the fractured surfaces. These chevrons or 
V’s point toward the origin of the fracture. Because 
of their ability to fix the point of origin of a frac- 
ture, chevrons are a useful diagnostic tool of the 
engineer. However, not all V-markings that appear 
on fracture surfaces point opposite to the crack- 
propagation direction. This should be clear from 
Figs. 6 and 7 where the cleavage-step patterns point 
in the direction of crack propagation. 

Patterns very similar to chevron patterns in other 
materials can be produced in LiF. They appear 
when a crystal is prestrained and then cleaved. A 
good example is shown in Fig. 10. The dotted line in 
the figure is drawn to be perpendicular to the lines 


Fig. 9—Discontinuities in cleavage steps on calcite due to 
crack-nucleated dislocations. Crack traveled from upper left 
te lower right. X500. Reduced approximately 35 pct for 
reproduction. 
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of the chevron patterns. It indicates the approxi- 
mate shape that the crack front must have had. Ina 
crystal without prestrain, the crack front would 
have been an almost straight vertical line. The effect 
of prestrain is thus to cause a large drag on a mov- 
ing crack. The crack slows down more at the sur- 
face than at the interior simply because the hydro- 
static stresses are smaller there. 


Summary 

Screw dislocations that are grown into crystals, 
or that are put into crystals by plastic deformation 
prior to cleavage, and those that form at the tip of 
a propagating crack—all these produce identifiable 
patterns of cleavage steps on the surfaces of cleaved 
crystals. Edge dislocations do not have this effect. 

Many of the cleavage steps on crystals can be 
shown to be less than 50A in height. It is believed 
that some which form from isolated dislocations are 
detectable even though they are only ~3A in height. 

Cleavage-step patterns due to dislocations nu- 
cleation at the tips of cracks have a characteristic 
appearance. Therefore, these patterns can be used 
as evidence of dislocation nucleation when other 
means are absent. This evidence was sought for a 
wide variety of crystals, and it was found that most 
of the crystals tested, or reported in the literature, 
show evidence of crack-nucleated dislocations. The 
exceptions are hard, anistropic varieties. 
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Technical Note 


Metallographic Observations of Low-Angle Boundaries in Zinc 
by |. S. Servi and N. F. Graves 


APs etch-pit technique has long been used to 
reveal low-angle boundaries and, in general, the 
distribution of dislocations in high-purity metals. 
Often this technique is amenable to quantitative 
computations, but generally is affected by some de- 
gree of uncertainty because etch pits can be nucleat- 
ed not only by dislocations, but also by inclusions 
‘and surface imperfections. In the case of high- 
purity zinc, Gilman’ reported that etch pits were 
produced only after adding 0.1 atomic per cent of 
cadmium to the crystals and aging at a proper 
temperature. 

In the course of a study of low-angle boundary 
behavior in zinc crystals, etch pits were produced in 
99.999 pct zine without resorting to intentional con- 
tamination, by etching in a 50:50 HNO,H.O solution. 
The technique consists of etching until the heat of 
reaction brings the solution to a boil, and in displac- 
ing the etchant rapidly with a stream of cold water, 
thus avoiding staining. The undesirable features of 
this technique are the heating effect and the removal 
of a considerable amount of material. A high polish 
is obtained if staining is controlled properly; there- 
fore, the etch pits appear very clearly and with ex- 
cellent contrast when observed under dark field 
illumination. This is especially helpful for cursory 
examinations at low magnifications. 

Several observations were made on zinc crystals 
of square cross section, having one face parallel to 
the basal plane and one edge parallel to a slip di- 
rection, Fig. 1(a). When such a crystal was bent 
about 2° over a glass die and annealed at 390°C, a 
sharp boundary was formed only in the inner por- 
tion of the crystal. Near the two prismatic faces, 
perpendicular to the basal plane, the boundary was 
always branched into many lower-angle boundaries, 
Fig. 1(b). Attempts to move the main boundary by 
applying a shear stress to the specimen invariably 
resulted in curving the boundary, the branched ends 
remaining pinned in their original location, Fig. 1(c). 

The prismatic face, when etched as indicated in 
the foregoing, revealed the existence of numerous 


(sometimes up to 30) fine boundaries, nearly paral-- 


lel to each other. 

Pre-existing lineage boundaries, generally parallel 
to the direction of growth, were barriers to the for- 
mation of polygonization boundaries and interrupted 
the continuity of the substructure, Fig. 2. Twin 
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(a) Original Crystal 
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Top View 
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(0110) 
Front View 


(c) Deformed Crystal 


Fig. 1—Schematic representation of bent and annealed 
crystals. 


Polygonization Boundaries 


——> Direction of Growth 


Fig. 2—Observation on prismatic face. HNOs etch. Polygo- 
nization boundaries interrupted by a lineage boundary. Dark 
field illumination. X50. Reduced approximately 38 pct for 
reproduction. 
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~ Direction of Growth 


Fig. 3—Observation on prismatic face. HNO; etch. Polygo- 
nization boundaries intersecting twins (a) at 45 degrees 
and (b) parallel to the direction of growth. Reduced approxi- 
mately 31 pct for reproduction. 


bands, accidentally introduced by cleaving, created 
an unexplained etching behavior. Etch pits were 
formed on subboundaries crossing bands oriented at 
45° from the axis of the specimen but not on sub- 
boundaries crossing bands parallel to such axis, 

It also was observed in specimens severely de- 
formed during the cleaving process that pre-existing 


Fig. 4—Observation on cleaved basal plane, unetched. A 4- 
degree lineage boundary (line A-A) traverses the field. Thick 
twin bands (B-B) cross the boundary with slight change in 
direction, but deformed markings (thin white lines-C) are 
interrupted. Reduced approximately 13 pct for reproduction. 


lineage boundaries do not interfere with the forma- 
tion of thick twin bands but interrupt the continuity 
of other deformation markings, Fig. 4. 

The reliability of the etch-pit technique was often 
verified by comparing substructures in cleaved and 
in etched faces having a cammon edge. Good regis- 
try was generally observed. Reproducibility on re- 
etching was always excellent. It was concluded, 
therefore, that etch pits nucleate at dislocation sites, 
although a one-to-one relation was not established 
positively. 
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A Study of Precipitation-Hardening Employing 


Magnetic Measurements 


Precipitate-particle size (determined magnetically) and various mechanical prop- 
erties of a copper-cobalt alloy have been measured in the early stages of precipitation- 
hardening. In this particle-size range the hardness and tensile properties increase with 
increasing interparticle spacing. The effects of deformation on magnetic properties also 
have been studied, and have been interpreted as resulting from the change in shape of 
the ferromagnetic-precipitate particles during deformation. 


by J. D. Livingston and J. J. Becker 


MAJOR difficulty in the experimental study of 
precipitation-hardening is the measurement of 
particle sizes too small to be easily resolved with the 
microscope. It has been shown recently, however, 
that magnetic measurements on copper-cobalt al- 
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loys in the aged state can be used to determine the 
average volume, total volume, volume distribution, 
and shape of the ferromagnetic cobalt-rich parti- 
cles, even though the particles are submicroscopic 
in size.** These alloys also are known to exhibit 
considerable precipitation hardening.® This paper re- 
ports some results on the dependence of the mechan- 
ical properties of such an alloy on the particle size, 
determined magnetically. It further illustrates the 
use of other magnetic measurements in interpreting 
structure changes occurring during deformation. 
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Fig. 1—Phase diagram of copper-cobalt system. 


Precipitation-Hardening Data 

The alloy studied was 2 pct cobalt, balance cop- 
per. Fig 1 shows the copper-cobalt phase diagram. All 
specimens were initially given a solution-treatment 
consisting of a 30 min anneal in nitrogen at 1000°C 
followed by an iced-brine quench. Subsequent aging 

-was done in nitrogen and followed by a water 
quench. Compression and hardness specimens were 
%4 in. long and % in. diam. Tensile specimens had a 
gage length of 1% in. and 3/16 in. diam. Average 
grain diameter was approximately 0.01 in. The tech- 
niques of magnetic measurement were as described 
by Becker.*? 

The first measurements were those of Rockwell F 
hardness, saturation magnetization, and _ initial 
magnetic susceptibility as a function of aging time at 
600°C. The magnetic measurements give, respec- 
tively, the total volume of precipitate and 
the average precipitate-particle size. Fig. 2 shows 
these results. Tensile specimens similarly treated 
were tested in an Instron machine at a strain rate of 
approximately 10° in. per in. per min. Fig. 3 shows the 
variation with aging time of the hardness, the yield 
stress, defined as the stress at 0.1 pct plastic strain, 
and a parameter describing the average rate of 
work-hardening. The slope of the stress-strain curve 
is actually greatest at yield and monotonically de- 
creases with increasing strain, but an average work- 
hardening rate was calculated by dividing the stress 
increment from 0.1 pet plastic strain to 10 pct strain 
by this strain increment. 
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Fig. 2—Change of hardness, saturation magnetization (total 
volume of precipitate), and average particle radius (from 
initial susceptibility) with aging time at 600°C. 
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Fig. 3—Change of hardness, yield stress, and average rate 
of work-hardening (see text) with aging time at 600°C. 


The saturation magnetization measurements show 
that after the first few minutes at 600°C, the total 
volume of precipitate remains nearly constant. The 
initial susceptibility indicates that the average par- 
ticle radius increases linearly with log (time). The 
yield stress, average rate of work-hardening, and 
hardness all go through a maximum as the particle 
size increases. It is particularly interesting that the 
yield stress and hardness continue to increase mar- 
kedly after the cobalt has essentially all precipitated 
and as the particle size (and hence interparticle 
spacing) increases. 


Effect of Deformation on Magnetic Properties 

The magnetic measurements just reported were 
made prior to deformation. Magnetization measure- 
ments parallel to the specimen axis also were made 
after tensile and compressive deformation, and it 
was found that deformation had a pronounced effect 
on the magnetization curve. 

Fig. 4 shows the coercive force measured at 77°K 
versus aging time (particle size) as measured before 
and after approximately 12 pct tensile deformation. 
The appearance of coercive force marks the end of 
the superparamagnetic range at the measurement 
temperature, and the beginning of the stable single- 
domain range.’ The particle size at which this tran- 
sition will occur is given by 


KV ~ 20 kT [1] 


where T is the absolute temperature, k Boltzmann’s 
constant, V the particle volume, and K the magnetic 
anisotropy energy per unit volume. Since this tran- 
sition occurs for smaller particle sizes (shorter aging 
times) in the deformed samples, it is clear from 
Condition [1] that deformation must be increasing 
the magnetic anisotropy of the precipitate particles. 
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Fig. 4—Effect of 
tensile deformation 
after aging at 
600°C on the 
coercive force at 
77°K. 
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Fig. 5—Typical torque curves showing anisotropy produced 


by deformation. Specimens have the following estimated 
average particle radius: A and B-75A, C-300A. 


Deformation not only affected the coercive force, 
but the initial susceptibility as well. In the super- 
paramagnetic range it was found that tension in- 
creased the susceptibility along the deformation axis 
and compression decreased it. These effects and their 
variation with temperature of measurement and per- 
cent strain were found consistent with the conclusion 
that the magnetic anisotropy produced by de- 
formation was uniaxial in symmetry and aligned 
along the axis of deformation. 

This deformation—induced uniaxial magnetic ani- 
sotropy is most clearly demonstrated and measured 
by torque measurements. Specimens were placed in 
a magnetic field and rotated about an axis perpen- 
dicular to both the axis of deformation and the field. 
If in such a case the torque on the specimen is meas- 
ured as a function of angular position, the shape of 
the resulting curve is an indication of the symmetry 
of the magnetic anisotropy present, and the ampli- 
tude is a measure of the amount. For uniaxial sym- 
metry, in very high fields the torque should approach 
K sin26, where @ is the angle between the symmetry 
axis (here the axis of deformation) and the field. 
Fig. 5 shows torque curves obtained for an unde- 
formed specimen, a specimen elongated 19 pct, and 
a specimen compressed 73 pct. The curves indicate a 
uniaxial anisotropy such that specimens deformed in 
tension try to align parallel to the field, specimens 
deformed in compression perpendicular to it. The 
nonzero torque for the undeformed specimen shows 
the effect of external specimen shape, which was 
small enough and calculable enough to be adequately 
corrected for in all the measurements. 

Such torque curves on deformed specimens were 
made at various strengths of the magnetic field H, 
and the magnetic anisotropy K estimated by extra- 
polating the torque maxima to infinite field against 
1/H. For heavily compressed specimens values as 
high as 7 x 10° ergs per cc of precipitate were 
obtained. 


Origin of Anisotropy 

There are three conceivable ways in which defor- 
mation by tension or compression could produce a 
uniaxial magnetic anisotropy like that observed: 

1) Crystalline Anisotropy—The precipitate is 
known to be initially fec, both from magnetization 
measurements’ and directly from a Debye-Scherrer 
photograph of an aged copper-cobalt wire. However, 
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deformation may transform the precipitate to hep 
cobalt. The crystalline anisotropy of bulk hexagonal 
cobalt is large—6 x 10° ergs per cc at room temper- 
ature—and could be a major cause of our results 
if deformation somehow aligned the hexagonal axes 
of the particles along the strain axis in tension and 
perpendicular to it in compression. 

2) Strain Anisotropy—If deformation left very 
large uniaxial residual elastic stresses on the 
particles, the resulting strains interacting with the 
magnetostriction of the particles could produce the 
observed anisotropy. 

3) Shape Anisotropy—The magnetic anisotropy 
of a ferro-magnetic particle also may be controlled 
by its shape. If deformation changed the shape of 
the precipitate particles, it would alter their ani- 
sotropies and could give anisotropies as high as those 
observed. 

To distinguish among these various possibilities, 
some further experiments were performed. First, 
the anisotropy produced by deformation was 
measured at both 77 and 300°K. The anisotropy was 
found to be the same at both temperatures within 
the accuracy (estimated 3 pct) of the measurement. 
This is strong evidence against crystalline ani- 
sotropy, as the crystalline anisotrapy of bulk cobalt 
is known to be strongly temperature dependent. An 
additional experiment of interest in this connection 
was performed on a Cu-Fe sample. (The copper-rich 
end of this system is similar to that of Cu-Co.) The 
anisotropy induced by heavy compression was found 
to be not much less than for Cu-Co, much larger 
than could have been achieved by aligning the crys- 
talline anisotropy of magnetic iron. 

Both the magnitude and the temperature inde- 
pendence of the anisotropies observed seem incon- 
sistent with the strain-anisotropy possibility. How- 
ever, insufficient data exist on the saturation magne- 
tostriction of fec cobalt to be able to use these argu- 
ments with confidence. The results of an experiment 
involving annealing after deformation seem to rule 
out strain anisotropy as the source of the results. A 
specimen was initially aged 15 hr at 800°C, the pre- 
cipitate particles becoming quite large—perhaps 
2000°A in radius. The specimen was heavily com- 
pressed and then annealed at 800°C, the hardness 
and the magnetic anisotropy being followed as a 
function of annealing time. Within 10 min the hard- 
ness dropped sharply from Rockwell F99 to F53, in- 
dicating recrystallization had occurred This was 
verified by etching, which showed the surface 
covered with recrystallized grains. In this same time 
the magnetic anisotropy was found to decrease by 
less than 5 pct. It is difficult to imagine the occur- 
rence of recrystallization without the relieving of 
any severe residual elastic strains, so we are led to 
eliminate strain anisotropy as the source of the 
observed results. 

The third explanation, that of shape anisotropy, 
fits these experimental observations. It would be 
essentially temperature independent, would operate 
both for Cu-Fe and Cu-Co, and for large enough 
particles would remain unaffected by .recrystalli- 
zation (although it would perhaps anneal out grad- 
ually as particles respheroidize). 

We also can examine this hypothesis quantita- 
tively, once an appropriate assumption is made relat- 
ing the shape change of the particles to the deforma- 
tion of the specimen. The simplest assumption would 
be that of ideally homogeneous deformation, with 
every volume—no matter how small—deforming as 
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does the bulk specimen. We know from ferromag- 
netic resonance measurements* that the particles are 
initially nearly spherical. Thus homogeneous tensile 
or compressive deformation will form such particles 
into prolate and oblate spheroids, respectively. For 
any given strain, the demagnetizing factors for the 
appropriate spheroid can be obtained from tables’ 


and the predicted magnetic anisotropy can be cal- 
culated from 


1 
ANI! [2] 


where AN is the difference between the demagnetiz- 
ing factors in the easy and hard directions and I, is 
the saturation magnetization per unit volume of 
precipitate. 

Fig. 6 shows the variation of K with compressive 
strain predicted on this basis, and data on samples 
of various particle sizes. Agreement is good out to 
strains of about 30 pct, beyond which the measured 
values fall below the predicted curve. The discrep- 
ancy is greater for specimens of larger initial parti- 
cle size. It is believed that departure from the 
predicted curve is associated with departure from 
ideally homogeneous deformation, as discussed in 
the next section. 


Discussion 


Once it is accepted that the magnetic anistropy 
resulting from deformation is almost entirely due to 
the shape change of the precipitate particles, the 
magnetic measurements can be used to tell us about 
the internal deformation of the alloy. It should be 
noted first that the results observed are not con- 
sistent with a deformation process consisting of 
large amounts of slip on widely separated planes. 
For the smaller particle sizes, at least, such a defor- 
mation would split a small fraction of the particles 
and leave the rest undeformed, which would not give 
the observed magnetic behavior. The conclusion 
reached is that the deformation process involves 
small amounts of slip on closely spaced planes. Study 
of the shape changes of precipitate particles by 
small-angle X-ray scattering in Al-Ag and Al-Zn 
alloys led Jan* to the same conclusion. 

As indicated in the foregoing, the departure of 
the experimental points from the curve predicted for 
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Fig. 6—Magnetic anisotropy versus compressive strain for 
specimens with the following estimated average particle 
radius: No. 1—38A, No. 2—68A, No. 3—200A, No. 4— 
1000A. 
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ideal compression, Fig. 6, is believed to be associated 
with departure from homogeneous compression. The 
actual deformation probably differs from that as- 
sumed in two ways: 1) Some regions will deform 
more than others. 2) Since slip is the basic deforma- 
tion process the deformation in any given region 
will in general be intermediate between a pure 
compression and a pure shear. Both these deviations 
from homogeneous compression will tend eventually 
to lower the magnetic anistropy below that pre- 
dicted, although it is difficult to draw quantitative 
conclusions. 

It should be pointed out that certain of the results 
reported here may be of significance in evaluating 
the various theories of dispersion hardening (re- 
viewed by Hart’). The evidence recorded in Figs. 
2 and 3 is perhaps the first to correlate mechanical 
properties with parameters describing the particle 
dispersion in the region before the hardness peak. 
Previous results have been limited to the overaged 
state. Further work is planned in which alloys of 
varying percentage cobalt will be studied, so that 
particle size and interparticle spacing may be varied 
independently. 

Evidence of extensive plastic deformation of pre- 
cipitate particles is also significant. It appears that 
in the copper-cobalt system, although considerable 
age-hardening occurs, dislocations are able to pass 
through the precipitate particles and cause their 
deformation. The cobalt-rich precipitate is believed 
to be initially coherent with the copper-rich matrix, 
and probably retains the same crystal orientation as 
the matrix even after losing coherency. If this is so, 
then the {111} slip planes of the fee precipitate are 
aligned with those of the matrix, and it is plausible 
that dislocations can pass from the matrix into the 
particle once they overcome the internal stresses in 
the neighborhood of the particle. It appears that a 
second phase need not be impermeable to disloca- 
tions to provide considerable dispersion-hardening. 


Summary 


1) Precipitate particle-size measurement by the 
analysis of magnetization curves is a useful tech- 
nique in the study of precipitation-hardening. 

2) The hardness and yield stress of a precipita- 
tion-hardened Cu-2 pct Co alloy reach their maxima 
at an average particle radius of about 70A under 
conditions where the total volume of precipitate is 
approximately constant. 

3) Plastic deformation induces an additional mag- 
netic anistropy in the cobalt-rich precipitate par- 
ticles. The temperature independence of this anis- 
tropy, plus its insensitivity to recrystallization, leads 
to the conclusion that the observed effects are due to 
a change in shape of the initially nearly spherical 
particles. 

4) Magnetic measurements in such an alloy there- 
fore can be used as a tool to examine the internal 
deformation processes on a scale as small as the 
precipitate particles themselves. 
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The Electrolytic Preparation of Molybdenum From 
Fused Salts. V. Electrorefining Studies in the 


Presence of Tin, lron, Copper, Silicon and Nickel 


The cathodic processes in the electrorefining of molybdenum from a fused chloride 
bath were studied. The results show that the best refining efficiency was obtained by op- 
erating the baths at 900°C and with current densities of 3 to 30A per dm?. Tempera- 
ture was found to be the most critical variable. The effects of stannous chloride, fer- 
rous chloride, silica, sodium fluosilicate, cuprous chloride, and nickel chloride upon the 


cathode deposit were determined. 


by D. E. Couch and Seymour Senderoff 


PROCESS for the electrolytic preparation of 

molybdenum from molten salts has been de- 
scribed previously.** This previous work centered on 
electrowinning and electroplating characteristics of 
the process. In this paper the properties of the 
process as a refining medium are discussed. 

In producing metals from ores, it frequently has 
proven most economical to obtain a comparatively 
impure metal by smelting, and to purify the product 
by electrorefining. Direct electrowinning from mol- 
ten salts is rather difficult when a porous diaphragm 
is required in the process, as in the case of molyb- 
denum, since satisfactory refractory: materials for 
such a diaphragm in molten salts have not yet been 
developed. In electrorefining, however, a soluble 
anode is used. By suitable control of anode and 
cathode current densities, the lower-valent molyb- 
denum compound used in the electrolyte is not 
oxidized, and a diaphragm is not needed, thus avoid- 
ing difficulties which are encountered with other 
electrowinning processes. 

Electrorefining may result from two different 
processes in the cell: Dissolution of the molybde- 
num and the less noble impurities with a separa- 
tion of the more noble impurities as an anode 
sludge; the electrodeposition of molybdenum and 
the more noble metals at the cathode, leaving the 
less noble metals in the electrolyte. The amount of 
separation which occurs in each process is deter- 
mined by the potential of the operating electrode and 
the relative concentration of the various species at 
(or in) that electrode. Since molybdenum has a 
comparatively noble position in the EMF series in 
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molten alkali halides,’ most refining would be ex- 
pected to occur at the cathode. 

In this work only the cathodic process was 
studied. The objective was to determine to what ex- 
tent various metallic ions, if they dissolve from 
the anode or are otherwise introduced, were con- 


-centrated in the electrolyte. The necessary condi- 


tions for the separation of each and the limiting con- 
centration which may be tolerated in the electrolyte 
for effective refining were studied. 

The deposits were chipped from the cathode and 
analyzed spectrochemically for metallic impurities. 
Besides determining the major contaminant, a gen- 
eral qualitative analysis was obtained to be sure 
that other metallic ions were kept at a very low 
level during each series of runs and to be sure 
that the baths were not bein’ contaminated acci- 
dentally. 

Samples of the bath, for analysis, were taken at 
the temperature of operation so there was no chance 
of selective crystallization during cooling. In this 
way the ratio of molybdenum in the bath to the 
other metal could be determined readily. These data 
permitted a check on the anode efficiency and any 
volatilization that took place during the electrolysis. 


Experimental 


Apparatus—The apparatus as shown in Fig. 1 was 
used to determine the effect of the various foreign 
ions upon electrodeposited molybdenum. The entry 
chamber A allowed the cathodes to be removed 
without cooling the bath and without allowing 
oxygen or moisture to enter.® The cathodes were 
made from 0.25-in. tungsten rods and were rotated 
during the electrolysis. The balloon in the lower 
arm B was inflated with helium after the cathode 
was drawn up into the upper section for removal. A 
new cathode was then placed into the entrance 
chamber A after which the chamber was flushed 
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Fig. 1—Apparatus 
used in electro- 
refining 
[A A. Entrance 
chamber for 
cathodes 
B. Balloon for 
sealing chamber 
D C. Vycor tube 
D. Transfer tube 
E. Resin reaction 


flask (pyrex) 
FO 


F. Heater coils 

G. Alumina 
crucible 

H. Graphite 
crucible 

1. Molybdenum 
anode 

J. Helium inlet 

K. Helium outlet to 
Z mercury trap 


with helium. The balloon B was then deflated and 
the cathode slipped into place for the next run. This 
device saved a great deal of time and prevented con- 
~ tamination of the bath. The anodes were made of 
sheet molybdenum and were of such size that it 
was not necessary to replace them during a given 
series of electrolyses. Oxygen and moisture were re- 
moved from the helium by passing it through hot 
titanium turnings just before it entered the elec- 
trolysis cell. The escape tube K for the helium was 
equipped with a mercury trap to prevent back dif- 
fusion of oxygen and moisture into the cell. 

The graphite* crucibles used were 3.5 in. ID, 6 


* Grade ATJ supplied by National Carbon Company. 


in. high, and had a wall thickness of 0.25 in. These 
crucibles tended to develop cracks after several re- 
meltings of the bath and it was necessary to place 
them inside a stainless-steel jacket fabricated from 
0.03-in. sheet material. The jacket was nickel-plated 
to protect it from corrosion and to prevent melting 
of the weld area. A solid nickel jacket probably 
would be more resistant to corrosion. However, the 
high-frequency heater used in these studies would 
not heat the nickel-jacketed crucible, because of 
the higher electrical conductivity of pure nickel as 
compared to stainless steel. Temperature was con- 
trolled by a chromel-alumel thermocouple inserted 
in a thermowell which dipped into the melt, and a 
pyrometer controller in the grid circuit of the in- 
duction heater. 

By means of the special transfer container D 
shown at the side of the flask in Fig. 1, it was pos- 
sible to add the potassium hexachloromolybdate and 
various salts to the molten bath without contaminat- 
ing it. The large tube of this transfer container was 
attached to the opening C on the resin reaction 
flask by means of a thin-walled rubber tube of large 
bore. In this way, when the pinch clamps were 
opened, the helium used to flush the apparatus was 
allowed to pass through D and out the small opening 
in the transfer tube. After flushing for a few seconds, 
the transfer tube was raised and its contents dumped 
into the bath. These transfer tubes were weighed be- 
fore and after transfer to determine the amount of 
salt added to the bath. 

With this apparatus it was possible to make 30 to 
40 runs with a single bath before the graphite cru- 
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cible developed cracks that allowed any of the bath 
contents to leak out. The breaking of the crucibles 
usually started near the solution level and tended to 
crack around the circumference of the crucible with 
an occasional crack traveling down the side of the 
crucible. This cracking seemed to be related to the 
number of freezing and melting cycles (usually 
10-15 cycles) rather than to the total number of 
hours of operation or to the temperature at which it 
was used. 

Bath Preparation—The baths were prepared by 
transferring 330 grams of potassium chloride and 
270 grams of lithium chloride directly into a graph- 
ite crucible. The crucible was then placed in the ap- 
paratus and heated to 400°C while flushing with he- 
lium. After all signs of moisture were removed from 
the cell, it was heated to 900°C for 1 hr. The bath 
was then cooled to 600°C and 200 grams of potassium 
hexachloromolybdate K,;MoCl, was added. It was 
then heated to 900°C and further purified by elec- 
trolysis until satisfactory deposits were obtained. 
The contaminating salts were added in concentra- 
tions of approximately 0.1, 1.0 and 10 pct by weight. 

The effects of the following compounds on the 

molybdenum deposit were studied: Stannous chlor- 
ide, ferrous chloride, silica, sodium hexafluosilicate, 
cuprous chloride, and nickel chloride. These salts 
were dried by heating at 400 to 500°C for 2 to 3 hr 
and weighed in a dry box. In the case of the chloride 
salts, dry hydrogen-chloride gas was passed through 
the container while they were being dried, to pre- 
vent hydrolysis. Once a bath was purified, a series 
of runs was made from it using additions of a single 
compound. No deposits were prepared from baths 
that contained more than one of the above men- 
tioned salts. 
Operating Conditions—Four different current 
densities, 3, 10, 30, and 100 amp per dm’, were used 
at each of two temperatures, 600 and 900°C. In this 
way, eight electrodeposits were prepared after each 
addition of the contaminant. These runs were car- 
ried out in a random fashion and each series at a 
given concentration of the contaminant was com- 
pleted before the concentration of contaminant was 
increased. 


Results 

The results of this investigation are summarized in 
Table I. It should be noted here that these results 
show only the order of magnitude of the concentra- 
tion of the contaminant present in the deposit. The 
results of a quantitative chemical analysis of the 
bath at various stages during its use also are listed 
in Table I. Specific results are given in the following 
paragraphs. 

Tin—The analysis of deposits from a bath with 
stannous chloride as a contaminant and the analysis 
for tin in the electrolyte showed that some of the tin 
was volatilized from the electrolyte, but not trans- 
ferred to the deposit, when the bath was operated 
at high temperatures and low current density, Table 
I. By electrolyzing at 900°C and at a current density 
of 30 amp per dm’ or lower, deposits containing only 
traces of tin, were obtained. This result was es- 
pecially striking since at the higher concentration 
there was considerably more tin in the bath than 
there was molybdenum. Analysis of the solution at 
various stages indicated that when tin was initially 
added in a concentration of about 6.7 pct, approxi- 
mately 5 pct of it still remained in the solution after 
the completion of the runs. This indicated that the 
volatilization process is slow and that the refining 
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Table |. Effects of Tin, Iron, Silicon, Copper, and Nickel Upon Molybdenum Electrodeposited from a 
Fused Halide Bath 


Bath and Deposit Composition in Weight Percent 


Found 
Bath Found Added 
Temp, CD, Added In Bath In Deposit to Bath In Bath In Deposit 
Snt+ Mott++ Sn Fet+ Fet+ Mo+++ Fe 
None — ? 
600 10 None = = 
3 0.2 = Ww T 
10 0.2 = WwW Vw 
30 0.2 = W = 
900 3 0.2 = None 
10 0.2 0.04 = None 
30 0.2 = ? None 
100 0.2 — Vw 338 T 
600 3 15 0.8 4.0 0.5 = 
30 == = os 3.5 
10 1.5 ? = None 
30 1.5 — T 32 
600 3 6.7 — vw 
6. : 
100 6.7 5.3 1.6 M 5.4 2:8 
900 3 6.7 — T 
100 6.7 4.7 2.3 vw 6.0 5.9 2.9 None 
Nit++ Ni++ Mot+++ Ni 
600 10 None = = Vw 
3 0.06 0.1 — M 
10 0.06 M 
30 0.06 — — M 
100 0.06 0.1 5.8 M 
900 3 0.06 = — ? 
10 0.06 = = 
30 0.06 = = T 
100 0.06 0.1 = Vw 
600 3 0.5 0.5 4.5 s 
10 0.5 s 
30 0.5 — s 
100 0.5 0.6 4.5 s 
900 3 0.5 = = Vw 
10 0.5 Vw 
30 0.5 W 
100 0.5 _ 4.8 Ww 
600 3 4.8 4.7 3.9 vs 
10 4.8 vs 
30 4.8 = = vs 
100 4.8 4.5 4.0 
900 3 4.8 
10 4.8 = 
Sit+++ Mot++ Si Cut Mo+++ Cu 
600 10 None WwW None 
3 0.03 = 4.2 Ww 0.1 0.1 Ww 
10 0.03 = = M 0.1 = = Ww 
30 0.03 = WwW 0.1 = M 
100 0.03 = 0.1 = Ww 
900 3 0.03 = 4.1 Ww 0.1 = = nS 
10 0.03 = = M 0.1 = — T 
100 0.03 = = 0.1 0.1 
600 3 0.2 0.1 4.1 Vw 0.7 0.6 4.1 Ww 
10 0.2 == Vw 0.7 = Ww 
30 0.2 = 0.7 M 
100 0.2 0.1 4.7 Vw 0.7 0.6 4.3 M 
900 3 0.2 = Vw 0.7 
10 0.2 = = Vw 0.7 _ == T 
30 0.2 = a Vw 0.7 = = Vw 
100 0.2 = 5.3 Vw 0.7 0.3 4.8 Vw 
600 3 1.6 = 4.5 Ww 9.1 ea = M 
10 1.6 — = Ww 9.1 = = M 
30 1.6 = WwW 9.1 M 
100 1.6 = 4.2 Ww 9.1 q2 2.4 s 
900 3 1.6 = Ee VW 9.1 a, ae Vw 
10 1.6 = = Vw 9.1 aes a Ww 
30 1.6 2s = Vw 9.1 = = Ww 
100 1.6 0.4 4.1 Vw 9.1 7.7 183 WwW 


* The code of spectrochemical analysis is as follows: None, not detected; ?, <0.0001 pct; T, 0.0001-0.001 pet; VW, 0.001-0.01 pct; W, 


0.01-0.1 pet; M, 0.1-1.0 pct; S, 1-10 pct; VS, 10-100 pct. 


results mainly from the difference in the electro- 
chemical properties of tin and molybdenum in the 
electrolyte. The volatilization is probably sufficiently 
rapid to prevent the build-up of tin in the electrolyte 
to harmful concentrations. 

The most important factor in the refining efficiency 
was found to be the temperature of operation. The 
runs at 600°C with 0.2 pct of tin in the bath pro- 
duced deposits in which the tin content was in the 
vicinity of 0.1 pct. At 100 amp per dm? and with 6.7 
pet tin in the bath, the deposits contained as much 
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as 1 pct of tin. Raising the temperature from 600 
to 900°C, decreased the tin content of the deposit 
appreciably. The effect of current density was some- 
what less, but lower values caused noticeable de- 
creases in the tin content of the deposit. Also the 
current-density effect was not as consistent through- 
out the series of runs as was the temperature ef- 
fect. A micrograph of the molybdenum deposited 
from this bath is shown in Fig. 2. 

Iron—The series of deposits produced using fer- 
rous chloride as the contaminant showed that a very 


Transactions of The Metal- 
lurgical Society of AIME 


Fig. 2—Molyb- 
denum deposit 
made at 900°C, 
3 A per dm? from 
a bath containing 
0.25 pct of stan- 
nous chloride (0.2 
pct Sn**). X200. 
reduced approxi- 
mately 34 pct for 
reproduction. 


Fig. 3—Molyb- 
denum deposit 
made at 900°C, 
100 A per dm’ 
from a bath con- 
taining 0.1 pct of 
ferrous chloride 
(0.04 pct Fe**). 
X200. Reduced 
approximately 34 
pet for reproduc- 
tion. 


~ complete separation of molybdenum from iron was 
obtained. Iron was not detected spectrochemically 
in most of the deposits made at the higher tempera- 
ture. Fig. 3 shows a typical deposit. Temperature 
seemed to be the most important factor, since at 
900°C the deposits contained only traces of iron, but 
at-600°C with a solution containing 6 pct of iron as 
ferrous chloride, one deposit contained about 1 pct of 
iron, Table I. The effect of current density upon the 
purity of the molybdenum was detectable but less 
pronounced than that of temperature. The iron con- 
tent of deposits from runs at the highest current 
densities was almost always greater than that of de- 
posits obtained at the lower current densities. 
Analyses of the electrolyte during these runs, 
Table I, indicated no appreciable losses of iron from 
the bath. It seems that the iron remains in the fer- 
rous state since at 900°C some volatilization would 
be expected if it had been oxidized to the ferric 
form. It follows that iron should progressively ac- 
cumulate in the electrolyte. However, it showed no 
harmful effects on the deposit even though the so- 
lution contained as much as 6 pct of iron as ferrous 
chloride. Effects at higher concentrations were not 
studied but it is likely that the iron may begin to 
codeposit at these higher concentrations, in which 
case its removal from the solution would be required. 
One possible solution to this problem would be to 
deplete the molybdenum content, then use insoluble 
anodes to oxidize the iron to the ferric state. Under 
these conditions the iron may volatilize as ferric 
chloride if operated at the higher temperature. 
Silicon—In the case of silicon the effects of both 
finely divided silica gel and sodium fluosilicate were 
studied. The finely ground silica gel had very little 
visible effect at concentrations of 0.1 pct. However, 
at concentrations of 1 pct the cathodes were coated 
in an irregular fashion with granules of silica. 
Lightly grinding the deposits permitted a clean sep- 
aration of the molybdenum from the silica by flota- 
tion in tetrabromoethane. This indicated that the 
silica deposited independently of the molybdenum, 
rather than as an integral part of the cathode depos- 
it. The silica was insoluble in the fused salt bath and 
remained as a suspension within the bath. The rea- 
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sons for its deposition on the cathode were not 
clear but it may have been deposited by an elec- 
trophoretic mechanism. Since the silica deposited so 
readily on the cathode, this series of runs was not 
completed and no analyses of the baths were made. 
The deposits analyzed showed silicon; however it 
was probably present as fine grains of silica mixed 
with the molybdenum rather than as silicon in the 
deposits themselves. At any rate large quantities of 
free silica suspended in the baths would cause dif- 
ficulties in this electrorefining process. 

The next series of deposits was made with sodium 
fluosilicate as an additive. The silicon in this case 
was present in the bath as a soluble constituent. De- 
posits made from the bath before any addition was 
made showed traces of silicon. With the addition of 
the fluosilicate no increase was noted and in general 
the deposits contained no more silicon than was ob- 
tained from the original bath. However, at the lower 
temperatures, lower current density, and higher 
concentration of fluosilicate, there was a slight in- 
crease in the silicon content of the deposits. Chemi- 
cal analysis showed that the silicon content of the 
bath was only about one fourth of the amount 
added. It was evident that fluoride in some form was 
being liberated from the melt because the resin 
reaction flask was severely etched after completion 
of this series of runs. 

A rather interesting “addition agent” effect was 
noted when the concentration of the sodium fluosili- 
cate reached 10 pct by weight. When operated at 
900°C and at current densities of 30 amp per dm’ or 
less, very good, smooth, coherent deposits were ob- 
tained. These deposits could be built up to thick- 
nesses of about 0.02 in. before becoming treed and 
rough. A micrograph of such a deposit is shown in 
Fig. 4. Higher concentrations, up to 20 pct by weight, 
of sodium fluosilicate also were tested and showed 
this same effect. However, deposits made from this 
bath at 600°C were black and powdery. 

Copper—tThe deposits made from the baths con- 
taining copper as cuprous chloride were slightly 
darker than the control deposits. Spectrochemical 
analysis of these deposits showed that copper was 
present. When the mole ratio of copper to molyb- 
denum was below 1 the amount of copper in the 
deposit was approximately 1 pct, but when the mole 
ratio was 2 or 3, the copper content of the deposits 
approached 10 pct when operated at 600°C. The 
most satisfactory refining was obtained by operating 
at low current density and high temperatures. 

Analysis of the bath showed that there was no 
appreciable loss of copper from it other than that 
which deposited out on the cathode. One important 
thing to be noted with this series of deposits was 
that the molybdenum content of the bath decreased 
considerably during the electrowinning operation 
and thus the mole ratio of copper to molybdenum in 


Fig. 4—Molyb- 
denum deposit 
made at 900°C, 
30 A per dm’ 
trom a bath con- 
taining 10 pct of 
sodium fluosilicate 
(1.6 pet Si****). 
X200. Reduced 
approximately 43 
pet for reproduc- 
tion. 
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the bath near the end of the series was about 5 to l. 
Even with this high ratio, the deposits made at 
900°C contained only small amounts of copper. The 
decrease in the molybdenum content of the bath 
was probably because of poor anode efficiency and 
may have resulted from preferential oxidation of 
the cuprous ion at the anode. 


Nickel—The addition of nickel chloride to the 
baths had little effect upon the appearance of the 
deposits at the lower concentrations, but at the 
higher concentrations it produced bright deposits, 
rich in nickel. With only 0.1 pct of nickel chloride 
present in the bath the deposits made at 600°C con- 
tained about 1 pct of nickel. In this case the mole 
ratio of molybdenum to nickel was about 35. 


An increase in the nickel content of the bath by 
10 times caused approximately an equal increase in 
the nickel content of the cathode deposit. When the 
mole ratio of the two metallic ions was unity, the 
deposits contained approximately 10 pct of nickel 
when made at 600°C. When operated at the higher 
temperature the refining was more satisfactory. 
These results are shown in Table I. 


The Mo-Ni alloy deposits made at 600°C and 3 
amp per dm* with 10 pct of nickel chloride in the 
bath were bright. These deposits were about 0.002 
to 0.005 in. thick and quite smooth. No attempt was 
made to determine how thick they could be made 
before treeing started, but from the appearance they 
probably could be made much thicker. 


As noted previously nickel would be a very seri- 
ous contaminant but it probably could be main- 
tained at an unobjectionable concentration by peri- 
odic electrolysis at low temperature and high cur- 
rent density. 


Discussion 

In the case of all the metal impurities studied, it 
was found that the temperature was the most criti- 
cal factor in determining the refining efficiency. The 
current density used was less critical, though im- 
portant, particularly with copper and nickel, the 
more noble impurities. In general, high tempera- 
ture and low current density favor the production 
of pure molybdenum at the cathode. ~ 


These results are consistent with measurements 
of the electrode potential and polarization which 
have been reported previously for this system.’ 
Molybdenum was found to be a noble metal in the 
molten alkali halide mixture and nickel was the 
only impurity studied with a deposition potential 
close to that of molybdenum.’ This would account for 
the purification being favored by operation at low 
current density. The effect of temperature, however, 
cannot be explained in terms of the equilibrium po- 
tentials of the metals which have been measured. 
This effect possibly may be accounted for by the de- 
creased polarization for molybdenum deposition 
with increase of temperature.’ At low temperatures 
(i.e., 600°C) the polarization is sufficiently great at 
appreciable current densities for the deposition 
potential of molybdenum to approach that of the 
less noble metals. Hence, there is practically no sep- 
aration from nickel at 600°C. At 900°C the polari- 
zation for molybdenum deposition is very low, and 
its preferential deposition in the presence of nickel 
can be accomplished. 


Another possible explanation for the effect of 
temperature may be found in the temperature co- 
efficients of the reversible EMF of the metals, for 
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Table II. Limiting Conditions of Operation That Will Maintain 
the Concentration of Foreign Metal Deposited With Molybdenum 
at Less Than 0.01 Pct by Weight 


Mole Ratio 


Maximum 
Metal Allowable Current 
Salt Ion Added Metal Ion Density 
Added to Bath, in Bath, 600°C, z 900°C, . 
to Bath Pct by Wt by Analysis Amp/Dm2 Amp/Dm? 
2 0.2 31 None* 100 

ey 1.5 6 None 100 

6.7 0.6 None 100 
FeCls 0.04 12 30 100 

0.5 4 10 100 

6.0 0.3 10 100 
NapSiFs 0.03 40 100 100 

0.2 10 100 100 

1.6 0.3 100 a 

(| 0.1 34 None 

0.7 5 None 100 

9.1 0.2 None 
NiCl. 0.06 35 None 100 

0.5 6 None 10 

4.8 0.5 None None 


* None indicates that no current density within the range studied 
gave deposits of the desired purity (0.01 pct or less). 


which there are no data at present, except for mo- 
lybdenum. The temperature coefficient for the 
Mo***/Mo couple in the molten alkali halides has 
been found to be 0.5 mv per deg between 600 and 
900°C. If the coefficients for the other metals ex- 
ceed this value, then raising the temperature would 
make molybdenum deposit at a more noble potential 
compared to that of the other metals. Complex ion 
formation would have a strong effect on the reversi- 
ble potentials of the metals and may account for 
the temperature effect. 


Conclusions 

An analysis of all the data obtained from the 
metals studied indicates that, by complying with 
certain conditions of operation, the amount of the 
second metal in the molybdenum deposits can be 
maintained below 0.01 pct by weight. These condi- 
tions are shown in Table IJ. For example, deposits 
from a bath which had a mole ratio of Mo™ to 
Ni* of 6 contained 0.01 pct nickel or less when 
formed at 900°C and 10 A per dm* or lower. But 
all deposits made at 600°C from a bath with a mole 
ratio of Mo*™* to Ni** of 35 contained over 0.01 pct Ni. 

These conditions of operation apply to the refining 
operation when the indicated impurities are present 
as soluble components of the electrolyte at the con- 
centrations indicated. It is possible that some or all 
of these impurities, when present in impure anodes, 
may not dissolve in the bath but remain as an anode 
sludge. This has been found to be true in the case 
of titanium refining.’ The process limitations given 
in Table II, therefore, apply to the most extreme 
conditions; i.e., those in which the impurities are 
completely dissolved from the anode into the elec- 
trolyte. Since formation of anode sludge is to some 
extent controllable, by adjustment of anode area, 
it may prove possible to limit the concentration of 
dissolved impurities in the bath to a rather low 
value and thus broaden the operating limits of the 
process beyond those indicated in the table. 
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The Rate of Infiltration of Metals 


The rate of capillary rise of liquid metals in porous-metal bodies of different composition was 
studied. It was found that in all cases where wetting occurs and where the porous body was pre- 
pared from sufficiently fine powders, the rate of capillary rise can be described by a mathematical 
expression which was derived from well-known principles of capillarity and viscous flow. This rate 
equation describes a parabolic time-height of rise relationship and allows an interpretation of the 
effects of various experimental variables, such as, powder size, amount of presintering of the pow- 
der body, atmosphere, and temperature, upon the rate of infiltration. The results of this work also 
provide a quantitative estimate of the rate of the first stage of liquid-phase sintering. 


by K. A. Semlak and F. N. Rhines 


ON is a term used to designate that 
process by which the pores of a metal powder are 
filled with a relatively low-melting liquid metal 
through the action of capillary forces. This is ac- 
complished in practice either by heating the porous 
body in contact with the solid infiltrant metal above 
the melting point of the latter, or by preheating the 
porous body separately and then dipping it into the 
liquid metal. The liquid, as it sweeps through the 
porous body, replaces the gases progressively, thus 
yielding a relatively dense product in a short time.’ 

Liquid-phase sintering, which is related to infil- 
tration, is a process by which a mixture of two or 
more metal powders is sintered at a temperature be- 
tween the liquidus and solidus of the ultimate alloy.* 
According to Cannon’ liquid-phase sintering can be 
divided into three stages which he calls liquid flow, 
accommodation, and solid sintering. The largest 
density increase occurs during the first stage, where 
the lower melting component melts and, driven by 
capillary forces, flows among the particles of the 
higher melting component, where, after dissolution 
of the bonds between the solid particles, it moves 
them into close packing. This happens so quickly 
that little has yet been learned of its mechanism. A 
study of the rate of capillary rise of a liquid metal 
in a higher melting metal-powder compact may be 
expected, therefore, to contribute not only to a 
firmer understanding of the process of infiltration as 
such but also to a more extensive knowledge of what 
occurs during the initial stage of liquid-phase sinter- 
ing. 
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Theoretical Basis 

In order to derive a mathematical expression of 
the rate of infiltration, it has been assumed that a 
powder compact consists of a great many parallel 
capillary tubes and that the rate of rise of a liquid 
in an average capillary channel represents the rise 
in the entire compact. For a straight capillary, as- 
suming that Poiseuille’s law obtains for the non- 
stationary state and that wetting is very rapid, 
Ligenza and Bernstein* have derived the following 
differential equation of motion 


c a ec 


dh | 
(l—h) | gh(p—p.) 


dt 
1 R? ( dh i 1] 

where h is the height of rise of the column of liquid 
at time t, R. is the radius and I the length of the cap- 
illary, 7 and y, the viscosities of liquid and air, re- 
spectively, p and p, the density of the liquid and air, 
respectively, y the liquid-gas surface tension, @ the 
liquid-solid contact angle, and g the acceleration 
due to gravity. 

The term on the left of Equation [1] represents 
the rate of change of momentum of the contents of 
the capillary tube. On the right the terms represent, 
respectively, the forces due to a) surface tension, 
b) viscous resistance, c) gravity, and d) end-drag 
effect. Equation [1] is not amenable to explicit solu- 
tion, but for a tube of sufficiently small radius, the 
rate of rise may be slow enough so that the rate of 
change of momentum and end-drag terms may be 
neglected. The validity of this simplification was 
established by Ligenza and Bernstein‘ by graphical 
differentiation of observed data obtained from or- 
ganic liquids rising in glass tubes. The solution of 


this simplified case is: 


8 hz 
(n— 70) he+net fin —(n—ma)h 
[2] 
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ray = y cos 


2y cos 
R.pg 


For convenience, the final height h., (an experimen- 
tally measurable quantity), has been introduced 
into the equation; also (p—p,) has been approxi- 
mated by p. 

By further assuming that the viscosity of air is 
negligibly small, Equation [2] reduces to 


[ in [3] 


For the initial portion of ascent, Equation [3] may 
be approximated by expansion* to yield 


where: h, = 


* Ligenza and Bernstein, in their expansion of Equation [3] ob- 
tained a result that was larger by a factor of \/%; their result is 
here presumed to be in error. 


) [4] 
or 
R,y cos @t 
[5] 
2% 


The foregoing expression applies to a straight cap- 
illary tube; in the case of a powder compact, the 
final mathematical expression must contain a factor 
accounting for the bending of the capillary channels. 
Assuming that a straight capillary channel is re- 
placed by a chain of semi-circular paths, it can be 
shown that, for a porous body of height h, the aver- 
age capillary length will be 7/2 h. The applicability 
of this correction to liquid flow through sand was 
confirmed experimentally by Bartell and Osterhof.® 
Hence, for the rise of a liquid through a powder mass 


) 
or 
h=Kyvt [7] 
where 
2( R.ycosé \*% 
K = [8] 
27 


is the slope of a straight line obtained when the 
height of rise is plotted as a function of the square 
root of time. 

The factor R. cannot have a simple meaning with 
respect to a porous powder mass, because the driv- 
ing force of infiltration, i.e., the force due to surface 
tension, is related to the local surface curvature, 
whereas the restraining force of viscosity must vary 
with the effective local width of the opening through 
which the liquid is flowing. These two factors com- 
bine into one only for the ideal case of cylindrical 
capillaries. It is necessary for the present case to 
find an equivalent radius that can be used as a value 
of R, in Equation [6] or [8]. Among the several 
possibilities that were tried, the most satisfactory 
result was obtained by using one quarter of the 
mean free distance between particle surfaces as the 
effective value of R,. 

Fullman® describes a metallographic method for 
measuring the mean free path between particles of 
any shape, distributed randomly in space. His rela- 


tionship was employed in the following form 
2(1—L 
N, 


Here L, is the fraction of a line of unit length occu- 
pied by pores in a randomly taken microsection, and 
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Table 1. Summary of Surface-Tension and Viscosity Data Used to 
Compute Rates of Capillary Rise 


Surface 
Tension, 
Temp, Atmos- Ergs Viscosity, 
Metal Deg C_ phere per Cm?” Poises Reference 
Cu + 3.5 pct Fe 1120 He 1105 0.0366 Sauerwald 
Cu +3 Fe 1098 Ha 1080 0.0377 Sauerwald®) 7 
Pb 520 Hy 440 0.0182 Sauerwald 
Pb + 1 pct Cu 690 He 440 0.0142 Sauerwald 
Pb + 2.5 pct Cu 830 He 440 0.01297 Sauerwald 
Pb + 5 pct Cu 950 He 440 0.01200 Sauerwald 
Table Il. Summary of Contact-Angle Data Used in Calculations of 
Rate of Capillary Rise 
Temp, Atmos- 
System Deg C phere 6 cosé Reference 
Fe-Cu 1098 He 0 Van Viack" 
Fe(8 pet)-Cu 1098 H 0 : 
Cu-Pb 520 He 35.50 4 Bailey and Watkins" 


N, is the number of intercepts between unit length 
of this line and the pore boundaries. Values of the 
other physical quantities appearing in Equation [6] 
(surface tension, viscosity and contact angle) have 
been taken from the literature, the specific quanti- 
ties employed being listed with their sources in 
Tables I and II. 


Experimental Procedure 

Three kinds of powders were used in preparing 
the porous bodies that were subsequently to be infil- 
trated with liquid metal: 1) hydrogen-reduced pure 
iron (approximately equiaxed particles), 2) hydro- 
gen-reduced iron containing 8 pct copper (approx- 
imately equiaxed particles), and 3) atomized copper 
(rounded particles). These powders were separated 
into narrow size ranges by screening. The size range 
100-120 mesh was used in all experiments and in 
addition some tests were conducted using size ranges 
from 35-40 to 230-270 mesh. Weighed samples (16 g 
in the case of iron powder and 20 g in the case of 
copper powder) were placed in iron or copper tubes, 
respectively. These tubes, which were initially 0.8 
cm ID by 13.6 cm long, were closed at one end by 
flattening a short section. The powders were settled 
against the closed end of the tube, by vibrating 
briefly at 1000 cycles per minute (cpm), to produce 
uniform packing. In groups of 7 to 14 the filled tubes 
were placed in a sintering furnace containing an at- 
mosphere of deoxidized and dried hydrogen and 
were sintered for predetermined times at specific 
temperatures, Table III. One set of pure iron sam- 
ples was sintered by raising the temperature, during 
a period of 2 hr to approximately 900°C. All other 
iron and iron-copper samples were sintered isother- 
mally at about 875°C, while all copper samples were 
sintered isothermally at about 830°C. 

After sintering, and prior to hanging in the in- 
filtration furnace, illustrated in Fig. 1, the closed end 
of each tube was sawed off to expose the porous 
body. From the moment of introduction into the 
infiltration furnace the sample was protected by a 
flowing hydrogen atmosphere. Pre-heating was con- 
ducted by holding, above the liquid metal for a 
period of 15 min, in the case of iron, or 5 min, in the 
case of copper. The tube was next lowered a pre- 
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690 He 24.59 0.90 
830 He 16 0.96 
950 He 8 0.99 
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Fig. 1—Schematic 
cross section of 
infiltration furnace. 
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determined distance into the liquid metal, where it 
was held for a measured time, ranging from 1 to 7 
sec, and then withdrawn rapidly into the cooling 
zone. The flow of the liquid metal into the porous 
body was, in fact, stopped immediately upon with- 
drawal from the liquid-metal source. The chilling 
action of the cooling zone served simply to solidify 
the metal in place, so that the structure at the ter- 
mination of infiltration was more or less preserved. 


By measuring the time to reach a specific low tem- 
perature it was computed that copper had solidified 
in iron bodies in less than 1 sec after withdrawal 
from the melt. Liquid lead, which was infiltrated 
into copper at temperatures several hundred degrees 
above its melting point, required up to 1 min to 
solidify. 

During the initial experiments it was thought that 
some iron was being dissolved as the liquid copper 
penetrated the porous body. For this reason, an 
iron powder containing copper in excess of the sat- 
uration limit was employed in a subsequent series 
of experiments. In both the initial and subsequent 
experiments, the liquid copper was contained in an 
iron crucible and was thought to be saturated with 
iron. In order to be certain of complete saturation, 
however, some iron powder was added to the liquid 
copper at the beginning of each experiment. 

Attempts to infiltrate pure iron and the iron-8 pct 
copper alloy with molten silver were unsuccessful 
owing to the failure of silver to wet the iron. Lead 
failed also to wet pure iron powder and did not in- 
filtrate, but successful infiltration experiments were 
obtained by using the iron-8 pct copper powders, 
into which molten lead passed freely. Porous copper 
bodies were infiltrated with both lead and silver. 
In the case of the copper-lead series five different 
particle-size ranges were used. 

After infiltration the tubes were sawed in half, 
lengthwise, and the height of penetration of the in- 
filtrant was measured with a ruler. This measure- 
ment was taken from the extreme end of the porous 
body to the limit of infiltration. It is to be noted 
that the depth of immersion of the tube was ap- 
proximately 0.7 cm and that this length is included 
in the total measurements. 


Table III. Summary of Rate of Capillary-Rise Data Obtained For All Systems Investigated 


10 
1 2 3 4 5 6 q 8 9 Slope 
No. of Powder Infiltr. Infiltr. of Infiltr. 
Group Samples Powder, Size, Presint. Presint. Infiltr. Temp, Time, Curve, 
No. per Group Metal Mesh Time, Hr Temp, Deg C Metal Deg C Sec Atmosphere Cm per Sec 
1 13 Fe 100-120 6.3/min up to 970°C Cu 1140 1-7 He 1.90 
2 12 Fe 230-270 8.4/min up to 1000°C Cu 1120 1-7 He 1.65 
3 13 Fe 100-120 7.3/min up to 882°C Cu 1098 1-7 He 1.85 
4 14 Fe 100-120 1 875 Cu 1098 1-7 He 1.40 
5 14 Fe 100-120 2 875 Cu 1098 1-7 He 1.60 
6 ip Fe 100-120 4 875 Cu 1098 1-7 He 1.90 
7 if Fe 100-120 10 875 Cu 1098 1-7 He 1.97 
8 9 Fe 100-120 16 875 Cu 1098 1-7 He 1.75 
9 8 Fe 100-120 40 875 Cu 1098 1-7 He 1.32 
10 8 Fe 100-120 90 875 Cu 1098 1-7 He 1.10 
11 8 Fe (8 pct Cu) 100-120 1 875 Cu 1098 1-7 H2 1.30 
12 10 Fe (8 pct Cu) 100-120 2 875 Cu 1098 1-7 He 1.43 
13 8 Fe (8 pct Cu) 100-120 4 875 Cu 1098 1-7 He 1.75 
14 8 Fe (8 pct Cu) 100-120 10 875 Cu 1098 1-7 He 2.20 
15 9 Fe (8 pct Cu) 100-120 16 875 Cu 1098 1-7 He 2.05 
16 8 Fe (8 pct Cu) 100-120 38 875 Cu 1098 1-7 He 1.63 
avy. 6 Fe 100-120 10 875 Cu 1098 2-7 He 2.07 
18 4 Fe (8 pct Cu) 100-120 10 875 Cu 1098 2-6 He 2.15 
19 5 Fe 100-120 10 875 Cu 1098 3-5 Argon 2.20 
20 6 Fe (8 pct Cu) 100-120 10 875 Cu 1098 2-7 Argon 2.10 
21 4 Fe 100-120 20 875 Cu 1098 2-6 Vacuum 1.60 
22 5 Fe (8 pct Cu) 100-120 20 875 Cu 1098 2-7 Vacuum 1.92 
23 6 Cu 170-200 So 820 Ag 985 1-3 He 3.45 
24 3 Cu 100-120 3 820 Ag 985 1-3 He 4.05 
25 1 Fe 100-120 90 875 Ag 985 5 He : 
26 1 Fe (8 pct Cu) 100-120 al 875 Ag 985 6 H2 ee 
27 8 Cu 120-140 3 830 Pb 830 1-6 He 
28 4 Cu 80-100 3 830 Pb 830 2-5 He 2.30 
29 7 Cu 35-40 3 830 Pb 830 1-7 He 1.87 
30 6- Cu 35-40 6 830 Pb 830 2-7 He 1.98 
31 5 Cu 35-40 23 830 Pb 830 3-6 He 2.12 
32 3 Cu 120-170 2 830 Pb 830 2-4 He 2.10 
33 5 Cu 120-170 4 830 Pb 830 2-4 He 2.35 
34 2 Cu 120-170 4 830 Pb 520 4-6 He 0.90 
35 2 Cu 120-170 6 830 Pb 830 3-4 He 2.85 
36 3 Cu 120-170 6 830 Pb 520 4-6 He 1.20 
2 Cu 120-170 18 830 Pb 830 3-4 He 2.00 
33 3 Cu 120-170 18 830 Pb 
Cu 35-40 23 830 Pb 52 - 2 Tle 
41 2 Fe 100-120 - a ae 
120-170 3 830 Pb 690 3-7 2 5 
a 7 Cu 120-170 3 830 Pb 830 2-6 He ra 
44 5 Cu 120-170 3 830 Pb 950 3-7 He 2.5 
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Fig. 2—Height of rise as a function of time for liquid copper 
in a column of presintered iron powder. 


For general metallographic inspection and also to 
measure the size of the capillary channels, the por- 
ous bodies were polished and examined in both their 
infiltrated and uninfiltrated portions. To avoid dis- 
tortion during polishing, the uninfiltrated portions 
were first impregnated with a phenolic resin. Dia- 
mond abrasives were used for polishing and etching 
was generally avoided where it might introduce an 
error into the subsequent measurements. Lineal 
analyses and boundary intercept counts, necessary 
for the application of the Fullman method of meas- 
urement of the mean free distance between parti- 
cles, were performed either upon photomicrographs, 
or directly, by the use of a microscope equipped with 
a Hurlbut counter. 

The experimental error incurred through these 
procedures is modest; temperature was controlled to 
+3°C during sintering and to +1°C during infiltra- 
tion. Timing errors were largest for the short times 
of sintering and of infiltration, amounting to as much 
as 25 pct at the maximum, and diminishing to as 
little as 1 pct for the longest treatments. 


Experimental Results 
In order to establish the validity of Equation [6] 
it must be shown that the height of capillary rise is 
a linear function of the square root of time. Within 
the time interval studied and for sufficiently fine 
powders (i.e., <50-80 mesh), this relationship was 
indeed observed in each of the rate studies per- 


formed; a typical example is presented in Fig. 2. 
A total of 41 such rate studies was made; these in- 
volved the five systems: iron with liquid copper, 
iron-8 pct copper with liquid copper, iron-8 pet cop- 
per with liquid lead, copper with liquid lead and 
copper with liquid silver. ; 

To prove the usefulness of the assumption that 
R, may be taken as one quarter of the mean free 
distance between particles, it is necessary to demon- 
strate that values of R, so estimated, predict the 
experimental height of capillary rise when the 
porosity of the presintered body is varied with re- 
spect to both size and shape. The size of the capillary 
openings can be altered, without significant change 
in shape, by using powders of various screen-mesh 
ranges. Such a test is presented in the first two lines 
of results reported in Table IV, where experimental 
and calculated values of the constant K are shown 
to be alike within about 3 pct, for powders differing 
in screen size by a ratio of more than two to one. 
Since the slope K, as given by Equation [8] is equal 
to twice the rate of capillary rise in an infiltration 
time of 1 sec, and since K is readily obtained by ex- 
periment, it is convenient here and henceforth to 
express the rate of capillary rise in terms of K. 

A further demonstration, involving shape changes 
accompanying pore size change, exists in the next 
three series of tests (next 13 lines of data) reported 
in Table IV. In each series, the pore geometry has 
been changed progressively by increasing the time 
of presintering the porous bodies prior to infiltration. 
Although some relatively large errors appear in 
these series, there can be no doubt that K., calcu- 
lated by the use of the arbitrarily measured R., is 
reproducing the pattern of change of rate of capil- 
lary rise K, found by experiment. 

It is noteworthy that both the measured values of 
K, Fig. 3, and of R., Fig. 4, pass through a maximum 
during the early part of the presintering process. 
These maxima correspond to the minimum in density 
that is widely recognized to occur shortly after the 
beginning of sintering. The effect is unusually dis- 
tinct in the present experiments, because uncom- 
pacted powders sinter so slowly that early stage 
effects are readily observed. The same type of max- 
imum was found in all systems studied. 

It is not feasible to demonstrate the dependence 
of the rate of capillary rise independently upon the 
surface tension, viscosity and contact angle, because 


Table lV. Comparison Between Experimental Rates of Capillary Rise (K-) and Calculated Rates of Capillary Rise (K-) 
For Nineteen Groups of Samples 


K K 
Powder Powder Infiltra. Infiltra. Re x 10-4 Cm per Cm per Error, 
Material Size, Mesh Presint, Hr at Deg C Mater. Temp, Deg C Cm Seci/2 Sec!l/2 Pet 
Fe 100-120 6.3°C/min to 970°C Cu 1120 5.25 1.85 1.79 3.25 
Fe 230-270 8.4°C/min to 1000°C Cu 1120 4.15 1.65 1.61 2.50 
Fe ; 100-120 1/875 Cu 1098 4.30 1.40 1.30 —7.00 
Fe 100-120 2/875 Cu 1098 4.40 1.60 1.33 —27.00 
Fe 100-120 4/875 Cu 1098 4.65 1.90 1.41 —25.00 
Fe 100-120 10/875 Cu 1098 6.50 1.97 1.97 0.00 
Fe 100-120 16/875 Cu 1098 5.80 1.75 5 0.00 
Fe 100-120 40/875 Cu 1098 4.95 1.32 1.49 ° 12.00 
Fe 100-120 90/875 Cu 1098 4.20 1.10 1.27 15.00 
Fe (8 pct Cu) 100-120 1/875 Cu 1098 5.50 1.30 1.88 
Fe (8 pct Cu) 100-120 10/875 Cu 1098 8.80 2.20 2.30 ay 
Fe (8 pct Cu) 100-120 38/875 Cu 1098 5.10 1.63 1.76 7.40 
Cu 120-170 2/830 Pb 830 9.10 2.60 2.45 —6.10 
Cu 120-170 6/830 Pb 830 10.00 2.85 2.58 —10.00 
Cu 120-170 18/830 Pb 830 8.10 2.57 CRETE —11.00 
Cu 120-170 3/830 Pb 520 6.00 0.90 
1855 42.00 
be 120-170 3/830 Pb 690 7.45 1.75 2.05 12°50 
Gn 120-170 3/830 Pb 830 5.05 2.00 1.82 —6.00 
u 120-170 3/830 Pb 950 4.80 2.50 1.81 —38.00 
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Fig. 3—Rate of infiltration as a function of time of pre- 
sintering. 
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Fig. 4—Capillary radius as a function of time of presintering. 


these quantities all change at the same time in going 
from one system to the next. Indeed, the surface 
tension and viscosity tend to vary in the same way, 
so that at any one temperature the ratio y/n remains 
almost constant for all systems, see Table I. With 
rising temperature, however, the viscosity dimin- 
ishes independently of the surface tension, while the 
contact angle varies only slightly, so that the cor- 
respondence between K, and K, in the five series of 
tests reported in Table IV would show much larger 
errors at both ends of the series, were it not for the 
partial correction introduced by the viscosity change. 
Reasons for the residual error appear to be associ- 
ated with the behavior of R, and the rate of wetting, 
and will be considered later. 

The influence of temperature upon the rate of 
infiltration was examined only with the system 
copper-lead, see Table III. If the logarithm of the 
rate of capillary rise (log K) is plotted as a function 
_of the reciprocal of the absolute temperature, a near- 
ly straight line results, Fig. 5. From the slope of this 
line an “activation energy” AH = 2000 + 200 cal per 
mole is found. In order to compare this value with 
that for self-diffusion and other thermally activated 
processes it is necessary to remove the radical in K 
by multiplying by 2. The result, 4000 + 600 cal per 
mole compares favorably with the value of AH = 
4000 + 192 cal per mole obtained by Sauerwald’ and 
AH = 4450 + 330 cal per mole obtained by Rothman* 
for the viscous flow and self-diffusion of liquid lead, 
respectively. 

Residual porosity was found in the microstructure 
of many of the infiltrated samples, Fig. 6. By means 
of local measurements, using lineal analysis, it was 
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Fig. 5—Rate of infiltration as a function of temperature. 


found, in iron and iron-alloy bodies infiltrated with 
copper as well as in copper which was infiltrated 
with silver, that the volume of porosity decreased 
from about 15 pct near the top of the sample to 
about 5 pct at a distance of 3 cm below. This distri- 
bution prevailed regardless of the height of capil- 
lary rise, implying that a porous zone of fixed depth 
drifts upward through the mass as the infiltrant 
rises. Such movement could occur either by an up- 
ward travel of each pore, or by the absorption of old 
pores at about the same rate that new ones appear. 

In order to distinguish between these possibilities 
eleven samples were infiltrated under an argon at- 
mosphere and nine samples in a vacuum of about 
10° mm Hg, Table III, groups 19 to 22. It will be 
seen that the rate of infiltration was not affected by 
the change in atmosphere. While the amount of 
porosity found after infiltration in argon was slightly 
larger, and the amount of porosity found after infil- 
tration in vacuum was slightly smaller than in sam- 
ples infiltrated in hydrogen, the same type of resid- 
ual porosity distribution was found in all samples. 
Because of the similarity of behavior of pores filled 
with insoluble argon, soluble hydrogen and ‘“vac- 
uum,” it has been concluded that pores are not being 
reabsorbed through the solution of their gas content 
in the metal, but are simply being swept upward as 
the infiltrant rises. Conversely, it appears that the 
pores are not being formed in the first place by the 
precipitation of gas from the liquid solution, but are 
created by the manner in which the liquid is di- 
rected through the powder mass. 

Where unusually large spaces exist in the original 
powder mass, it is expected that the liquid metal 
will not rise quickly, partly because of the greater 
amount of liquid that must be transferred to fill the 
larger space, and partly because of the local decrease 


Fig. 6—Iron-8 pct 
copper powder, 
100-120 mesh, pre- 
sintered 10 hr at 
875°C, and in- 
filtrated with cop- 
per. Etched with 
ammonia peroxide. 
X150. 
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Fig. 7—Copper 
powder, 120-170 
mesh, presintered 
3 hr at 820°C and 
impregnated with 
phenolic resin. 
X150. 


Fig. 8—Copper 
powder 120-170 
mesh, presintered 
3 hr at 830°C and 
infiltrated with 
silver at 985°C. 
Etched with am- 
monia peroxide. 
X150. 


in the capillary pressure. Thus, the liquid streams 
may by-pass a large opening in the porous body and 
join again beyond, so as to isolate an unfilled space. 
This space, a pore, will then be maintained by its gas 
content, which must be at a pressure corresponding 
to the sum of the external gas pressure and the 
hydrostatic head; in ‘“vacuum” the hydrostatic head 
is relatively more important and the porosity is 
therefore more condensed. 

It must be emphasized that these observations 
apply to infiltration times of 1 to 7 sec. Where long 
times at the infiltration temperature were involved 
the disappearance of pores by the solution of hydro- 
gen in the metal was evident. Iron-copper samples, 
held from 2 to 5 min above the melting temperature 
of copper, exhibited no residual porosity. 

All infiltration systems used in this work except 
one, displayed very small mutual solubility of the 
components at the infiltration temperatures. In or- 
der to eliminate disturbing effects arising from the 
widening of the capillary channels by partial disso- 
lution of the powder component in the liquid during 
infiltration, the liquid component was generally pre- 
saturated with the higher melting component pre- 
vious to infiltration. It was found that, if presatura- 
tion of the liquid component was not performed, a 
higher rate of infiltration was obtained, due to wid- 
ening of the capillary channels; compare in Table II 
the values of K, in groups 32 and 33 with that in 
group 43, where group 43 had a presaturated in- 
filtrant. 

Among the systems studied, copper-silver (Table 
III groups 23 and 24) is unique in having substantial 
mutual solubility between the components in both 
the liquid and solid states. In this case, the presin- 
tered powder mass was subject to major rearrange- 
ment during infiltration. The liquid silver appeared 
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to penetrate the bonds between copper particles, 
setting each particle free to drift to a new orienta- 
tion and position. This resulted in a large reduction 
in the over-all volume of the powder mass as the 
copper particles moved closer together; compare 
Figs. 7 and 8. Since the infiltration time used in 
preparing the sample illustrated in Fig. 8 was only 
2 sec, the entire change can be seen to have occurred 
very rapidly. 


Discussion 

From the foregoing it is apparent that the rate 
of capillary rise of a liquid metal in a metal-powder 
body is approximated by the rate of rise of liquid 
in capillary tubes of corresponding dimensions, 
Equation [5], providing that 1) observation is lim- 
ited to the first 20 pct of the maximum capillary 
rise, 2) the effective length of the capillary path is 
taken to be 7/2 times the height of rise, and 3) the 
effective capillary diameter is taken as one quarter 
of the mean free distance between particle surfaces. 
The first of these stipulations has the effect of limit- 
ing prediction to relatively fine particles, because 
the maximum height of capillary rise becomes small 
when the particle size exceeds about 80 mesh. For 
a porous body, prepared from copper powder of 120 
to 170 mesh by sintering in hydrogen at 830°C, the 
maximum height to which lead would rise is calcu- 
lated to be about 90 cm; in this case the parabolic 
relationship of height of rise versus time may be 
expected to be valid up to a rise of about 18 cm. With 
35 to 40-mesh powder, the corresponding maximum 
height of rise would be 22.5 cm, thus limiting the 
usefulness of the prediction to a rise of about 4 cm, 
which is well within the range encountered in the 
present studies. When such coarse powders were 
used, the parabolic relationship failed at about the 
expected 20 pct of the maximum height of rise. 

The assumption that the effective capillary chan- 
nel has a length 7/2 h is valid so long as the powder 
particles have convex shape. Minor concavity, such 
as was found in some of the iron powder used in 
these studies, Fig. 6, appears to have small effect 
upon the rate of capillary rise. 

As has been mentioned previously, rather large 
errors in the prediction of the rate of capillary rise 
as a function of temperature, appear to be associated 
with the assignment of the effective radius R,. With 
rising temperature the quantity of copper held in 
solution in liquid lead increases, so that, upon cool- 
ing subsequent to infiltration, an increasing quantity 
of copper is expected to deposit upon the solid par- 
ticles, thereby decreasing the size of the capillary 
channels. Thus, R., measured after infiltration, will 
appear smaller than R, during infiltration and the 
error should increase with increasing temperature 
of infiltration. The resulting underestimate of R, is 
thought responsible for the large negative error 
found in the estimation of the rate of rise of lead in 
copper at 830 and 950°C, Table IV. Error in the 
estimation of the rate of rise of lead in copper at low 
temperature (520 and 690°C) is thought to be asso- 
ciated with an approach to the limit of wetting of 
copper by lead. Below 490°C, no infiltration of lead 
into copper was observed. 

The correspondence of the “heat of activation” of 
this process with that for viscous flow of the corre- 
sponding liquid metal argues that the rate-controll- 
ing factor is the resistance to fluid flow established 
by the size and shape of the channels and by the 
physical characteristics of the liquid. This can be 
true only so long as the driving force remains effec- 
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tively constant, which is true only for the first por- 
tion of the capillary rise. 

In liquid-phase sintering the distance through 
which the liquid flows is so short that the findings of 
the present experiments may be expected to apply 
almost without regard to powder size. It is apparent, 
moreover, that the liquid flow stage must be com- 
pleted in extremely short time. If it be assumed that 
the required distance of flow of copper during the 
liquid-phase sintering of an iron-copper mixture, is 
equal to twice the average iron-particle diameter, 
it is calculated that it would take but 2.5 107° sec 
for the copper to reach its final location in a loose 
mass having a particle size of 100 to 120 mesh. It is 
scarcely surprising that gas entrapment is commonly 
found in liquid-phase sintering. 


Summary 


1) By assuming that a porous body consists of a 
great many parallel capillary tubes and _ that 
Poiseuille’s law for the flow of a liquid through a 
narrow tube holds for the nonstationary case, the 
following rate equation can be derived 


R, if 
27 


where h is the height of rise of the liquid in the 
porous body, R. the average capillary radius of the 
porous body, y the liquid-gas surface tension of the 
liquid component, t the time of rise, 7 the viscosity 
of the liquid metal and @ the liquid-solid contact 
angle. 

2) By measuring the rate of capillary rise of 
liquid copper, lead and silver in porous-metal bodies 
of iron, an iron 8 pct copper alloy and copper, it was 
found that the foregoing equation describes the rate 
of infiltration. 

3) The rate of infiltration increases with tempera- 
ture, having for the system copper-lead an activa- 


tion energy of about 2000 cal per mole, which is one 
half of the activation energy for the viscous flow of 
liquid lead, suggesting that the initial rate of infil- 


tration is controlled by the viscosity of the liquid 
phase. 


4) Uncompacted metal-powder bodies are found 
to expand during the first moments of sintering, 
after which shrinking occurs. 

5) Porosity can be produced in the course of in- 
filtration through the action of the liquid in by 


passing and isolating large openings in the powder 
mass. 


6) It is computed that the liquid flow portion of 
the liquid-sintering process must ordinarily occupy 


only a portion of a second of time after melting and 
wetting occur. 
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Diffusion of Third Elements in Liquid lron Saturated 
with Carbon 


The chemical diffusion coefficients of S, Ni, Ti, Mn, P, and Si in dilute solutions of car- 
bon-saturated liquid iron have been measured by the capillary-reservoir technique. The co- 
efficients increase from D — 1.1x10—5 to 15x10—® cm? per sec at 1350°C, in the order 
listed. Temperature coefficients are reported for the interval 1190-1450°C. Some data 
are given for average diffusion coefficients of C in liquid FeC alloys. 


by R. E. Grace and G. Derge 


S detailed studies of mass transport in hetero- 
geneous systems are made, a knowledge of the 
chemical diffusion coefficients in various liquid and 
solid phases is necessary to understand the kinetics 
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of any total reaction. For example, in zone refining 
some information must be available about the diffu- 
sion coefficients of various species in the liquid and 
solid regions near the moving interface. In liquid- 
liquid reactions, of which slag-metal reactions are 
of particular interest to metallurgists, the diffusion 
coefficient of a transferring species must be known 
accurately in both phases in order to predict a trans- 
fer coefficient for the over-all process. 

Diffusion data for various elements in liquid iron 
and iron-carbon alloys have been roughly deter- 


JUNE 1958—331 


DRILL 4 OR 6 HOLES, I/I6" DIAMETER 


Fig. 3—Furnace 


Fig. 1—Graphite capillary holder. 


RAPHIT 1,0, CEMENT 
GRAPHITE Ale0s 


G SiOp TUBE 


OVERALL LENGTH = 28" 


OO 


2-v2" 


1) 


Fig. 2—Graphite and quartz assembly for diffusion measure- 
ments. 


mined by several authors.** In no case have the ex- 
periments yielded entirely satisfactory data; thermal 
convection, alteration of the interface by freezing 
and secondary chemical reactions have made the 
data erratic and nonreproducible. Temperature co- 
efficients which are reliable have not been estab- 
lished, except for the work of Morgan and Kitch- 
ener’ who performed experiments with Fe-Co and 
Fe-C alloys. 

In a previous paper’ the authors have applied a 
capillary-reservoir technique to the measurement 
of diffusion coefficients of Bi in liquid Pb-Bi alloys 
at elevated temperatures. In the present paper the 
capillary-reservoir technique has been adapted to 
measurements of diffusivity in various dilute solu- 
tions of alloying elements in carbon-saturated liquid 
iron. The elements studied were Ti, Mn, Ni, Si, P, 
and S. These were chosen because the chemical ac- 
tivities and the atomic dimensions of the solutes in 
Fe-C melts differ greatly. These diffusivity experi- 
ments were run between 1190-1450°C. Some experi- 
ments on the diffusion of C in binary liquid Fe-C 
alloys were made and the results are reported here- 
in. These experiments were carried out in the tem- 
perature interval 1340-1600°C. 


Experimental Method 

The experimental technique was similar to that 
used in the earlier investigation.’ Graphite capillary 
holders and crucibles were used for all of the ter- 
nary alloys studied. A typical capillary holder and 
the diffusion assembly are shown in Figs. 1 and 2. 
After the graphite capillary holders were machined, 
they were baked out in a large graphite crucible for 
16 hr at 700°C. The capillaries were filled by im- 
mersing the diffusion assembly in a liquid Fe-C or 
Fe-C-X™* alloy held in the vacuum furnace shown in 


* X represents any alloying element. 


Fig. 3. The vacuum used in these experiments was 
about 0.01 mm Hg. After the diffusion assembly was 
immersed in the molten alloy for about 5 min, the 
vacuum was released and the capillaries were filled 
with the master alloy. A calibrated W-Mo thermo- 
couple was placed in the quartz tube which held the 
diffusion assembly so that the approximate tempera- 
ture at which the capillaries were filled could be de- 
termined. The filled capillaries were removed from 
the melt and were cooled down to room temperature. 
Since there was a shrinkage of the alloy into the 
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capillary upon freezing, the open throats of the 
graphite holders were polished away carefully until 
a small slug of metal was exposed. This technique 
was necessary to insure bath contact upon remelting 
during the diffusion run. 

Since it was necessary to know the length of the 
liquid-diffusion column, the following measurement 
was taken on solidified capillary specimens to deter- 
mine their true length during the diffusion experi- 
ments. The graphite capillary holder was polished 
away in longitudinal sections of several frozen capil- 
laries in a C-saturated Fe alloy. It was then possible 
to measure the length of the capillary hole in the 
graphite holder and also the length of the solidified 
metal capillary specimen. It was observed that the 
metal specimens were always tightly held in the 
capillary holder and that porosity was absent. An 
average shrinkage value of 6.5 pet was determined; 
this value is only one half of that used by Morgan 
and Kitchener.’ Furthermore, it was observed that 


Table |. Chemical Composition of Plast-lron® 


Percent 


«Plastic Metals Division, The National Radiator Co., Johnstown, 
a. 
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Fig. 4—Furnace 
assembly for 
making diffusion 
runs: 

(1) W-Mo 
thermocouple 
(2) SiO.— 
graphite protec- 
tion tube 

(3) SiO.— 
graphite diffusion 
assembly 

(4) Graphite 
crucible, 24 in. 
OD, 6 in. high 
(5) MgO crucible 
(6) Bubble 
Al:Os insulation 
(7) Diffusion 
bath, 400 g 

(8) Position of 
thermocouple 
bead 

(9) Induction 
coil 
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all of the alloys studied had a similar shrinkage. The 
_average value of 6.5 pct contraction was used to 
evaluate all of the measured diffusion coefficients. 

The following master alloys were used in diffusion 
experiments: Most of the alloys were made by melt- 
ing high-purity Plast-iron (chemical analysis, Table 
I) in a graphite crucible to saturate the melt with 
carbon. Two of the alloys were made with Armco 
iron. After the Fe-C alloy was cooled to room tem- 
perature, it was remelted (in vacuo) in a graphite 
crucible and the alloying elements were added. 
Manganese and nickel metals were used while Ti, P, 
and Si were added in the form of ferroalloys. Sulfur 
was added in the form of prefused FeS. The percent 
deviation in the chemical analyses indicates the total 
error due to sampling, cleaning graphite from the 
samples and chemical analysis, Table II. All anal- 
yses are reported in weight pct. 

Diffusion runs were made by placing the filled dif- 
fusion capillaries in a 400-g bath of liquid carbon- 
saturated Plast-iron or liquid Fe-C-X alloy con- 
tained in a graphite crucible. Both “up” and ‘“down”’ 
positions of the open capillary throat and the direc- 
tion of the alloy flux; i.e., to or from the capillary, 
were investigated. The experimental furnace is 
shown in Fig. 4. The samples were pre-heated above 
the diffusion bath for 10 min at a temperature of 
about 900°C and were then plunged into the large 
diffusion bath. Isothermal diffusion times of 20-40 


Table II. Carbon-Saturated Iron Diffusion Alloys 


MA XV 0.63 + 0.02 pet Ti 
MA III (Armco Fe) 1.57 + 0.07 pct Mn 
MAIV (Armco Fe) 1.42 + 0.03 pct Mn 
1.56 + 0.04 pet Mn 
MA VI... 1.47 + 0.04 pct Ni 
MA VII 1.41 + 0.02 pet Ni 
MA IX 1.51 + 0.02 pct Ni 
AX 1.57 + 0.03 pet P 
Table III. lron-Carbon Diffusion Alloys 


1242 1340 1451 
J 
Fig. 5—Diffusion 5 10 
data for Tiin C- J 
Co = 0.63 pct Ti; 
re) 
s = 0.00 pct Ti. ° ° 
66 64 62 6058! 
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min were used, and the temperatures were read 
with a W-Mo thermocouple placed in the diffu- 
sion bath. A 35-kw Ajax induction heating unit was 
employed, and the temperature variation in any dif- 
fusion experiment was not greater than +7°C. Spe- 
cial atmosphere control was not required in these 
experiments. A relatively pure CO atmosphere was 
maintained over the diffusion bath by the walls of 
the graphite crucible. This protected the diffusion 
bath from oxidation. 

At the end of the diffusion experiment the diffu- 
sion assembly was removed from the bath and was 
allowed to cool to room temperature. The solidified 
capillary specimens were removed from the graphite 
holder and were polished lightly on 00 emery paper; 
their length was measured to 0.002 cm with a metric 
micrometer. In the tables of data, all of the length 
measurements are reported for the solidified metal 
cylinders, and these should be increased by 6.5 pct 
when computing the diffusion coefficients. Finally, 
the metal specimen was chemically analyzed to de- 


Table IV. Diffusion Constants of Various Elements in 
C-Saturated Fe" 


Do, Q, 
Cm? per Sec Cal per Mole 


Element Wt Pct 
Ti 0.0-0.6 3.2x10-4 6400 
Mn 0.0-1.5 1.0x10-8 8800 
Ni 0.0-1.5 0.9x10-4 3900 
0.0-1.5 3.1x10-3 11000 
Si 0.0-0.7 1.3x10-* 7200 
Ss 0.0-0.9 7.4x10-% 21000 
5 -2.5 3.9x10-2 16000 
Cc 5 -1.5 1.6x10-2 14000 


Q 
« The constants fit the equation D = Do exp & ar |. 


Table VY. Diffusion Data for Ti in C-Saturated Fe 


Graphite Capillaries 1/16 in. bore ; 
Co = 0.63 + 0.02 pct Ti; Cs = 0.00 pct Ti 
Open end ‘‘down”’ in diffusion bath 


Run Time, l Ca Dri Fe-C x 105, 

No Min Cm Pet Ti Deg C Cm? per Sec 
26A-2 60 1.162 0.41 1216 4.1 
26A-3 60 1.721 0.48 1216 4.2 
26A-4 60 1.204 0.43 1216 3.6 
26A-5 60 1.695 0.50 1216 3.0 
26B-2 40 1.350 0.49 1288 3:3 
26B-3 40 1.061 0.40 1288 5.6 
26C-2 30 1.953 0.51 1360 6.8 
26C-3 30 1.276 0.47 1360 5.2 
26C-4 30 1.915 0.53 1360 4.6 
26C-5 30 1.985 0.55 1360 abil 
26D-2 30 1.970 0.51 1440 7.0 
26D-3 30 1.965 0.53 1440 4.8 
26D-4 30 2.326 0.56 1440 Ey] 
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termine the amount of solute which had left or had 
entered the capillary during the diffusion run. 

The appropriate solution to Fick’s law for these 
measurements is’ 


Caz 2, ( 
C,—C, l 


C, = initial concentration of solute in entire cap- 
illary att =o 
C, = final concentration of solute in entire capil- 


lary att=t 
C, = concentration of solute in diffusion bath at 
any t 


l = length of capillary 
= time of diffusion experiment 
D = diffusion coefficient 


In the binary Fe-C liquid-diffusion experiments a 
slightly different technique was used. The graphite 
capillary holders were replaced with recrystallized 
Al,O; tubes which had been sealed on one end. These 
capillaries were 2 mm diam and 10-25 mm in length. 
Two Fe-C alloys were prepared by melting Plast- 
iron and carbon-saturated Plast-iron in Al.O, cruci- 
bles in the vacuum furnace shown in Fig. 3. The cap- 
illaries which were sealed on long quartz tubes with 
Al,O, paste were filled by the vacuum immersion 
technique previously described. The alloys used are 
shown in Table III. 

The capillaries were diffused into a 400-g bath of 
carbon-saturated Plast-iron so that carbon entered 
the capillaries from the diffusion bath. The boundary 
condition, C,, at the open throat of the capillary was 
determined by the liquidus line determined by Chip- 
man.” The diffusivity values for carbon represent 
averages over a composition and structure gradient 
because the nature of the diffusivity near the Fe-C 
eutectic probably resembles that shown in the Pb-Bi 
system.’ The results in general should not be com- 
pared with those obtained in the experiments with 
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Table VI. Diffusion Data for Ni in C-Saturated Fe 


DyiFe-C x 105, 


Run Time, 
No. Min Cm Pet Ni Deg C Cm? per Sec 


(A) Graphite Capillaries 1/16 in. bore , 
Co = 1.41 + 0.02 pet Ni; Cs = 0.02 pct Ni 
Open End ‘‘up”’ in diffusion bath 


10A-1 45 1.794 1.18 1280 2.69 
10A-2 45 1.790 1.18 1280 2.69 
10A-3 45 1.805 1.20 1280 2.25 
10A-4 45 1.809 ales iy 1280 3.02 
10A-5 45 1.808 1.18 1280 272 
10A-6 45 1.810 1.19 1280 2.51 
10A-7 45 1.810 1.14 1280 3.82 
10A-8 45 1.820 1.18 1280 2276 
10A-9 45 1.773 1.18 1280 2.62 
10A-10 45 1.817 1.18 1280 2.76 
10B-1 45 1.684 1.12 1430 4.52 
10B-2 45 1.686 1.16 1430 3.40 
10B-3 45 1.680 1.18 1430 2.91 
10B-4 45 1.690 1.15 1430 3.73 
10B-5 45 1.659 1.14 1430 3.85 
10B-6 45 1.655 1.21 1430 2.21 
10B-7 45 1.658 1.16 1430 3.33 
10B-8 45 1.680 1430 4.25 
10B-9 45 1.674 1.20 1430 2.44 
10B-10 45 1.657 a Tel 1430 3.05 
10B-11 45 1.675 ibabs} 1430 4.20 
10B-12 45 1.686 1.22 1430 2.10 
10B-13 45 1.681 1.15 1430 3.69 
10B-14 45 1.666 1.20 1430 2.44 
Co = 1.47 + 0.04 pct Ni; Cs = 0.00 pct Ni 
(B) Other conditions as in (A) 
14A-1 90 1.707 1.18 1350 1.93 
14A-2 90 iSeries 1.13 1350 2.74 
14A-3 90 1.735 p 1350 3.05 
14A-4 90 1.763 1.42 1350 —a 
14A-5 90 1.732 1.13 1350 2.72 
144-6 90 1.741 Pais 1350 2.74 
14A-7 90 1.759 1.11 1350 3.13 
14A-8 90 1.707 Ly, 1350 2.05 
14A-9 90 1.697 1.46 1350 —4 
14A-10 90 1.769 Las 1350 2.84 
14C-1 90 1.662 a La 1350 2.21 
14C-2 90 1.652 1.18 1350 1.80 
14C-3 90 1.669 1.17 1350 1.97 
14C-4 90 1.657 1.20 1350 1.56 
14C-5 90 1.662 BIBLES) 1350 2.21 
14C-6 90 1.657 1.13 1350 2.49 
14C-7 90 1.666 1.19 1350 1.70 
14C-8 90 1.665 1.19 1350 1.70 
14C-9 90 1.664 1.20 1350 1.58 
14C-10 90 1.666 1.18 1350 1.82 
14C-11 90 1.658 TA 1350 1.45 
(C) Co = 0.00 pet Ni; Cs = 1.51 pct Ni 
Open end ‘‘down” in diffusion bath 

6B-8 45 1.687 0.29 1318 5.18 

6C-7 45 1.910 0.20 1318 2.10 

6C-8 45 1.942 0.20 1318 Pai if 

6C-9 45 1.688 0.20 1318 1.65 

6D-7 45 1.620 0.30 1318 3.42 

6D-8 45 1.435 0.21 1318 

6D-9 45 1.412 0.32 1318 2.95 


« Sample did not make contact with bath. 


Nore: Other runs made in the same manner as A and B except 
that the open end of the capillary was in the ‘‘down”’ position, gave 
erroneous values of Dni ranging from 26 x 10- to 78 x 10 ecm? per 
sec. It was suspected that Fe-C-Ni alloys were more dense than the 
Fe-C diffusion bath, and that mechanical instability promoted con- 
vection which resulted in high values of the diffusivity. Further 
experiments in which nickel was diffused from a 1.5 pct Ni diffu- 
sion bath into the plain Fe-C capillary sample as in C substantiated 
this idea. In these experiments the correct diffusivity was measured 
when the capillary was placed in the “down” position, and errone- 
ously high results ranging from 37 x 10-5 to 104 x 105 cm2 per sec 
were obtained by using the “up” position. 


dilute solutions of metallic and nonmetallic solutes 
with carbon-saturated iron. 


Presentation of Data 


The data can best be examined by comparing 
graphs of the logarithm of the experimental diffu- 
sion coefficient versus the reciprocal of the absolute 
temperature. All of the numerical data used in com- 
puting the coefficients are listed in the tables of data 
(Tables V-XI). Figs. 5-10 show the graphical data 
for the diffusivity of Ti, Mn, Ni, Si, S, and P in 
carbon-saturated iron. Fig. 11 shows the data for 
the diffusivity of carbon from carbon-saturated iron 
into two iron-carbon alloys of 1.63 and 2.53 pct C. 
Table IV shows the Arrhenius constants for the dif- 
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fusivity—temperature relations in the various al- 
loys studied. Because of the experimental difficulties 
encountered at elevated temperatures, the values 
given in Table IV can only be considered as ap- 
proximate. 


Interpretation of Results 

The reproducibility of any single diffusion ex- 
periment, determined by the lines of best fit through 
the graphical data, is good to a factor of 2. In order 
to compare the results for the six alloying elements 
studied, the variables of temperature and composi- 
tion must be eliminated. A comparison for dilute 
solutions in -carbon-saturated iron is given in 
Table XII. 

The variation in diffusivity of the various solute 
elements is about 13-fold. In these ternary Fe-C- 
Alloy solutions it is impossible to correlate atomic 
particle size with diffusivity in an Einstein-Stokes 
or an Eyring treatment.* It is probable that the 
diameter of the atomic species involved in the 
diffusion jump is not 13 times smaller in the case 
of Si when compared with S. Furthermore, the co- 
efficient of viscosity probably does not vary by a 
factor of 13 in the dilute alloys studied, although 
viscosity data are lacking. The simple Einstein- 
Stokes or Eyring relations are inadequate to de- 
scribe diffusion rates in the ternary alloys studied. 

Chemical-activity data are available for various 
elements in liquid iron,’ but little information is 
available about the Henry’s law constant for vari- 
ous solutes in Fe-C melts. Morris and Buehl” have 
determined that carbon-saturation of dilute Fe-S 
melts increases the activity coefficient of S about 5 
or 6 times. The activity coefficients of Ti, Mn, and 
Si in dilute solutions with liquid Fe would probably 
be decreased by carbon additions. Similarly, Ni in 
dilute solution with carbon-saturated iron should 
remain nearly an ideal solution, because neither 
Ni-Fe nor Ni-C interactions are expected. There is 


Transactions of The Metal- 
lurgical Society of AIME 


Table VII. Diffusion Data for Mn in C-Saturated Fe 


Graphite Capillaries, 1/16 in. bore 
Open end ‘‘down”’ in diffusion bath 


Run 10: Co = 1.57 + 0.07 pct Mn, Cs; = 0.04 pct Mne 
Run 12: Co = 1.42 + 0.03 pct Mn, Cs = 0.04 pct Mn# 
Run 20: Co = 1.56 + 0.04 pct Mn, Cs = 0.00 pct Mn® 
Run 3: Co = 1.49 + 0.04 pct Mn, Cs = 0.00 pct Mn? 
Run Time, C4 DynFe-€x105, 
No. Min Cm Pct Mn Deg C Cm? per See 
10b 23 1.470 1.05 1396 13.7 
10¢e 23 1.205 1.05 1396 9.2 
12F-1 25 1.865 1.14 1354 6.3 
12F-2 25 1.213 0.91 1354 9.8 
12D-1 30 1.346 0.98 1302 7.5 
12D-2 30 1.793 1.06 1302 8.6 
12D-3 30 1.843 1.13 1302 5:5 
12A-1 30 1.409 1.04 1299 7.4 
12A-2 30 1.519 1.04 1299 8.7 
12A-3 30 1.248 0.96 1299 8.5 
12B-1 40 0.913 0.79 1246 Sai 
12B-2 40 1.476 1.07 1246 4.1 
12B-3 40 1.015 0.82 1246 6.3 
12E-2 30 1.833 1.16 1220 4.3 
12E-3 30 1.775 1.14 1220 4.7 
12E-4 30 1.231 0.99 1220 6.0 
12C-1¢ 2 1.639 1.32 1192 _— 
12C-2¢ 2; 1.542 1.42 1192 — 
12C-3¢ 2 1.665 1192 
20B-1 30 1.988 1.30 1298 5.4 
20B-2 30 1.952 1.39 1298 2.2 
20B-3 30 1.360 1.18 1298 5.4 
20B-4 30 1.760 1.27, 1298 5.3 
20C-1 30 2.127 35 1400 4.1 
20C-2 30 2.168 1.29 1400 7.0 
20C-3 30 1.955 1.26 1400 7.0 
20C-4 30 2.255 1.36 1400 4.1 
20C-5 30 1.833 152 1400 —4 
20C-6 30 2.151 1.28 1400 1.4 
3A-8 30 1.462 1.32 1299 1.24 
3A-9 30 1.710 1.29 1299 2.39 
3A-10 30 1.658 1.32 1299 1.59 
3B-6¢ 30 1.29 1299 2.40 
3B-7¢ 30 1.738 1.30 1299 2.66 
3B-8 30 1.375 Lad 1299 5.09 
3B-9 30 1.684 1.29 1299 2.75 


« Armco Fe. 

» Plast-iron. 

¢ Blank runs. 

@ Sample did not make bath contact. 

e 3/64 in. capillary bore used in these runs. 

Nore: Other runs made in the same manner, except that the open 
end of the capillary was in the “up” position, gave erroneous values 
of Dun ranging from 15 x 10-5 to 99 x 10 cm? per sec. 


uncertainty about the behavior of P in Fe-C solu- 
tions. Until chemical activity data are available for 
the solutions studied, it is not possible to account for 
the differences of the measured diffusion coefficients 
of the various solutes. It is probable that the activa- 
tion energy for diffusion is smallest in the most 
nearly ideal solutions. 

The temperature coefficients for diffusivity re- 
ported herein are a special type. The experimental 


Table VIII. Diffusion Data for P in C-Saturated Fe 


Graphite Capillaries, 1/16 in. bore 
Co = 1.57 + 0.03 pct P, Cs = 0.03 pct P 
Open end ‘‘down”’ in diffusion bath 


Run Time, Us C4 DpFe-Cx105, 

No. Min Cm Pet P Deg C Cm#? per Sec 
19A-2 25 2.176 1.33 1350 6.8 
19A-3 25 2.124 1.33 1350 6.5 
19A-4 25 2.385 1.36 1350 6.3 
19C-1 25 1.471 LL 1256 8.7 
19C-2 25 1.251 1.19 1256 5.7 
19C-3 25 1.249 1.07 1256 9.8 
19C-4 25 1.257 1.14 1256 1.3 
19C-5 25 1.240 1.16 1256 6.5 
19D-2 25 2.118 1.33 1308 6.5 
19D-3 25 1.241 1.12 1308 7.8 
19E-1 25 2.174 1.21 1412 15.3 
19E-2 25 2.118 1.29 1412 8.8 
19E-3 25 2.065 1.18 1412 16.3 
19E-4 25 2.118 1.31 1412 8.1 
19E-5 25 2.113 1.22 1412 13.7 
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values of @ given in the equations in Table IV have 
a double dependence on the composition of the al- 
loys used in the diffusion experiments. The first de- 
pendence is on the composition interval of the sol- 
ute species within the concentration gradient. These 
composition intervals were minimized to about 1.5 
wt pct. However, as diffusion runs of a single solute 
were made at various temperatures, the carbon con- 
tent of the capillary specimens and the diffusion 


Table IX. Diffusion Data for S in C-Saturated Fe 


Graphite Capillaries 1/16 in. bore 
Co = 0.85 + 0.02 pct S; Cs = 0.01 pct S 
Open end ‘‘up” in diffusion bath 


Run Time, Us Ca DsFe-Cx105, 
No. Min Cm Pet S Deg C Cm? per Sec 
11A-1 45 1.654 0.766 1300 1.12 
11A-2 45 1.647 0.764 1300 1.14 
11A-3 45 1.662 — 1300 — 
11A-4 45 1.667 0.802 1300 0.42 
11A-5 45 1.649 0.779 1300 0.80 
11A-6 45 1.652 0.809 1300 0.33 
11A-7 45 1.635 0.768 1300 1.02 
11A-8 45 1.630 0.742 1300 1.70 
11A-9 45 1.646 0.772 1300 0.86 
11A-10 45 1.653 0.806 1300 0.36 
11A-11 45 1.681 0.810 1300 0.32 
13A-1 90 1.694 — 1431 — 
13A-2 90 1.496 0.69 1431 1.08 
13A-3 90 1.488 — 1431 — 
13A-4 90 1.636 0.59 1431 3.78 
13A-5 90 1.606 0.66 1431 1.82 
13A-6 90 1.592 0.69 1431 1.22 
13A-7 90 1.513 0.65 1431 1.82 
13A-8 90 1.563 0.67 1431 1.52 
13B-1 90 1.571 0.68 1431 1.52 
13B-2 90 1.088 1431 — 
13B-3 90 1.488 0.63 1431 2.33 
13B-4 90 1.311 — 1431 — 
13B-5 90 1.528 0.60 1431 3.21 
13B-6 90 1.548 0.68 1431 1.47 
13B-7 90 1.491 0.60 1431 3.08 


Nore: Other runs made in the same manner, except that the open 
end of the capillary was in the “down” position, gave erroneous 
values of Ds ranging from 12 x 10-5 to 39 x 10 cm2 per sec. 


Table X. Diffusion Data for Si in C-Saturated Fe 


Graphite Capillaries, 1/16 in. bore 
Co = 0.73 + 0.06 pct Si, Cs = 0.01 pct Si 
Open end ‘‘down” in diffusion bath 


Run Time, G Ca Fe-Cx10°, 
No. Min Cm Pet Si Deg C Cm? per Sec 
17A-1 25 1.973 0.63 1226 4.5 
17A-2 25 1.551 0.50 1226 14.1 
17C-1 35 2.005 0.52 1276 14.5 
17C-2 35 2.020 0.71¢ 1276 — 
17C-3 35 1.962 0.52 1276 14.0 
17C-4 35 1.944 0.46 1276 22.6 
17C-5 35 1.966 0.53 1276 12.7 
17C-6 35 1.969 0.53 1276 12.7 
17D-1 30 1.872 0.54 1298 12.1 
17D-2 30 1.894 0.55 1298 11.0 
17D-3 30 1.978 0.58 1298 8.9 
17D-4 30 1.807 0.56 1298 9.0 
17D-5 30 1.901 0.56 1298 10.0 
17D-6 30 1.956 0.56 1298 10.6 
17E-1 25 2.145 0.60 1340 9.0 
17E-2 25 2.006 0.54 1340 16.6 
17E-3 25 2.011 0.56 1340 13.3 
17E-4 25 2.006 0.52 1340 20.3 
17E-5 25 2.070 0.58 1340 11.1 
17E-6 25 2.114 0.59 1340 10.3 
17F-1 25 1.452 0.40 1412 26.4 
17F-2 25 1.923 0.50 1412 22.9 
17F-3 25 1.952 0.774 1412 -- 
17F-4 25 1.918 0.784 1412 — 
17F-5 25 1.970 0.50 1412 23:7, 


«Sample did not make bath contact. 

Nore: Other runs made in the same manner, except that the 
open end of the capillary was in the “up’’ position, gave erroneous 
values of Dsi ranging from 31 x 10-5 to 71 x 10-5 cm? per sec. 


bath shifted along the liquidus surface of the hyper- 
eutectic portion of the Fe-C-X phase diagram. This 
second composition dependence of Q on the variable 
carbon content of the specimens with temperature 
conditions any interpretation of energetics from the 
experimental values of @. As an experimental pre- 
caution against a large carbon flux, the capillaries 
were filled and diffused at identical temperatures so 
that carbon-concentration gradients would be mini- 
mized. 

The results of the experiments on the diffusion of 
C in liquid Fe-C alloys represent average diffusion 
coefficients over a composition region which in- 
cludes the Fe-C eutectic. When the concentration 
gradient is large, even in binary systems, the Ein- 
stein-Stokes and the Eyring relations are only ap- 
proximate. However, the experimental data show a 


Table XI. Diffusion Data for C in Fe at Various Carbon 
Concentrations 


Capillaries, 2 mm bore 
Open end ‘‘down’”’ in diffusion bath 


Run Time, DoF ex10® 
No. Min Cm Pet C Pet C Deg C Cm? per Sec 


Co = 1.63 + 0.05 pct C, Cs = 5 pct C 


23B-1 20 1.305 2.92 4.92 1410 19.4 
23C-2 20 1.242 3.23 5.02 1450 25.4 
23D-2 20 1.387 3.64 5ul5 1500 46.4 
23E-1 20 1.910 2.83 5.28 1550 29.2 
23E-2 20 1.703 Sus 5.28 1550 36.4 
23F-1 20 2.022 2ais 5.40 1600 26.8 
23F-2 20 1.948 2.99 5.40 1600 36.6 
Co = 2.53 + 0.10 pet C, Cs = 5 pct Cc 
25A-1 20 1.851 2.95 4.74 1340 9.2 
25A-2 20 1.124 3.68 4.74 1340 25.5 
25B-1 20 1.812 3.30 4.86 1388 26.7 
25B-2 20 1.638 Sra 4.86 1388 25.8 
25C-1 15 1.729 3L5 4.96 1428 19.3 
25C-2 15 1.681 3.44 4.96 1428 39.2 
25D-1 15 1.915 3.45 5.16 1505 44.3 
25D-2 15 1.890 3.43 5.16 1505 41.4 


« Chipman’s Solubility Curve.12 
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Table XII. Comparison of Alloying Elements Diffusing into C 
Saturated Liquid Iron 
at 1350°C 
x 105, 

Element Wt Pct Cm2 per Sec 

Ss 0-0.9 1.1 

Ni 0-1.5 3.7 

Ti 0-0.6 4.5 

Mn 0-1.5 6.4 

0-1.5 9.1 

Si 0-0.7 15 


dependence of the diffusion coefficient on the com- 
position of the capillary alloy. Carbon diffuses more 
slowly into a low carbon (more viscous) alloy than 
it does into a higher carbon (more fluid) alloy. Since 
the coefficient of viscosity varies markedly with 
composition in liquid Fe-C alloys," it might have 
been expected that the foregoing results should 
have been accentuated by the experiments of Mor- 
gan and Kitchener® but they found no concentration 
dependence of the diffusion coefficient of C in Fe-C 
alloys at 1550°C in the range 0.03-3.5 pct C. 


Summary 

1 The capillary-reservoir technique has been 
used to measure the diffusion coefficients of various 
elements in carbon-saturated liquid iron. In Fe-C-X 
melts the diffusion rate of an alloy species is de- 
pendent upon the chemical activity of that species 
in the solution. 

2 At 1350°C the relative rates of diffusion are 
Mn > Ti > Ni and the. variation of 
diffusivity is much greater than would be calcu- 
lated by the simple Einstein-Stokes or Eyring rela- 
tions. 

3 Average values of the diffusivity of C in bi- 
nary Fe-C alloys were measured in the composition 


interval of 1.5-5 pet C. Some effect of the carbon 
composition on the diffusion rate was demonstrated. 
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Technical Note 


The Laves Phases ThOs, and Thlir, 
by A. E. Dwight, J. W. Downey and R. A. Conner, Jr. 


HE MgCu, type Laves phase has been observed 

in the thorium-osmium and thorium-iridium 
systems. Two alloys corresponding to ThOs, and 
ThIr, were prepared by arc melting a 5-g charge in 
a water-cooled copper crucible. Both alloys were 
very brittle. X-ray diffraction patterns were ob- 
tained using filtered Cu and Co radiation with a 
Straumanis-type DeBye-Scherrer camera. The 4d 
values as shown in Table I were obtained by a 
Nelson-Riley extrapolation. 

The structure belongs to space group O,'-Fd3m. 
Relative intensities for each of these compounds 
were calculated on the assumption that 8 thorium 
atoms occupy (a) positions and 16 osmium or irid- 
ium atoms occupy (d) positions. The calculated in- 
tensities are the product of the Lorentz-polarization 
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factor, the multiplicity factor and F’, the structure 
factor, neglecting the absorption and temperature 


Table |. Values of ao 


ThOs2 

do = 7.7050+0015A ao = 7.6615+0015A 
hkl Te Io Ic Io 
220 67.3 M 66 M 
311 200 s 200 Ss 
222 68 MS 68.6 MS 
400 5. Vw 5.4 Vw 
422 25.7 M 25 M 
511 

65.8 Ss 65.3 Ss 
333 
440 58.8 Ss 57.6 Ss 
620 13-1. MS 12.8 M 
533 29.1 Ss 29 MS 
622 33.2 Ss 33.6 MS 
642 26.9 Ss 29.1 MS 
731 1 

99.4 vs 103.9 vs 
553 if 
800 31.6 Ss 33 Ss 
822 58 s 70.3 Ss 
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factors. There is fair agreement between calculated 
and observed intensities. 

The X-ray diffraction patterns of the cast mate- 
rial were identical to those obtained after heating a 
sample to 860°C for 5 days. It is noted that the 
ThOs, compound has a larger a than does ThIr, al- 
though the Goldschmidt radius of iridium is larger 
than that of osmium. 

The R,/R; ratio for Laves-type phases varies 
around the value 1.23. The ThOs, and ThIr, phases 
have R,/R,; ratios of 1.34 and 1.33 which are not 


excessive deviations. The only other known Laves 
phase involving thorium is a hexagonal ThMn, with 
MgZn, structure.* 
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Density of Molten @ure Sulfide Mattes 


The density of molten CusS, FeS and a 50-50 wt pct mixture of the two was measured over a 
temperature range from the liquidus to 1500°C. The density of molten Cu,S decreases from about 
5.9 grams per cc to 5.7 grams per cc as temperature is increased, while the density of nolten FeS 
remains approximately constant at 3.9 grams per cc. The density of the molten Cu-Fe sulfide 
matte follows a roughly additive rule of mixtures, but the temperature coefficient of density of the 
matte is larger than that for Cu.S. The data on FeS show that the apparent metallic conduction 
in molten FeS cannot be explained by density decrease on heating. Molar conductances of these 
sulfides may be computed readily from previously measured specific conductances and the present 


density data. 


by M. Bourgon, G. Derge, and G. M. Pound 


STUDY of electrical conductance in molten Cu- 

Fe sulfide mattes’ has shown that pure molten 
Cu.S behaves like a semi-conductor in that it is an 
electronic conductor and its specific conductance, of 
the order of 100 ohm™ cm, increases with increase 
in temperature. On the other hand, pure molten 
FeS, another electronic conductor, behaves like a 
metallic conductor in that its specific conductance, 
about 1500 ohm™~ cm™, decreases with increase in 
temperature. Molten solutions of Cu.S and FeS fol- 
low a roughly additive rule of mixtures with respect 
to both specific conductance and temperature co- 
efficient. 

The behavior of molten Cu.S may be understood, 
by analogy to the situation in solids, in terms of semi- 
conductor theory.’ It is thought that, although the 
melt consists of cuprous and sulfide ions, the bond 
between these atoms has a certain degree of cova- 
lency. According to the simplest concept the elec- 
trons in the partially covalent bonds are thermally 
promoted to a conduction band. In another concept, 
small amounts of impurities (undetermined) pro- 
vide donor or acceptor levels in the forbidden zone 
between the valence and conduction bands and thus 
facilitate semi-conduction in the usual way. How- 
ever, the metallic behavior of molten FeS is difficult 
to explain, because one might expect from similar 
reasoning that it too should act like a semi-conductor. 

It was suggested that the apparent metallic be- 
havior of molten FeS might be explained by a large 
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negative temperature coefficient of density. Thus if 
molar conductance instead of specific conductance 
were plotted versus temperature, the slope might 
prove to be positive, indicating semi-conduction in- 
stead of apparent metallic conduction. Accordingly, 
density measurements were made in order to answer 
this question in regard to molten FeS and also to 
provide data for conversion of specific conductance 
to molar conductance for molten Cu.S and a molten 
50-50 wt pct Cu-Fe sulfide matte. 


Experimental 

Diagrams of the apparatus are given in Figs. 1 
and 2. A 3 x 8-cm dense alundum crucible con- 
taining the prefused specimen is positioned in the 
uniform temperature zone of an induction furnace 
tube and melted under a helium atmosphere. Then 
the cell assembly, consisting of two 3-mm spectro- 
graphite rods, one of which is in a 1-cem ID open 


CARBON ELECTRODES 


ATMOSPHERIC 
PRESSURE 
IN TUBE 


SILICA TUBE 


FURNACE PRESSURE 
INDICATED BY 


MANOMETER 


Fig. 1—Diagram 
of the cell. Thermo- 
couple tube not 


shown. 
hm 
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JACKSON AUDIO- OSCILLATOR 
(MODEL 655, OUTPUT ABOUT 
10 MA AT 100 CPS) 
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Fig. 2—Diagram 
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SILICONE OIL 


WATER IN TUBE Hl 
MAINTAINS A H 


\ INDUCTION FURNACE 
WITH GRAPHITE LINER 
OUTLET 


CONSTANT DYNAMIC 
PRESSURE IN SYSTEM 


silica tube, is lowered into the melt. A given, con- 
stant, dynamic pressure of helium is applied to the 
furnace by means of a variable-head water bubble 
trap attached to the helium inlet line. This pres- 
sure, which forces the melt to rise in the open silica 
tube, is measured by a silicone oil manometer. When 
the desired temperature is reached, the graphite 
electrodes are raised or lowered independently until 
the positions are found at which electrical contacts 
with the melt are just made. The electrodes are of 
the same length so that the height h,, of the column 
of melt in the open silica tube is measured by the 
vertical distance between the ends of the electrodes 
which protrude from the furnace. If h, is the height 
of the column of silicone oil in the manometer (of 
the order of 5 cm) and d, is its density, the density 
of the melt is given by d, = d.h,/hm. The density 
data for this particular silicone oil are known quite 
accurately.’ 

Temperature of the melt was measured with a 
calibrated Pt — Pt — 10 pct Rh thermocouple. Prior 
to the actual measurements, the uniform tempera- 
ture zone of the furnace was determined carefully. 
The position of the uniform temperature zone was 
not affected by helium flow rate. The temperature 
variation over the height of the column of melt was 
about 5°C. Density versus temperature data were 
taken on both heating and cooling cycles, and the 
agreement was within the precision measure of the 
experiment, which is estimated to be about +2 pct. 
The correction due to linear coefficient of expansion 
of the spectrographic graphite rods is neglected, be- 
cause it is beyond the accuracy of this experiment. 
Although the surface tension of molten mattes is 
high, of the order of 500 dynes/cm,’ the capillary 
rise was observed to be negligible. This is probably 
due to a high contact angle of molten matte on the 
silica. 

The Cu.S used in this work was a c.p. grade while 
the FeS was a technical grade. The specimens were 
desulphurized to a small extent during prefusion, as 
can be seen from the typical analyses given in Table 
I. As discussed previously,” the rate of desulfur- 
ization of molten mattes is quite low. Much of the 


Table |. Composition of Specimens, Wt Pct 


M, 
the Mass Con- 


By Analysis, taining 1 Mole 


Stoichiometric After Prefusion of Atoms, Gram 
CusS 79.9% Cu 80.5% Cu 
1% S 19.5% S 
Mi = 53.4 
FeS 63.5% Fe 67.0% Fe 
36.5% S 33.0% S 
50-50 wt % Mz = 44.8 
CusS-FeS 40.0% Cu 40.8% Cu 
31.7% Fe 
Ss 
28.3% 
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desulfurization probably occurs in the initial prefu- 
sion, which is conducted under a helium atmosphere. 
The methods of chemical analysis were presented in 
earlier work.** The extent of desulfurization and the 
composition of the present sulfide specimens are very 


_ nearly the same as those for the corresponding speci- 


mens used in most previous studies of electrical 
properties of mattes.*’*° Accordingly, the density 
data presented here are appropriate for use in com- 
putation of molar conductances from existing specific 
conductance data. However, it is thought that the 
densities of the stoichiometric sulfides would be only 
slightly less than those reported here. 


Discussion of Results 

The data are presented in Fig. 3, where it is seen 
that the temperature coefficient of density d’ for 
molten FeS is'almost zero. Accordingly, it is evident 
that the apparent metallic behavior of molten FeS 
discussed in the introduction cannot be explained 
by a negative temperature coefficient of density. 
for - molten, is about 
—0.00011 per °C while d’ for molten 50-50 wt pct 
Cu.S-FeS is about —0.00013 per °C. From the den- 
sity data of Fig. 3, the analyses from Table I, and 
specific conductance data,’ the molar conductances 
may be computed readily from 


where o is the specific conductance and M is the 
mass of specimen containing Avogadro’s number of 
atoms. Considering the small values of d’, it is evi- 
dent that the temperature coefficients of o, are not 
appreciably different from those previously re- 
ported’ for o. 

The present data are not sufficient to determine 
partial molar volumes. However the experimental 
densities for the molten 50-50 wt pct Cu.S-FeS 
matte may be compared with densities computed 
from a rule-of-mixtures relationship and the ob- 
served densities of molten Cu.S and FeS. The appro- 
priate rule-of-mixtures formula may be expressed as 


where N is the atom fraction of a constituent,* M is 


* For example, a constituent is CueS of the actual analysis given 
in Table I. 


its gram atomic mass, and V° = M/d°® is its atomic 
volume. Using the data from Table I and Fig. 3, it 
may be shown that the rule of mixtures predicts 
densities for the 50-50 wt pct (about 0.456 atom 
fraction Cu.S) matte that are higher than the ob- 
served by not more than 10 pct. For example, at 
1300°C the rule of mixtures predicts a matte density 
of 4.66 grams per cc while the observed value is 4.30 
grams per cc. 

It is of interest to see how well a rule-of-mixtures 
formula describes the specific conductance o of a 
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molten matte. The appropriate relationship may be 
derived by assuming that the partial atomic volume 
and partial specific conductance of a constituent re- 
main constant as composition is varied and bearing 
in mind that ohmic conductances in a parallel circuit 
are additive 


o = (o + + N2V2°), 


where o° is the specific conductance of a constituent. 
From the present density data and previously pub- 
lished specific conductance data, it may be shown 
that this rule of mixtures gives only a very rough 
approximation to the observed specific conductance 
of a 50-50 wt pct matte. For example, at 1300°C the 
rule of mixtures gives 970 ohm™ cm™~ while the ob- 
served value is 500 ohm™ cm™. 

The present data indicate that probably there is 
an appreciable expansion upon solidification of 
molten Cu.S. Chemical handbooks list the density 
of cubic Cu.S as 5.80 grams per cc at room tempera- 


ture, while the observed density of molten CuS at 
1150°C is 5.9 grams per cc. This is consistent with 
the observation that molten Cu,S and CuS rich 
mattes always break their containers on solidifica- 


tion. 
Acknowledgments 
The authors are indebted to Mr. William M. Hyams 
for experimental assistance. The research described 
in this paper was sponsored by the U. S. Atomic 
Energy Commission under Contract No. AT (30-1)- 


1024. 


References 

1G. M. Pound, G. Derge, and G. Osuch: JOURNAL OF METALS, 
1955, vol. 7, p. 481. 

2 Ling Vane. G. M. Pound, and G. Derge: JOURNAL OF METALS, 
1956, vol. 8, p. 783. i 

30. W. Noles: “Sulphur Activities in Liquid Copper Sulphide, 
Sc. D. thesis, Metallurgy Department, Massachusetts Institute of 
Technology, Cambridge, Mass., 1953. : 

Tk. Bowanean and G. von Rauschenplat: Metallurgie, 1912, vol. 
9, pp. 472, 505. 

5 W. Savelsberg: Ztsch. fiir Elektrochemie, 1940, vol. 46, p. y 

6R. Boni and G. Derge: Unpublished research. 

Discussion of this paper sent (2 copies) to AIME by Aug. p 
1958, will appear in AIME Transactions, Vol. 212, 1958. 


The Equilibrium Diagram of Indium-Zirconium in the 


Region 0-26 At. Pct In 


The zirconium-rich portion of the indium-zirconium phase diagram was determined 
as a study of the effect of alloying a trivalent B-sub group element, indium, with zir- 
conium in Group IVA. The temperature of the allotropic transition was found to rise with 
indium, terminating in a peritectoid reaction, @ (9.3 pct In) + y (22.4 pct In) =a (10.1 
pct In) at 1003°C. In this respect the effect of indium is analogous to that of aluminum 


in zirconium and titanium alloys. 


by J. O. Betterton, Jr., and W. K. Noyce 


HE work on the indium-zirconium system is part 

of a larger investigation of zirconium-phase 
diagrams with solute elements, silver, cadmium, 
indium, tin, and antimony, which is intended to 
provide information about the metallic valency of 
zirconium. The system is an ideal example since the 
sizes of indium and zirconium atoms are nearly the 
same, and the solute and the solvent occur in the 
same row of the periodic table. The only solute from 
Group III B which had previously been added to 
zirconium was aluminum’ and it was of interest to 
determine whether indium would dissolve apprecia- 
bly in alpha zirconium and stabilize this phase in 
the same manner. 


Experimental Procedure 
The experimental methods used in the indium- 
zirconium work are similar to those described earlier 
for the silver-zirconium system.’ Reactor Grade 1 
iodide zirconium of 99.95 pct purity* and indium of 
99.99 pct purity were arc cast, and then annealed 


* Alloys above 12 at pct In were prepared from 99.9 pct zirco- 
nium. The analysis of both types of zirconium have been given 
elsewhere.2 

J. O. BETTERTON, JR., Member AIME, is associated with the Oak 
Ridge National Laboratory operated for the U. S. Atomic Energy 
Commission by Union Carbide Corporation. W. K. NOYCE, pres- 
ently associated with the University of Arkansas, was formerly 
summer research participant at Oak Ridge National Laboratory. 

TP 4741E. Manuscript, October 27, 1957. AIME Annual meeting, 
New York, February 1958. 


340—JUNE 1958 


in silica capsules with protective foils of zirconium 
and molybdenum. Annealing temperatures and 
times varied from 1 day at 1300°C to 43 days at 
550°C. The compositions of the alloys were deter- 
mined by an individual chemical analysis of the 
actual metallographic specimens after two or more 
sides were examined to insure the absence of solute 
segregation. Calibrated thermocouples were used 
throughout, and the uncertainty in the temperatures 
reported, owing to calibration error, furnace con- 
trol, and measurement of the small temperature 
gradients near the capsules, is believed to be well 
within +2°C. 

Typical impurities in the alloys were found by a 
neutron-activation analysis of four different alloys. 
The results are given in Table I where the ranges of 
values will be seen to compare favorably with the 
usual values for iodide zirconium. With respect to 
oxygen, nitrogen, and carbon the absence of any 
unusual amount of these elements compared to 
iodide zirconium was indicated by the alloy hardness 
values, since hardness is increased sharply by the 
presence of these elements. The value for 0 pct In, 
obtained from the alloys by extrapolation, is 58 + 
7 VPN which is in the low part’ of the normal range 
of hardness found in iodide zirconium. 


Results of the Experiments 
The zirconium-rich portion of the indium-zirco- 
nium phase diagram from the annealing experi- 
ments is shown in Fig. 1. Indium was found to 
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dissolve appreciably in both hexagonal (a) and 
cubic (8) zirconium, and to increase the temperature 
of the a/8 transition. The alpha phase forms by a 
peritectoid reaction 


B(9.3 at. % In) + y(22.4 at. % In) =a(10.1 at. % In) 


at 1003° + 20°C. -As can be seen in Fig. 1, part of 
the uncertainty in the peritectoid temperature is a 
result of a deviation from binary equilibrium in 
these alloys. This is shown by the (a + 6+ y) re- 
gion instead of a binary horizontal and by the 
(a + 8) region instead of a single transition tem- 
perature for pure zirconium. These effects have 
been discussed earlier’*’ and they are believed to 
be due to slight impurities in the alloys. 

In order to show that the three-phase effect is not 
due to precipitation during cooling it is of interest 
to examine a typical microstructure such as the one 
shown in Fig. 2. A large beta grain appears diag- 
onally across the alpha-phase matrix of the photo- 
graph. This has transformed in the usual manner 
during quenching into a fine irregular-grained, 
hexagonal structure. The third phase, gamma, is 
superimposed upon the beta, and occurs in grains 
which are even larger than the gamma grains which 
appear after long annealing in the (a+ y) region. 

The first intermediate phase in this system, 
gamma, exists over a composition range from 22.4 
to at least 26.1 at. % In, and thus includes the com- 
position Zr;,In. The crystal structure was found to 


Table |. Neutron Activation Analyses of the Indium- Zirconium Alloys 


Range of 
Values, Ppm’ 

Carbon® 80-150% 
Copper <1-18 
Iron 50-83 
132-190 
Hydrogen 3-4¢ 
Molybdenum 6-7 
Nickel 21-57 
Nitrogen® 3-50¢ 
Oxygen 21-150¢ 
Silicon 10-67 
Wolfram 4-10 


@These elements were not analyzed in the alloys but are esti- 
mated here to be the same as analyses of the iodide zirconium used. 

’ Microcombustion method. 

¢ Vacuum fusion method. 
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be disordered, face-centered cubic with a = 4.45 + 
0.01 A. Strong binding forces are indicated in this 
phase since the mean atomic volume is significantly 
contracted, compared to a linear relation between 
the atomic volumes of the elements, even where 


- allowance is made for an irregularity in the atomic 


volume of pure indium metal. Alloys in the (a + vy) 
region also were examined by x-ray diffraction and 
no other intermediate phase was observed. 

The annealing experiments in Fig. 1 were limited 
to less than 1300°C by the properties of the silica 
capsules, but two further characteristics of the dia- 
gram were obtained from cast microstructures. A eu- 
tectic is believed to be present, for example, in the 
vicinity of 21-22 at. % In. This eutectic is illustrated 
between primary gamma crystals in the microstruc- 
ture shown in Fig. 3. Also it is believed that the 
gamma phase forms congruently from the melt since 
a peritectic three-phase structure was not observed 
in any of the cast alloys between 23-26 at. % In. 

Indium increases the hardness of zirconium in an 
approximately linear fashion from 58 VPN at 0 pct 
In to 180 VPN at 10 pct In. The ductility of zirco- 
nium is reduced by indium and at an indium con- 
tent of 6 pct only 10-15 pct cold-rolling could be 


Fig. 2—An (a + 8 + 7) microstructure of an alloy contain- 
ing 11.3 at. % indium after 9 days at 1006°C; etching re- 
agent 60 pct HNO:-35 pct H2O-5 pct HF. X500. Reduced 
approximately 26 pct for reproduction. 
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Fig. 3—The cast structure of an alloy containing 23 at. % 
indium. This shows the (8 + y) eutectic in primary crystals 
of gamma phase; etching reagent 46 pct HNO;-46 pct H.O-8 
pet HF. X1500. Reduced approximately 26 pct for repro- 
duction. 


given without cracking. The gamma phase is still 
less ductile and has a hardness of 160 + 20 VPN. 


Discussion 

Since the temperature of the a/@ transition in- 
creases with indium content, the effect of indium is 
to reduce the free energy of the alpha phase relative 
to the beta phase. Indium is thus an alpha stabiliz- 
ing element in zirconium in agreement with the 
general trends observed in zirconium systems with 
higher-valent B subgroup solutes. These effects are 
discussed elsewhere® where it is suggested that the 
stabilization of the alpha phase results from an in- 
crease in electron concentration when trivalent in- 
dium is added to a divalent zirconium. 


It is of interest that the distance between the 
present a/8 phase boundaries agrees quite well with 
those calculated from a phase-boundary formula 
given in reference.’ A comparison of the zirconium- 
indium and the zirconium-aluminum phase dia- 
grams shows a near similarity up to the first inter- 
mediate phase. Since there are no d electrons in the 
aluminum atom, this indicates an insensitivity of the 
relative free energies in this region to the filled d- 
shell of indium. It may be noted, however, that the 
a/®8 boundaries of Zr-Al rise less rapidly than in 
Zr-In, and that the first intermediate phase Zr,Al 
is of an ordered face-centered cubic structure,’ while 
Zr,In is of disordered face-centered cubic structure. 
Both effects may result from the greater atomic size 
disparity of Zr-Al than Zr-In. 
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Technical Note 


Effects of Gaseous and Liquid Environments on the Brittle Fracture of Zinc 
Single Crystals 


by L. C. Weiner 


HIS study was undertaken to round out an in- 

vestigation on the effects of solid environments 
on the brittle fracture of zinc single crystals.’ In the 
previous work it was demonstrated that the pres- 
ence of a surface film increased the cleavage strength 
of crystals whose basal planes were oriented almost 
parallel to the tensile axis by some 43 pct. This in- 
crease was observed to be independent of the type of 
surface-coating material, as well as of thickness of 
film above a certain small critical value (about 200 
to 300A). These observations were described sat- 
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isfactorily by a  dislocation-pile-up-at-a-barrier 
model of brittle fracture’ in which twins modifying 
the dislocation path act as barriers, their increase 
in number and homogeneity of distribution brought 
about by the presence of the surface film. 

From previous work reported on the strength of 
ductile metal crystals as affected by gaseous and 
liquid environments,*® it may be concluded that the 
effects of these media are present only when the en- 
vironment produces a surface film on the initially 
clean-surfaced crystal, or when it has a disintegrat- 
ing effect on a previously existing surface layer. 
Similarly, it might be expected that an increase in 
cleavage strength of initially clean zinc crystals 
(X%0 = 3°, do = 28°) will result only when the gas or 
liquid reacts with the crystal to produce a solid, ad- 
herent surface film. 

Clean-surfaced crystals," 2% in. in length, were 
tested in tension at room temperature in an Instron 
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testing machine at a strain rate of 5x10” sec". For 
crystals of this orientation cleavage fracture results, 
with a small amount of prior twinning. Since the 
crystallographic cleavage surface is approximately 
normal to the tensile axis,’ the tensile stress at 
fracture is termed the normal fracture stress, o,. Its 
mean value is designated ory. A stainless steel con- 
tainer enclosing the grips and specimen was used 
for testing in both gaseous and liquid environments. 
The specimen was held for 10 min in the medium, 
and then tested. 

The results are given in Table I. This table also 
includes values of cry (with 97 pct confidence lim- 
its) of clean and initially coated crystals previously 
reported.’ Since only a small number of specimens 
was tested in each medium, confidence limits cannot 
be given for the present tests. The environments 
which had no effect on co» are in the left column of 
the table while those that increased o,; to the level 
of initially coated crystals are in the right column. 

Nitrogen, hydrogen, helium and carbon dioxide 
did not react with the zinc crystals and caused no 
effect on oy. Hydrogen chloride and hydrogen sul- 
fide reacted to form a uniform, adherent surface 
layer. The layers were thick enough to raise o; to 
the same level as initially coated specimens. Oxygen 

-caused a similar increase in oc, but no coating was 
visible. However, specimens treated in oxygen and 


then etched in dilute nitric acid gave a value of or, _ 


of 2475 psi. 
formed. 

Tap water and a saturated solution of zinc acetate 
did not affect the normal fracture stress; however, 
nonuniform, adherent, extremely thin films did 
form. Since these media are weak electrolytes and 
the crystals were held in steel grips, galvanic action 
between the specimen and the grips may have 
caused these films. Strong electrolytes, saturated 
solutions of zine chloride, zinc sulfate and sodium 
chloride, did cause more uniform, adherent, thicker 
surface layers; and these environments gave values 
of or, similar to those of initially coated specimens. 
These results indicate that a galvanic cell was set 
up whereby a surface film of zinc hydroxide was 


Thus, zinc oxide films apparently 


Table |. Effects of Gaseous and Liquid Environments on the 
Cleavage Strength of Zinc Single Crystals, x, = 3°, A, = 28° 


Environment ory? Psi Environment ory Psi 

tested in air? ........ 32504145 
Nitrogen 2420 Oxygen) 3850 
Hydrogen fee 2540 Hydrogen chloride.... 3245 
Helium. 2215 Hydrogen sulfide ...... 2980 
Carbon dioxide .......... 2400 Saturated solution of 

zine chloride ........ 3745 
Tap 2245 
Saturated solution of Saturated solution of 
zine acetate ............ 2400 zine sulfate ............ 3040 
Benzene) 2105 Saturated solution of 
sodium chloride .... 3520 
Methyl Alcohol .......... 2065 
Paraffin oil .... 2585 
0.2 pet oleic acid in 
paraffin. oll 2440 


formed. Since the thickness of the film depends on 
the strength of the electrolyte, the effect of the en- 
vironment on o, also will be dependent upon the 
type of electrolyte used. The results observed with 
the saturated solution of sodium chloride indicate 
that the anion is not controlling this process. 

Since all aqueous solutions are electrolytes, or- 
ganic liquid media which are not electrolytes also 
were studied. Benzene, methyl alcohol, paraffin oil, 
and 0.2 pct oleic acid in paraffin oil did not produce 
any visible surface film on the crystals, nor did they 
affect a». It should be noted that 0.2 pct oleic acid 
in paraffin oil is the environment in which the 
‘“Rehbinder effect” had been observed.’ 

In conclusion, gaseous or liquid environments in- 
crease the cleavage strength of initially clean zinc 
single crystals, x. = 3°, \) = 28°, only if the environ- 
ment reacts to form an adherent surface film more 
than 200-300A thick. 

This research was conducted in the Mechanical 
Metallurgy Laboratories of Columbia University in 
the City of New York. 


References 


1L. C. Weiner and M. Gensamer: Journal, Institute of Metals, 
1957, vol. 85, p. 441. 

2N. J. Petch: Progress in Metal Physics, 1954, vol. 5, p. 1, In- 
terscience Publishers, Inc., New York, N. Y. ; 

8S. Harper and A. H. Cottrell: Proceedings of the Physical So- 
ciety, 1950, vol. B 63, p. 331. 


Nitrides of Silicon 


X-ray data are given for the two modifications of the nitride SisN4, an oxynitride of silicon, 
SisON, and a material prepared by fusion of commercial silicon nitride. The pattern for pure a-SisN4 
is less complex than that reported by previous investigators and has been indexed on a hexagonal 
(a = 7.758, c==5.623A) rather than orthorhombic cell. B-SisN4 and the fused material (called 
Si,N) also have hexagonal structures : = 7.603, c=2.909A; Si,N :a = 4.534, c= 


4.556A) which appear to be related to that of 


a-SisN4. The pattern of the oxynitride is quite com- 


plex, but it can be indexed satisfactorily as orthorhombic (a = 5.498, p= 9.611, c = 4.853A). The 
dissimilar patterns reported in the literature for the germanium nitride Ge3N,, can be rationalized 
by analogy with silicon nitride as being those of mixtures of two forms of the germanium nitride 


by W. D. Forgeng and B. F. Decker 


T has been known for almost a century’ that sili- 
con and nitrogen combine when heated to a high 
temperature. Three nitrides have been reported, 
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tories of the Electro Metallurgical Company, Niagara Falls, NESE; 
and B. F. DECKER is a Physicist in the Research Laboratory of 


General Electric at Schenectady, N. Y. 
TP 4620E. Manuscript, April 22, 1957. Chicago Meeting, Nov. 1957. 


Transactions of The Metal- 
lurgical Society of AIME 


SiN, Si,N,, and Si,N, containing 33.3, 40.0 and 42.9 
pet nitrogen by weight, respectively. The existence 
of Si,N, is well established but that of Si,N, and SiN 
is doubtful. 

The first systematic study of the reaction between 
silicon and nitrogen was made in 1910 by Weiss and 
Engelhart? who determined the rate at which silicon 
absorbed nitrogen at temperatures from 1250°C ‘to 
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the melting point of silicon. Their product was de- 
scribed as a grayish-white amorphous powder con- 
taminated with silica. In 1925, Friederick and Sittig’ 
prepared the nitride, Si,N., in an impure form by 
heating a mixture of silica, carbon, and iron oxide 
in nitrogen at 1250 to 1300°C. After leaching with 
concentrated hydrochloric acid, their product was 
nearly white and crystalline. Hincke and Brantley’ 
studied the nitrogen pressures for the reaction 
Si,N, > 3Si+ 2N, at temperatures from 1606 to 
1802°K. Calculations of the changes in free energy 
and heat content led them to conclude that the dis- 
sociation pressure would reach 1 atm at 2250°K. 
Their silicon nitride was prepared by the same 
method used by Weiss and Engelhardt and they 
found that the only nitride involved in their study 
was Si,N,. 

More recently Leslie, Carroll and Fisher’ sep- 
arated from nitrided silicon steels, a nitride that 
they believed to be Si,N,. X-ray and electron dif- 
fraction patterns of the material led them to the 
conclusion that the nitride was probably ortho- 
rhombic and isomorphous with a sample of Ge,N, 
which they prepared by nitriding high-purity ger- 
manium at 705°C. Their structure for germanium 
nitride, however, was at variance with that deter- 
mined by Juza and Hahn® who reported that Ge,N, 
had a hexagonal structure with a, = 13.84, c= 
9.25 A. There are also some discrepancies when the 
interplanar spacings and intensities of reflections 
reported by Leslie, Carroll, and Fisher for Si,N, are 
compared with those obtained by the present 
authors. These discrepancies will be considered 
later. 

Preparation and Properties of the Materials 

Silicon nitride is now available commercially as 
powders of various grit sizes and as particles 
shaped by slip-casting, pressing, or extrusion. The 
material has many useful properties. It is not at- 
tacked by chlorine or sulfur-bearing gases at ordi- 
nary temperatures. Its resistance to attack by mol- 
ten metals is also outstanding, which makes it very 
useful as a refractory. The hardness of silicon ni- 
tride is comparable with that of silicon carbide, and 
it has no true melting point but decomposes at 
approximately 1900°C.” 

Silicon nitride is produced commercially by heat- 
ing powdered silicon metal in a nitrogen atmosphere 


Fig. 1—SisN. crystals in partially nibrided silicon metal: X100. 
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in the temperature range of 1200 to 1400°C. The 
process of nitride formation is one of diffusion of 
nitrogen into solid silicon, and consequently, the 
time necessary for complete conversion of the metal 
to the nitride is dependent upon the size of the sili- 
con particles as well as the temperature. Mere is 
also a limit to the size of silicon grit that can be ni- 
trided completely within a reasonable time. For 
practical purposes, this limit is about 150 mesh. 
Coarser particles can be nitrided partially, however, 
as shown in Fig. 1. This is a photomicrograph at 100 
diameters showing gray crystals of Si,N, penetrating 
particles of 20 by 40-mesh silicon metal. 

Under some conditions, for example, the admis- 
sion of impurities such as oxygen or carbon to the 
reaction zone or incomplete nitriding, either com- 
pounds other than Si,N, may be produced during 
the nitriding operation or unreacted silicon may be 
present after nitriding. It is important from many 
standpoints to be able to determine the exact nature 
of such extraneous phases. In addition to silicon 
carbide, cristobalite, and silicon, the patterns of 
which are well known, two forms of silicon nitride, 
Si,N,, as well as another nitrogen-bearing compound 
have been encountered in nitrided silicon. The lat- 
ter compound is believed to be an oxynitride of sili- 
con with the formula Si,ON. The present investiga- 
tion is primarily concerned with the resolution of 
the crystal structures of the two forms of Si,N, and 
SiON. 

Alpha Silicon Nitride, a-Si,;N,—With careful con- 
trol of the nitriding conditions, the nitride, a-Si,N,, 
can be prepared in a fairly pure state by nitriding 
high-purity silicon powder within the temperature 
range of 1200 to 1300°C. This nitride also will form 
as a wool-like deposit on the heating elements and 
walls of the nitriding furnace. In the latter form, it 
occurs as clear, white or yellowish-white, flattened 
needles as shown in Fig. 2 which is a photomicro- 
graph of the needles of a-Si,N, suspended in methy- 
lene iodide on a glass slide. Chemical analysis of 
this material shows it to have the composition of 
Si,N,; i.e., 60 pct silicon and 40 pct nitrogen. The 
crystals are uniaxial, moderately doubly refractive, 
and when lying flat, they usually show symmetrical 
extinction. If such a crystal is rotated about its long 
axis, it passes through an orientation which shows 
parallel extinction, and after passing through the 


Fig. 2—SisNs (wool) deposited on walls of furnace; X100. 
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parallel position, the sign of elongation is changed. 
This indicates that crystals grow as elongated 
rhombohedra. The mean refractive index of the 
crystals is about 2.1 and the birefringence about 
0.01. The optical properties of a-Si;N, are consistent 
with the trigonal structure suggested for this pure 
material by the present x-ray diffraction study. 

Beta Silicon Nitride, 8-Si,N,—A second silicon ni- 
tride, B-Si,N,, can be prepared as a dense grayish- 
white compact with nearly the stoichiometric 
amounts of silicon and nitrogen by nitriding silicon 
with an average particle size of 3 microns at about 
1450°C. This nitride also has been formed by heat- 
ing a-Si,N, at a temperature of 1550°C, or by de- 
composition of a-Si,N, at temperatures in excess 
of 1850°C. The latter reaction results in a mixture 
of silicon and 8-Si,N, with nitrogen being driven 
off. The conditions of formation of B-Si,N, indicate 
that it is a high-temperature allotropic modification 
of a-Si,N, Attempts to restore the a-Si,N, structure 
by heating 6-Si,N, at temperatures below 1500°C for 
long periods of time have been unsuccessful, thus 
implying that the transformation a-Si,N,—> B-Si,N, 
is either monotropic in nature or that the rate of 
the reverse reaction is extremely slow. 

Dissolution of the silicon from the foregoing mix- 
ture of silicon and 6-Si,N, in a 20 pct sodium- 
hydroxide solution leaves a residue of 8-Si,N, in the 
form of very small prismatic crystals. They show 
parallel extinction, are uniaxial positive, and some- 
what more birefringent than a-Si,N, The refrac- 
tive indices N, and N, are about 2.10 and 2.05, re- 
spectively. These optical properties might be ex- 
pected for a material with the hexagonal structure 
which is proposed by the authors. 

Silicon Oxynitride, SiiON—If air is admitted to 
the reaction chamber during the nitriding cycle, an 
oxynitride of silicon believed to correspond to the 
formula Si,ON may be formed in varying amounts 
in the nitrided product. It also can be produced by 
heating Si,N, in oxygen at temperatures in excess 
of 1700°C. Although this compound has not been 
produced in a pure state, it can be isolated from its 
mixtures with silicon, silicon nitrides, and silicon 
carbide by chlorination at 500 to 600°C. The resi- 
due from this treatment is a white powder for 


Fig. 3—Nitrided silicon containing oxynitrides and carbides; 
X100. 
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which the silicon, nitrogen and oxygen contents 
approximate those required by the formula Si,ON. 
The particles of the oxynitride after isolation are 
irregular fragments. They are biaxial negative 
with a large optic axial angle. The refractive index 
8 is approximately 1.82 and the maximum bire- 
fringence about 0.03. 

A photomicrograph of a polished section of an 
impure nitrided product containing the oxynitride 
is shown in Fig. 3 at a magnification of 100 diam- 
eters. The white areas are silicon, and the dark- 
gray, needle-like crystals and massive material sur- 
rounding the silicon are the oxynitride. The lighter 
gray crystals are silicon carbide, and the black 
areas are holes in the porous compact. 

Commercial Silicon Nitride—As stated previously, 
the silicon nitride furnished as powders and molded 
shapes is a mixture of a and B-Si,N,, with the alpha 
form ordinarily being the principal constituent. A 
mixture of the two forms, in approximately equal 
proportions, also is obtained by nitriding low- 
carbon silicon steels.. In an attempt to produce a 
single crystal of silicon nitride a small amount of 
the commercial product was arc-melted under 
argon, using a tungsten electrode and a water- 
cooled copper hearth. A fused mass of crystalline 
material was formed as a result. The x-ray pattern 
of this material showed the presence of silicon and 
a new single-phase material. The small quantity 
available precluded the possibility of isolating the 
new phase in a pure state for analysis. However, 
since it may correspond to a nitride of lower nitro- 
gen content than Si,N,, it has been given the desig- 
nation Si,N. 

X-Ray Data and Analysis—An x-ray study of 
each of the materials just described was made from 
powder photographs taken with a 10-cm diam 
Debye-Scherrer camera using chromium radiation 
(vanadium filtered), and for a-Si,N.,, from single- 
crystal precession photographs taken with molybde- 
num radiation (zirconium filtered). It was possible 
to index the pattern for each compound, with ex- 
cellent agreement between calculated and observed 
values for sin’d. 

Since single crystals of the pure material a-Si,N, 
were available, precession photographs were 
studied, and from them it was found that indexing 
could be made on the basis of a hexagonal cell. Pow- 
der data yielded the following values for the lattice 
parameters of this hexagonal cell 


ad, = 7.758 + 0.005 A Co 0.005. A 
c/a = 0.725 


The intensities on the precession photographs con- 
form to trigonal rather than hexagonal symmetry. 
The space group has been established as D,,° — P31c, 
and a study is now under way to determine the com- 
plete structure. A density measurement of 3.16 
yields 3.98 Si,N, per unit cell. The x-ray powder- 
pattern data for this material (Miller indices, d 
values, intensities, observed and calculated sin’@) 
are given in Table I. 

The powder pattern for B-Si,N, could be indexed 
on a hexagonal cell with a, approximately the same 
as for a-Si;,N,, and c, halved. The lattice parameters 
are 

a, = 7.603 + 0.005 A c,= 2.909 + 0.003 A 
c/a = 0.383 


The probable space group for B-Si,N, is C’n-P6,/m. 
The density measured for this material, 3.15, indi- 
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Table I. a-SizsN,— X-Ray Powder Pattern 


Obs Cale 
Hex Obs Cale Hex Obs 
hk-l Int sin24 sin29 hkel da 
10.0 6.69A 8 0.0293 0.0291 32.1 1.486A 70 po ny Pts 
10.1 4.32 50 0.0702 0.0706 30.3 1.437 55 eas ee 
11.0 3.88 30 0.0870 0.0872 41.1 1.418 60 06029 Bese 
20.0 3.37 30 0.1156 0.1162 00.4 1.406 ee ‘e 2 0.6931 
20.1 2.893 85 0.1568 0.1577 10.4 1.376 12 o7ieo 0.7180 
00.2 2.823 5 0.1647 0.1660 pp 1.351 75 ae, 0.7263 
10.2 2.599 15 0.1942 0.1951 50.0 1.343 2 : ets 
21.0 2.547 100 0.2022 0.2034 11.4 } 1.321 30 0.7513 0.7512 
21.1 2.320 60 0.2438 0.2449 31.3 eee 0.7678 
11.2 2.283 8 0.2517 0.2532 50.1 1.306 15 O7772 0.7761 
30.0 2.244 5 0.2605 0.2615 41.2 1.299 50 0.7850 0.7844 
20.2 2.158 30 0.2816 0.2822 33.0 1.293 30 na oniaa 
30.1 2.083 55 0.3025 0.3030 42.0 1.269 . ‘8560 0.8549 
22.0 1.937 2 0.3496 0.3486 42.1 1.238 = AB 4 0.8674 
21.2 1.884 8 0.3698 0.3694 21.4 1.229 30 0.868 08923 
31.0 1.864 8 0.3775 0.3777 50.2 1.213 8 poe 0.9006 
10.3 1.806 12 0.4023 0.4026 51.0 1.207 8 0.9 0.9255 
31.1 1.771 25 0.4184 0.4192 30.4 } 1.190 60 0.9264 0.9255 
30.2 1.751 2 0.4278 0.4275 32.3 0'9421 
20.3 1.637 8 0.4897 0.4897 51.1 1.180 35 0.9828 es: 
22.2 1.596 35 0.5149 0.5146 33.2 1.175 8 9805 0.9794 
31.2 1.552 2 0.5448 0.5437 42.2 1.157 25 0.9 Bas 
32.0 1.542 5 0.5520 0.5520 41.3 1.155 35 0.9843 : 
21.3 1.507 8 0.5776 0.5769 
a = 7.758 + 0.0054 co = 5.623 + 0.005A e/a = 0-125 


Table II. 8-SisN:s—X-Ray Powder Pattern 


Hex Obs Obs Cale 

d Int Sin? Sin? 9 
10.0 6.63A 12 0.0298 0.0303 
11.0 3.82 1s 0.0898 0.0908 
20.0 3.31 60 0.1201 0.1210 
10.1 2.668 70 0.1843 0.1853 
21.0 2.492 70 0.2112 0.2118 
2.312 6 0.2455 0.2458 
20.1 2.180 25 0.2760 0.2760 
22.0 1.904 4 0.3619 0.3630 
2d 1.892 4 0.3664 0.3668 
31.0 1.827 15 0.3931 0.3933 
30.1 1.753 50 0.4268 0.4273 
22.1 1.593 15 0.5172 0.5180 
31.1 1.548 6 0.5477 0.5483 
32.0 1.512 25 0.5738 0.5748 
00.2 1.455 25 0.6198 0.6200 
41.0 1.437 15 0.6355 0.6353 
11.2 1.358 2 0.7110 0.7108 
32.1 1.341 100 0.7295 0.7298 
20.2 1.330 12 0.7415 0.7410 
50.0 TES, 12 0.7564 0.7563 
41.1 1.288 60 0.7903 0.7903 
33.0 1.268 15 0.8163 0.8168 
21.2 15255) 60 0.8327 0.8318 
42.0 1.244 2 0.8475 0.8470 
50.1 1.200 6 0.9118 0.9113 
51.0 1.183 10 0.9382 0.9378 
22.2 1.155 12 0.9835 0.9830 


a = 7.603 + 0.005A co = 2.909 + 0.003A c/a = 0.383 


cates 1.96 Si,N, per unit cell. Table II gives the 
powder data for B-Si,N,. 

One sample of silicon nitride furnished as bulk 
material was found to be a mixture of a and £-Si,N, 
and some elemental silicon. Analysis of the pattern 
is shown in Table III. The stronger lines belong to 
the compound £-Si,N, indicating this to be the major 
constituent. In the same table are given the data of 
Leslie, Carroll, and Fisher for Si,N,. It is easily seen 
that their data (with the exception of one weak 
line) can be accounted for as a mixture of a-Si,N, 
and a very small amount of 6-Si,N, and elemental 
silicon. Leslie, Carroll, and Fisher proposed an 
orthorhomic cell for Si,N,; their values for a, and c, 
correspond to the rectangular net which can be 
superimposed on the hexagonal net of the crystal 
lattice given in this paper for a-Si,N,, but their third 
axis does not agree with the hexagonal Co, and, in 
fact, with more critical data in the form of sin’ 
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instead of d-values, does not give proper agreement 
between observed and calculated values. 

Leslie, Carroll, and Fisher also suggested with 
some justification that Ge,N, is isomorphous with 
Si,N,. However, it seems probable that their ger- 
manium nitride was actually a mixture of two forms 
of Ge,N,. This is consistent with the fact that the 
pattern of Juza and. Hahn, supposedly for Ge,N,, 
while similar in some respects to that of Leslie, 
Carroll, and Fisher, is much less complex. Appar- 
ently none of these investigators considered a sec- 
ond modification of germanium nitride, and from 
the close relationship of Juza and Hahn’s pattern to 
that of the authors’ beta silicon nitride it seems 
probable that their product was mainly a second 
form of germanium nitride. The data of Leslie, 
Carroll, and Fisher on Ge,N, and those of Juza and 
Hahn are listed in Table IV, with analysis in terms 
of hexagonal cells for a and 6-Ge,N, which are larger 
than those for the silicon compounds, but have the 
same c/a ratios. The pattern of Leslie, Carroll, and 
Fisher can be analyzed as a mixture of trigonal 
a-Ge,N, with lattice parameters 


ad, = 8:185 A Cy = 5:923 A c/a = 0.724 
and hexagonal 6-Ge,N, with lattice parameters 


The x-ray powder pattern for SiON was indexed 
on an orthorhombic cell with lattice parameters 


ad) = 5.498 + 0.005 A by = 8.877 + 0.005A 
c = 4.853 + 0.005 A 


The analysis of the powder data is given in Table V. 

The material of unknown composition, Si,N, gives 
a hexagonal pattern of x-ray lines (see Table VI) 
with lattice parameters 


a = 4.534+ 0.004 A = 4.556 +0.004 A 
c/a = 1.005 


It is interesting to note that the basal net for this 
lattice can be formed from that for the lattice of 
a or B-Si,N, by taking as additional lattice points 
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Table Ill. Bulk Material — X-Ray Powder Pattern 


a-SisN4 


Leslie, Carroll, Fisher 


-SisN 
Cale Obs “Cal 
hkel Sin2g Sin oO 
29 sin2g hkel 
: Int d d Int 
10.0 0.0291 0.0293 
11.0 0.0872 0.0874 3.856 
0.0908 m 
0-1208 0.1210 20.0 60 3.30 
20.1 0.1577 0.1570 6 3.14* 3.107 Vw 
2'801 vw 
102 ee 0.1852 0.1853 10.1 70 2.662 2.651 vw 
0.2109 0.2118 21.0 70 2.494 2.483 ee 
0.2446 0.2458 25 2.316 2.305 s 
0.2748 0.2760 20.1 25 2.185 
10 2.160 2.149 m 
0.3550 4 
21.2 0.3694 22.0 4 1.903 
31.0 0.3777 03773 eee 21.1 4 1.889 1.881 w 
4 1.864 1.859 
0.3928 0.3933 31.0 15 1.828 

E 0.5146 0.5174 0.5180 22.1 20 1.592 1.594 m 
0.5483 0.5483 311 6 1.547 
ag 0.5746 0.5748 32.0 25 1511 1.507 w 

, 0.5935 0.5940 20 1.486 1.485 ms 
0.6209 0.6200 00.2 25 1.454 
30.3 .6350 0.6354 0.6353 41.0 30 1.437 1.436 m 
a1 0.6516 0.6525 20 1.418 1.416 m 
0. 0.6640 0.6637 12 1.406 1.405 mw 
10.4 0.6931 0.6949 2 1.374 : 
0.7112 0.7108 i 
32.2 0.7180 0.7196 
3 1.350 1.353 m 
0.7298 0.7298 32.1 100 1.341 
eo 0.7418 0.7410 20.2 12 1.330 
0.7512 0.7512 12 1.322 
0.7564 0.7563 50.0 12 31 
50.1 0.7678 0.7691 6 i306 1.309 w 
41.2 0.7761 0.7777 15 1.299 1.301 mw 
33.0 0.7844 0.7859 4 1.292 1.295 w 
0.7914 0.7903 41.1 60 1.288 
42.0 0.8134 0.8167 0.8168 33.0 20 1.268 1.260 vw 
0.8330 0.8318 21.2 60 1.255 
‘8470 42.0 4 1.246* 
42.1 0.8549 0.8560 8 Lae 
0.8683 10 1.229 1.225 
50.2 0.8923 0.8934 4 1.212 a 
51.0 0.9006 0.9012 2 1.207 
ae 0.9115 0.9113 50.1 6 1.200 
Be } 0.9255 0.9268 20 1.190 
0.9370 0.9378 51.0 10 1.183 
Bal 0.9421 0.9423 12 1.180 
33.2 0.9504 0.9497 2 1.175 
42.2 0.9794 0.9807 12 1.157 
41.3 0.9836 0.9845 0.9830 22.2 20 1.154 


* Silicon lines. 


the centers of the triangles of the original lattice. 
The lattice translation for the net formed will be 
approximately equal to the value of a, for SixN. 


Summary and Conclusions 


An x-ray study has been made for two allotropic 
modifications of Si,N,, an oxynitride of silicon and 
a material prepared by arc melting a mixture of 
Si,N, with a minor amount of silicon. a-Si;N, of 
high purity gives a pattern which is less complex 
than that reported by previous investigators. This 
pattern can be indexed on a hexagonal cell. B-Si,N, 
can also be indexed on a hexagonal cell, for which 
the value of c/a is approximately half that for 
a-Si,N,, with the basal dimension almost the same. 

The x-ray powder pattern for the oxynitride of 
silicon is quite complex, but all of the lines can be 
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accounted for on the basis of an orthorhombic cell. 
Although the material obtained by arc melting a 
mixture of nitrides and silicon is of indeterminate 
composition, it gave a relatively simple powder pat- 
tern, which indicated a mixture of silicon and only 
one additional phase. The pattern for the latter was 
indexed on the basis of a hexagonal cell, the basal 
net for which can be derived from that of either 
form of Si,N,. 

The two dissimilar patterns reported in the litera- 
ture®*® for germanium nitride, Ge,N,, can be ration- 
alized by postulating the existence of two forms of 
Ge,N,, isomorphous with a and £-Si,N,. 
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Table IV. Analysis of Diffraction Patterns of Germanium Nitride 


B-GesN« (Cale) 


a-GesNz (Cale) = B.016A, Co = 3.077A 


Leslie, Carroll, Fisher Juza, Hahn d, Cale 
d, Obs Int d, Obs Int Hex, hkel oy Care : 
6.944 
= 10.0 7.094 10.0 
4.52 ms 4.50A vw 10.1 aoe 
4.08 m 11.0 11.0 4.01 
3.99 m 
3.533 mw 20.0 let 20.0 3.471 
3.458 s 3.464 m 
3.230* vw 
3.031 ms 3.063 vw 20.1 se 
2.953 w 10.1 2.813 
2.802 s 2.817 s 2.733 
2.727 ms 2.734 w 10.2 0.679 
2.621 vs 4 Vv 
2.439 ms 2.445 w 21.1 
2.362 vw 30.0 : 20.1 2.303 
2.297 s 2.303 s 
2.270 m 2.275 VVW 20.2 mane 
2193 m 2.199 w 30.1 
2.045 vw 22.0 : 0 2.004 
1.997 vw 4.908 0 1.925 
1.926 w 1.92 w 
1.907 vw 10.3 rae 
1.865 w ne 1.847 30.1 1.849 
1.847 m 1.845 s 30.2 ee 32.1 1.679 
1.682 w 1.683 vw HEE 31.1 1.632 
1.632 w w 1.593 
1.593 w 1.589 m 21.3 1.590 32.0 
1.570 we 1.574 vw 32.1 1.568 nae 1.539 
1.539 w 1.539 w 1.515 
1.517 mw 1.510 m 30.3 1.515 41.0 
1.499 w 1.498 w 41.1 1.497 32.1 1.414 
1.414 m 1.410 s 
1.395 vw 1.385 vw 3Le 1.393 
ms 11.4 411 1.359 
1.362 w 1.356 33.0 2c 21.2 1.327 
1.327 1.332 vw 
* Germanium line. 
Table V. SixON — X-Ray Powder Pattern 
Cale 
Obs Obs Calc Obs Obs A 
hkl d Int sin29 sin29 hkl d Int Sint? 
110 4.69A 55 0.0597 0.0601 060 1.479A 20 0.5999 Hele 
020 4.44 95 0.0665 0.0666 312 1.443 16 0.6304 nea 
111 3.38 100 0.1149 0.1158 203 1.393 29 0.6761 oteiee 
200 2.753 S0cee 0.1730 0.1736 152 1.385 5 0.6843 esd 
1g 2.611 40 0.1925 0.1933 400 1.374 33 0.6952 0.6946 
2.429 40 0.2223 0.2228 133 07445 
201 2.394 40 0.2289 0.2293 223 1.330 16 0.7421 ee 
131 2.301 24 0.2479 0.2490 401 1.322 9 0.7509 ope 
040 2.225 2 0.2649 0.2664 332 1.311 33 0.7637 pred 
112 2.151 9 0.2837 0.2829 260 1.302 5 0.7743 ae 
022 2.129 2 0.2895 0.2894 350 1.274 25 0.8084 Hoses: 
221 2.107 16 0.2955 0.2959 062 1.262 25 0.8237 eeee 
202 1.819 13 0.3965 0.3964 261 1.257 50 0.8305 eet 
310 1.797 16 0.4066 0.4073 004 1.213 7 0.8917 Metter 
132 1.779 13 0.4147 0.4161 171 1.197 uf 0.9157 eles 
150 1.690 20 0.4596 0.4597 402 1.195 9 0.9187 te 
1.638 2 0.4894 1.174 2 0.9518 
1 1.628 9 0.4952 0.4957 0.9618 { : 
151 1.595 24 0.5159 0.5154 153 
330 1.558 20 0.5408 0.5405 422 1.154 20 0.9853 0.9 
113 1.529 16 0.5614 0.5614 
Orthorhombic: do = 5.498 + 0.005A bo = 8.877 + 0.005A Co = 4.853 + 0.005A 


experimental work, and Dr. A. U. Seybolt and Dr. 
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Table VI. Six N—X-Ray Powder Pattern 


Hex Obs Obs Cale 
hkel d Int Sin29 Sin29 
10.0 3.954 5 0.0840 0.0851 
10.1 2.990 25 0.1468 0.1483 
00.2 2.277 25 0.2530 0.2528 
2.033 40 0.3175 
10.2 
20.0 1.968 25 0.3388 0.3404 
11.2 1.607 25 0.5082 Hae 
31.0 1.486 40 0.5941 0.5957 
21.1 1.412 65 0.6580 0.6589 
30.0 1.307 18 0.7681 0.7659 
30.1 1.258 100 0.8288 0.8291 
21.2 1.243 25 0.8495 0.8485 


Co = 4.556 + 0.004A 


do = 4.534 + 0.0044 c/a = 1.005 
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Technical Note 


The Selective Identification of Constituents in Nimonic 80 by Extraction-Replica 
Technique 


by J. R. Mihalisin 


application of electron-microscopic techniques 
to the study of high-temperature alloys has met 
with considerable success. This is due, in part, to 
the submicroscopic nature of the phases present in 
this type of alloy making high resolution methods 
necessary. Among the newer electron-microscopic 
techniques, the extraction replica technique’ has 
proven to be of great value. This method allows 
phases to be examined in situ in the microstructure 
and permits their identification by means of electron 
diffraction. This technique eliminates the main dis- 
advantage in using electrolytic extraction of residues 
as a means of phase identification; that is, the un- 
certainty of relating constituents identified in the 
residue to what is observed microscopically. 


J. R. MIHALISIN, Member AIME, is Research Physicist, Research 
Laboratory of the International Nickel Company, Inc., Bayonne, N.J. 
TN 476 E. Manuscript, December 24, 1957. 


In the course of work relating microstructure to 
physical properties in high-temperature alloys, it 
was found that the formation of grain-boundary car- 
bide phases and intragranular precipitation of an 
age-hardening phase greatly influence strength and 
ductility at high temperature. In particular, it was 
found that the formation of a unique type of pre- 
cipitate in Nimonic “80” (a nickel-chromium-alu- 
minum-titanium type superalloy), termed cellular 
or discontinuous precipitate, at grain boundaries 
generally results in poor ductility at high tempera- 
ture. However, this mode of precipitation can be 
avoided by proper heat-treatment. It was assumed 
that this precipitate was either a carbide or age- 
hardening type of phase. Using various etching pro- 
cedures with the extraction-replica technique, it was 
found to be possible to extract the carbide and age- 
hardening phases preferentially in this type of alloy. 

Previous work has shown that the age-hardening 
phase can be extracted from superalloys merely by 


‘ Extraction Replicas 


Negative Replica 


Double etch: 1. glyceregia 
2. 1 pet H2SO; electrolytic 
Shadowed with germanium at 70° 


First etch, glyceregia. 
Second etch, (through collodion) 
with picric—HCl in alcohol 


| 


Etched heavily in 2 pct H2SO. electrolytically 
before application of collodion. 


Electron Diffraction Data from Extraction Replicas (100 KV Electrons—Evap. Al Used As a Standard) 


CrosCe 
Obs. d hkl do d 
420 10.68A 2.3804 
422 10.61 2.172 
2.040 333 511 10.60 2.048 
1.888 440 10.68 1.882 
1.778 531 
10.62 1.6 
1.601 622 1.605 
1.248 660 10.59 1.255 


Pattern indexes as complex cubic, avg. do = 10.61A. 
The d values for CrCsg — carbide are X-ray results where do = 


10.64A (3). 


Fig. 1 (a, b, c)—Electron microscopic an 


Obs. d hkl do 
2.0854 111 3.61A 
1.798 200 3.60 
1.270 220 3.59 
1.083 311 3.59 
1.041 222 3.61 
0.898 400 3.59 
0.818 331 3.57 
0.798 420 3.57 
0.727 422 3.56 


Pattern indexes as face centered cubic, avg. do = 3.59A. 
do for NisAl = 3.557A (4). 


d diffraction results on Nimonic 80. Heat-treatment, 2200°F/1 hr, F.C. to 1800°F/8 hr 


+W.Q. +1382°F/168 hr A.C. X10,000 (reduced approximately 54 pct for reproduction). 
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heavy electrolytic etching in a sulfuric-acid elec- 
trolyte and subsequent removal of this phase by dry 
stripping a film of collodion placed on the sample 
after etching. Later it was found that the etchant 
glyceregia (3 parts glycerine, 2 parts HCl, 1 part 
HNO,)* has almost the opposite effect, it dissolves 


*Glyceregia always should be used fresh. It cannot be stored 
safely in a container. 


the age-hardening phase and matrix at almost an 
equal rate and leaves the grain-boundary carbides 
in relief. In this case it is found that if one first 
etches a superalloy with glyceregia, then applies the 
collodion film, and further re-etches through this 
film with a mixture of picric-hydrochloric acids in 
alcohol (5 ml HCl, 1 g picric acid, 100 ml ethyl 
alcohol) that only the grain-boundary carbide is re- 
moved to the exclusion of the age-hardening phase. 

Applying this selective-etching technique to a 
specimen of Nimonic “80” (nominal 20-chromium, 
1.0-aluminum, 2.5-titanium, 0.05 carbon, balance 
nickel) heat-treated to develop the cellular pre- 
cipitate gave the results shown in Figs. 1 (a, b, c). 
Fig. 1(a) isa conventional shadowed negative replica 
at X10,000 showing the cellular type of precipitate, 
with its characteristic finger-like extensions, at the 
grain boundary and the age-hardening-phase dis- 
tributed intragranularly. 

Fig. 1(b) is an extraction replica using the etching 
treatment in which only the grain-boundary phase 
has been extracted. Electron-diffraction data from 
this phase are given beneath the figure and identify 
this grain-boundary precipitate as an M.,C, type car- 
bide having a lattice parameter almost identical to 
that of Cr..C,. 


Fig. 1(c) is an extraction replica from this sample 
in which the etching treatment used resulted in ex- 
traction of the intragranular age-hardening phase 
only, the clear white areas outlining a grain bound- 
ary where no material was extracted. The electron- 
diffraction data from these particles, shown beneath 
the latter figure, identify them as face-centered 
cubic in structure, presumably of the Ni,Al (gamma 
prime) type. The large dark spheres in this figure 
are uniformly sized latex balls having a mean diam- 
eter of 2640A and are used as a comparison size 
standard, indicating that the average size of the par- 
ticles of the aging precipitate in this specimen is 
about 700A. 

It is a distinct advantage to extract phases selec- 
tively because electron-diffraction patterns can be 
obtained in which the diffraction lines of one phase 
do not interfere with those of another. The latter cir- 
cumstance is an important consideration because of 
the more complex diffraction patterns involved in 
electron-diffraction techniques compared to X-ray 
diffraction patterns. The utilization of extraction- 
replica methods in the manner shown here is a 
powerful aid in the interpretation of microstructure, 
and with suitable choice of etchants can be applied 
to any alloy system. 
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Atomic Size Effects in Cr;O-Type Structure 


The results of a search of a number of binary systems for the Cr3O-type, or @-tung- 
sten phase are reported. The relation of atomic size to the stability and to the lattice 
parameter of the phase is developed, and the connection between the position of the 
component elements in the Periodic Table and their Cr;O0-type phase-forming tendencies 


is discussed. 


by M. V. Nevitt 


Cr,O-type, or 6-tungsten, structure having 
the space group (O,°—Pm,n) is one of the most 
widely occurring structures found among the inter- 
mediate phases involving transition metals. Includ- 
ing the phases reported here for the first time, the 
total number of these A,B phases now known is 39. 
Greenfield and Beck’ have correlated the lattice 
parameters of these phases with the Goldschmidt 
radius of the close-packed chains of A atoms. Laves’ 
discussed the apparent size of the A and B atoms in 
this structure. Geller® proposed a scheme for repro- 
ducing the lattice constants of the phases by the use 
of a list of effective C.N. 12 radii for the component 
elements. 

Reported here is a survey of the A,B combinations 
which appeared favorable for the stability of the 
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TP 4676E. Manuscript, August 26, 1957. IMD Fall Meeting, 
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Cr,O-type phase but which, at the time the investi- 
gation was begun, either had not been reported upon 
or had conflicting reports as to the existence of the 
structure. Seventy systems were investigated, and 8 
Cr;,O-type structures were found. Six of these also 
were reported by other investigators in the interval 
between the start of this investigation and its com- 
pletion. This survey yielded information as to the 
influence of the relative sizes of the A and B atoms 
on the stability of the phase and, for the various 
families of Cr,O-type phases, the effects of the sizes 
of the A and B atoms on the lattice constant. Like- 
wise, a somewhat clearer picture of the connection 
between the position of the A and B elements in the 
Periodic Table and their Cr,O-type phase-forming 
tendencies has become apparent. 


Experimental Procedure 
Alloys were prepared in the form of arc-melted 
3-gram buttons in all cases where the vapor pres- 
sure of neither component was high enough to cause 
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unacceptably high melting losses. The cast speci- 
mens were annealed in vacuum at various tempera- 
tures and oil or water-quenched. Alloys containing 
Bi, In, Sn, Sb, Pb or (with one exception) Ge were 
made by powder-metals methods. Appropriate pow- 
der mixtures were compressed and sintered in vac- 
uum. These specimens were not annealed after 
sintering. The pure metals from which all the al- 
loys were prepared were obtained either from com- 
mercial or U. S. Atomic Energy Commission sources. 
The compositions of all the alloys having the Cr,O- 
type structure differed by less than 11% atomic pet 
from stoichiometric proportions as determined by 
analyses or deduced from melting or sintering 
losses. 

Diffraction photograms were made using filtered 
copper radiation with a 114.6-mm-diam powder 
camera. Lattice parameters of the Cr,O-type phases 
were determined by Cohen’s method,‘ and standard 
errors were calculated by the method of Jette and 
Foote.” Line intensities were calculated by means 
of the expression 

2 
26 
sin’ @ cos 6 
where the terms have their usual meaning. 
Results and Discussion 

The results of the survey together with data from 
other publications as to the occurrence of Cr,O-type 
phases are listed in Table I. 

Lattice parameters for the eight Cr,O-type phases 
found in this search are given in Table II. The prior 
thermal treatments that these alloys received are as 


follows: 
V3Sb, NbsSb, TasSb: 
CrzsOs, NbsGe: 


2 


Powder compress sintered 5 days at 950°C. 
Cast sample annealed 72 hr at 1200°C and 


quenched. 

TisIr, VgIr: Cast sample annealed 72 hr at 1300°C and 
quenched. 

ZrsAu: Cast sample annealed 72 hr at 800°C and 
quenched. 


For Nb;Ge, V;Sb, Ta;Sb, Ti,Ir, VsIr and Zr,Au the 
observed and calculated line intensities are in rather 
good agreement. These phases apparently conform 
to the normal ordering scheme: A atoms in 6(c) 
positions, 44, 0, 4%; %, %4, 0; 0, %, %; 0, 2; 
Ye, 3%, 0; 0, %, %4, and B atoms in 2(a) positions, 
0, 0, 0; %, %, %. Microscopic examination showed 
about 20 pct of a second phase in the structure of 
Nb.Ge after annealing for 118 hr at 1200°C. One 
interpretation of this observation would be that this 
phase does not have normal stoichiometry, in agree- 
ment with the suggestion made by Geller.’ On the 
other hand, the composition of the alloy deviated by 
almost 1 atomic pct from the A,B ratio. If a very 
narrow two-phase field exists between a stoichio- 
metrically correct Nb;Ge phase and another phase, 
richer in niobium, a two-phase alloy such as that 
observed could also be expected. 

The agreement between measured and calculated 
line intensities is less satisfactory in the case of Cr;Os. 
This observation also has been made by Waterstrat 
and Kasper,” although the observed line intensities 
reported by these investigators are not in complete 
agreement with those found during this investiga- 
tion. A detailed analysis of alternative ordering 
schemes has not been made. However, calculated 
intensities are in considerably better agreement 
with observed intensities if an ordering arrangement 


of the following description is assumed: 


1 
atom | each 2 (a) position 


Ce in each 6(c) position 


An alloy of composition 71 atomic pct Cr, 29 
atomic pct Os also was examined. The Cr,O-type 
structure also was found in this alloy with only 
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Table II. Lattice Parameters of Cr;O0-Type Phases 


Phase do, A 

ZrzAu 5.4824 + 0.0002 
TasSb 5.2595 + 0.0010 
NbsGe# 5.1743 + 0.0014 
Valr? 4.7854 + 0.0006 
TigIr¢ 5.0101 + 0.0004 
CrsOs@ 4.6779 + 0.0002 
VsSbe 4.9335 + 0.0009 
NbsSbf 5.2621 + 0.0003 


“do = 5.168 + 0.002A, by Carpenter and Searcy. 

bdo = 4.785A, by Geller.? 

€a = 5.007A, by Geller.® 

4a) = 4.677A, by Waterstrat and Kasper.19 

€ do = 4.92A, by Matthias, Wood, Corenzwit and Bala.'+ 
f ao = 5.26A, by Matthias, Wood, Corenzwit and Bala." 


about 1 pet of a second phase being revealed by 
microscopic examination. Thus it appears that in 
this system the phase may exist over a range of com- 
positions, at least on the low-chromium side of 
Cr,Os. Several observed line intensities in the 
Nb;Sb pattern also are not approximated very well 
by the calculated intensities. Alternative ordering 
arrangements for this phase have not been investi- 
gated. 

A correlation between the occurrence of the Cr,O- 
type phase and the sizes of the component atoms is 
desirable. However, it is difficult to select radii for 
the A and B-atoms for such a correlation because 
apparent atomic size is not a constant for a given 
element but depends also on the co-ordination num- 
ber and the structure in which the atom occurs.’ 
For the B-atoms, each surrounded by 12 equidistant 
A-atoms, it appears logical to use the Goldschmidt 
C. N. 12 radii. While these values may not neces- 
sarily represent the actual sizes of B-atoms in this 
structure, they probably serve satisfactorily as in- 
dices of the relative sizes of B-atoms when compared 
with each other. A-atoms are not in a co-ordination 
number 12 environment. A co-ordination number 
of 2, 6 or 14 can be derived, depending upon the 
number of neighboring atoms that are considered. 
However, since all A-atoms are found in this same 
environment it seemed that the relative sizes of A- 
atoms also could be approximated by the Gold- 
schmidt C. N. 12 radii. Values of the ratio Ri/Rs, 
where R, and R; are the Goldschmidt C. N. 12 radii, 
are found to fall between 0.84 and 1.11 with a peak in 
frequency of occurrence at about unity. Thus there 
appears to be a size effect operative in determining 
the stability of the Cr,O-type phase such that the 
Goldschmidt C. N. 12 radii of the A and B-atoms do 
not differ by more than about 15 pct. This is not a 
sufficient condition, however, since there are many 
combinations within the favorable ratio range which 
do not form the phase. 

It seems appropriate to inquire whether a con- 
sideration of the rather extensive lattice-parameter 
data now available can provide some help in the 
choice of appropriate atomic radii. One set of A and 
B-atom radii, the “@-wolfram” radii proposed by 
Geller, were derived from a model of the Cr,O-type 
structure in which A-B contacts are considered. This 
will be referred to as Model A. From the geometry 
of the cell, and assuming A-B contacts, the lattice 
parameter can be expressed in terms of the A-B dis- 
tance, which is the sum of the A and B atomic radii. 


4 


4 
= —— daz = —— (1, B 
+ Ts) [1] 
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It follows from Equation [1] for any model assum- 
ing A-B contact that the influence of the A-atom 
radius and the B-atom radius on the lattice param- 


eter is the same. 
4 
[2] 
Or, \/5 


The value of r, represents the A-atom radius in the 
A-B direction. In the particular model chosen by 
Geller (Model A) a contraction of up to 15 pet is re- 
quired for r, upon shifting from the A-B direction to 
the A-A direction in order to be consistent with the 
A-A distances. The basis for the 6-wolfram radii is 
an unusual property of the lattice parameters of the 
various Cr,O-type phases, namely, that the differ- 
ence in lattice parameter on passing from one B- 
element to another is independent of the A-element, 
to within about + 0.03 A, and stated conversely, 
within the stated accuracy, the difference in lattice 
parameter on passing from one A-element to an- 
other A-element is the same, regardless of the B- 
element. This can be expressed 


(Qo) AnBi = (do) AnB; = (Qo) AmB: (Go) [3] 


In Table III the lattice parameters for the various 
A,B combinations, rounded off to three significant 
figures, are arranged so that the parameters are in- 
creasing from left to right and from top to bottom. 
The A-values are the numerical differences between 
adjacent parameters in each horizontal row. Ob- 
viously the extent to which the table can be com- 
pleted is limited by the number of A-B combinations 
that were found to form the phase. Inspection of the 
vertical columns, A,, A... . A» reveals that where 
several values appear in a column they are fairly 
constant. Additional examples of the extent to 
which this relation holds can be obtained by taking 
the differences between lattice-parameter values in 
nonadjoining columns in Table III. It is evident that 
average values for the A can be chosen for each ver- 
tical column so as to minimize the deviations be- 
tween the observed values of lattice parameters 
(Go) 4mz; and the corresponding values calculated by 
an expression of the form 


(Qo) 4mBy = (Qo) 4ma; + Ain + Aive + AS [4] 
Combining with Equation [1], we may write 
5 j 
| (a) + an | [5] 


n=i4+1 


This can be rewritten 
j 
= [ (a) > an) +e| } 


where C is an arbitrary parameter. 


Let us set the term 


equal to the 6-wolfram radius of an A-atom. d,; can 
be calculated from the lattice parameter for all the 
Cr,O-type phases in which this A-element appears, 
and these d,, values, together with the value chosen 
for Psa, can be substituted into Equation [6]. When 
this is done the term 
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Table Itl. Lattice Parameters of Cr;O-Type Phases 


Bi Bz Bg By, Bs Bo By 

° At Si As As As Ge Aa Rh As Os Ae Ir A; Ru 

At Cr = 4.56 

-- 4.62 0.04 4.66 0.02 4.68 0 4.68 

a 4.68 0.04 412 0.03 4.75 0.02 4.77 0 4.77 


| | 


Table III. Lattice Parameters of Cr;O-Type Phases (Continued) 


Bs Bog Bio Bu Bie 

As Pt Ao Au Axo Sb Au Sn Aw Hg 
0.03 4.71 — — 
4.81 0.07 4.88 0.05 4.93 0.01 4.94 — 

5.03 0.07 5.10 5.19 

5.15 0.06 5.21 0.05 5.26 0.03 5.29 — 

— 5.26 0.02 5.28 

_ 5.48 — — 5.56 


will be determined for each B-element. These values 
will be numerically equal to the Geller radii for the 
B-elements in this group of phases. If di; is calcu- 
lated for a phase in which a different A-element, A,, 
appears and this quantity together with any one of 
the Ps, values is substituted into Equation [6] a 


value of 
5 
— (Qo) 4pBi | 


will be determined for the Geller radius for element 
A,. In this manner all the Geller radii can be de- 
termined. However, it is important to note that the 
Geller radii can be duplicated only since the appro- 
priate Geller radius was chosen for P,,,. It is evident 
that any arbitrary value might have been chosen 
and an equally self-consistent set of numbers for the 
radii of the A and B-atoms concerned could have 
been thus derived, which are not numerically equal 
to the Geller radii. Table III shows that the lattice 
parameter of Nb;Ge does not fit the relationship de- 
veloped for the other parameters; Geller noted that 
there is a discrepancy of 0.05A between the observed 
and predicted lattice constants for this phase. 
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A different set of atomic radii can be derived from 
a model in which only A-A contacts are considered. 
This can be called Model B. Under this condition 


Ay 4 Ta [7] 
so that 
OA 
[8] 
Or, Ore 


The lattice parameter is therefore independent of rz, 
which is less than 0.31 a. 

Fig. 1 shows the correlation between the lattice 
parameter and the Goldschmidt C.N. 12 radius of 
the B-atoms. For phases having titanium as the A- 
element, the plot of lattice parameter versus the 
radius of the B-element is a straight line. The B- 
elements involved here are from Group VIII, Group 
IB and Group IIB. For the phases having the formula 
V.B, the lattice parameters versus R, fit a single 
straight line when B is an element from Group VIII 
or Group IB. The parameters for V;B-phases con- 
taining Group IVA elements, Si, Ge, and Sn fit a dif- 
ferent straight line, and a third line is required for 
V,B-phases containing the Group VA elements ar- 
senic and antimony. Lattice parameter data for 
phases having the general formulas Cr,B and Nb,B 
can be correlated in the same manner, although in 
some cases only two data points are available. 
Lattice-parameter data for Mo,B and Zr,B-phases 
are also plotted as straight lines through the data 
points, by analogy with the other straight lines. 
Table IV lists the values of the da,/dRsz. 

In Fig. 3 the lattice parameters for the phases are 
plotted against the Goldschmidt C.N. 12 radii of the 
A-elements. Although there is considerably more 
scatter in the data, straight lines can be fitted rea- 
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Table !¥. Variation of Lattice Parameter With A and B-Element 
Goldschmidt Radii 


Odo 


(TisB) VIII, IB, 
(V3B) VIII, IB 
(V3B) IVA 
(V3B) VA 
(CrsB) VIII 
(CrsB) IVA 
(Zr3B) IB, IIB 
(NbsB) VIII, IB 
(NbsB) IVA 
(MosB) IVA 
A3Si 


LITT 


| 


«Roman numerals refer to Periodic Table group numbers of 
B-elements. 


sonably well to the data points corresponding to 
Cr,O-type phases having the same A-element. This 
has been done for the gold and germanium families. 
Approximate values for the partial derivative, 
da./dR«, are also listed in Table IV. 

Although the Goldschmidt radii, particularly 
those of the B-elements, can be used quite satisfac- 
torily as a means of expressing the lattice param- 
eters of Cr,O-type structures by a series of linear 
relations, Table IV shows that neither Model A nor 
Model B successfully describe the Cr,O-type struc- 
ture when these radii are used. The conditions of 
Model A can be fulfilled, of course, by any set of 
radii that is expressly chosen to meet Equation [1] 
and be consistent with the lattice-parameter data. 
The radii of Geller constitute one set. 

It is interesting to observe the rather consistent 
deviations from the Goldschmidt C.N. 12 radii which 
are characteristic of radii that fit Model A. In Fig. 3 
the 8-wolfram radii are plotted against the corre- 
sponding Goldschmidt values. The dotted line, cor- 
responding to an equality of the two sets of radii, 
is added for comparison. Some appreciable devia- 
tions from the Goldschmidt radii are produced. The 
Goldschmidt radii for zirconium and tin differ by 


1.70 
= 
c 
2 
A_ELEMENTS 
1.40/— 
4 
4 
130 Fig. 3—Relation 
between 6-Wolf- 
1.20 ram radii and 
Goldschmidt 
C.N. 12 radii. 
1.50 Ha 
o ° 
2 Ir Sn 
= 1.40 Run 
= 

1.20 | | | | 


“1.20 130 140 150 1,60 1.70 1.80 
GOLDSCHMIDT RADIUS, Ron. t2, 


354—JUNE 1958 


1.2 pct, but the corresponding 6-wolfram radii differ 
by 11.9 pet. Cobalt and chromium differ by 1.6 pct 
in their Goldschmidt radii, while their B-wolfram 
radii differ by 4.6 pct. 

The occurrence of Cr,O-type phases reveals cer- 
tain correlations with the location of the components 
in the Periodic Table. 

Titanium, vanadium and chromium are over- 
whelmingly more prolific as A-elements than the 
second and third long-period elements in the same 
groups. Part of this tendency may be attributed to a 
size effect; a fairly large number of the zirconium, 
hafnium, and tantalum combinations fall beyond the 
high end of the favorable size ratio. On the other 
hand, some of the hafnium and almost all of the 
tungsten combinations are favorable, and yet these 
two elements do not appear to form any Cr,O-type 
phases. The corresponding second long-period ele- 
ments, zirconium and molybdenum, show only mild 
activity, while the first long-period elements, titani- 
um and chromium, are very active. 

Taken as a whole, the elements of Group VB, 
vanadium, niobium and tantalum, have the strongest 
tendency to serve as A-elements in Cr,O-type 
phases, accounting for half of all such phases now 
known. 

Considering the B-elements, activity is scanty for 
first long-period Group VIII elements,* and in- 


* An effort was made to duplicate the VsNi phase reported by 
Rostocker and Yamamoto. Diffraction patterns were made of an 
alloy of nominal composition V3Ni after anneals at 700° and 800°C. 
A sigma-phase pattern was found after both anneals, but no 
CrgO-type lines were observed. The VsNi-phase has therefore been 
omitted from the discussion in this paper, pending clarification. 


creases to heavy for the third long-period elements. 
Here again, size effect may be partly responsible. 
But size effect does not explain the scarcity of phases 
combining iron, cobalt and nickel with titanium, 
vanadium and chromium, or the complete absence 
of such phases involving palladium. Although the 
data are not complete, it appears that from Group IB 
only gold can serve as a B-element. The limited 
activity of the Group IIIA element gallium (V;Ga and 
Mo;Ga) is not shared by indium. The behavior of 
aluminum and thallium is generally unknown. 

On passing to Group IVA the frequency of occur- 
rence of the Cr,O-type phase again increases. How- 
ever, silicon, germanium, and tin do not form such 
phases with titanium although the size ratio is favor- 
able. Antimony, from Group VA, can serve as a B- 
element with the Group VB elements vanadium, 
niobium, and tantalum, but not with the group IVB 
or Group VIB metals. (The behavior of hafnium 
with this element is not known, however.) Arsenic 
forms a Cr,O-type phase with vanadium, and the 
occurrence of Nb; and Ta,;As might be expected in 
analogy with the antimony phases. The behavior of 
bismuth with all of the A-elements except hafnium 
has been investigated and no Cr,O-type phases were 
found. 

Conclusions 

1) A necessary, but not sufficient, condition for 
the occurrence of the structure is that the Gold- 
schmidt C.N. 12 radii of the component elements do 
not differ by more than about 15 percent. 

2) The basis for the 6-wolfram radii of Geller® 
is a property of the lattice parameters which can be 
expressed 


(do) 4nBi (Go) = (Qo) — (5) 4mB;. 
However, these radii are not uniquely determined 
by the measured lattice-parameter values of the va- 
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rious Cr,O-type phases and by the assumption of 
A-B contact. 

3) The lattice parameter of Cr,0-type phases with 
a given A-element depends linearly on the Gold- 
schmidt C.N. 12 radius of the B-element. When the 
B-element remains the same, the dependence of lat- 
tice parameter on the Goldschmidt C.N. 12 radius of 
the A-element also appears to be substantially 
linear. 

4) When the Goldschmidt radii are used for the 
A and B-atoms, neither a model which considers 
only A-B contacts, nor a model considering only 
A-A contacts successfully describes the Cr,O-type 
structure. 

5) Certain regularities appear in the occurrence 
of the Cr,O-type structure in relation to the position 
of the component elements in the Periodic Table. 
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Technical Note 


Grain-Boundary Sliding and Migration in High-Purity Aluminum 


at Room Temperature 


byt. Cutt, Jr: and. N. Grant 


URING a recent investigation of high-purity 
aluminum,’ evidence was found for grain- 
boundary sliding and migration at room tempera- 
ture. The investigation was concerned primarily 
with an electron-microscopic study of a fine (ap- 
proximately 1 micron) network that appeared on 
the surface of chemically polished aluminum. The 
nature of the network will not be discussed since it 
serves only as markers showing relative displace- 
ments in this instance. The pertinent observation, 
shown in Fig. 1, was made on a flat tensile specimen 
which had been strained about 8 pct at room tem- 
perature. As can be seen in this electron micrograph, 
a grain boundary has undergone a certain amount of 
sliding. The reason for the existence of the two 
differently appearing networks is given in the fore- 
going reference. For present purposes, however, the 
transition region can be disregarded. 
A close study of this picture reveals that in addi- 


F. B. CUFF, JR., is a member of the staff of the Department of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 
N. J. GRANT, Member AIME, is a Professor in the Department of 
Metallurgy, Massachusetts Institute of Technology. 

TN 451E. Manuscript, October 3, 1957. 


Transactions of The Metal- 
lurgical Society of AIME 


tion to sliding there is a narrow band adjacent to and 
above the grain boundary. Fig. 2 is a schematic 
drawing showing the essential features of this band. 


Fig. 1—Electron photomicrograph of grain boundary in high- 
purity aluminum. X10,000. 
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Fig. 2—Schematic drawing showing grain-boundary sliding 
and migration. 


The numbered lines are intersecting network bound- 
aries that are approximately 0.5 micron apart. The 
arrows show the direction of the shear stress which 
caused the displacement between grains A and B. 

From markers 1 to 5, the grain boundary, despite 
the sliding, is still coherent within the limits of reso- 
lution. Furthermore, the upper markers are spaced 
slightly closer than the lower markers. This would 
seem to indicate that some elastic strains have been 
retained throughout this region and that they are 
relatively compressive in grain A and relatively ten- 
sile in grain B. It is, of course, possible that some 
undetected plastic deformation has taken place. 
Since the markers are converging to the left they 
can be extrapolated to some point where the dis- 
placement is zero. This is probably a triple point 
where a strong locking effect would be expected at 
room temperature. 

At marker 5 B, where the grain boundary changes 
direction, a deformation process diverges from the 
grain boundary, penetrates grain A and ends be- 
tween markers 6 B and 7 B. At 7 B another and 
similar process starts and continues more or less 
parallel to the grain boundary. The two features of 
this band which are of particular interest are (a) 
that the sections of the markers lying within the 
band and slanted in the direction of the applied 
stress, and (6) that additional sliding has occurred 
along the upper boundary of the band at markers 
8 A through 13 A. 

It is believed that the upper boundary of the band 
is a new position of the old grain boundary that has 
undergone stress-induced migration and sliding. 

Fig. 3, a drawing of a single marker across the 
band, illustrates the mechanisms which probably 
occurred. As the shear stress was applied, the orig- 
inal grain boundary (GB1) underwent sliding. When 
the sliding reached some critical value, S., the grain 
boundary began to migrate. The superimposition of 
these two mechanisms produced the slanting section 
of the markers as shown. However, it is impossible 


Grain A 
Fig. 3—Schematic GB2 
drawing showing a 
single marker line t Band 
passing through 
band. 

GBI 
—| Sc 
Grain B 


that grain-boundary sliding and migration occur si- 
multaneously. The closest approach to simultaneity 
would be for alternate occurrence through a single 
atom distance. This step-wise progression of the 
grain boundary is, in all probability, more gross. 
Regardless of the magnitude of the steps it was felt 
that the slanted section of the marker should be 
drawn so as to illustrate this dual type of movement. 

Finally, when the grain boundary had undergone 
a certain amount of migration, t, this mechanism of 
deformation ceased. In some sections of the new 
grain boundary (GB2), sliding virtually ceased 
(markers 6A, 7A, and 14A through 17A in Fig. 2). 
However, in other sections (markers 8A through 
13A) sliding continued to a limited extent. 

The fact that not all of the markers are slanted 
evenly, i.e., the marker between 12B and 13B, indi- 
cates that under certain conditions, the movement of 
the grain boundary is more complex than the com- 
paratively simple picture presented here. 

The observation has been made of grain-boundary 
sliding and migration in high-purity aluminum at 
room temperature. In addition, the fine network 
produced on the surface of chemically polished alu- 
minum has been shown to be an extremely sensitive 
means for observing small strains which otherwise 
might go undetected. 
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Technical Note 


Formation of Large Grains of Alpha Titanium by Zone Melting 


by F. J. Darnell 


INGLE crystals of a-titanium are difficult to ob- 
tain because of the phase transformation at 
882°C in which the structure changes from the 
F. J. DARNELL is associated with the Central Research Depart- 


ment, E. 1, du Pont de Nemours & Company, Wilmington, Del. 
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high-temperature body-centered structure 8B to the 
low-temperature hexagonal close-packed structure 
a. Preparation of single crystals of a-titanium has 
previously been accomplished by a strain-anneal 
method which takes several days and is not gener- 
ally reproducible. Single crystals as large as 5 mm 
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by 5 mm by 40 mm are re 
ported to have been grown 

During experiments utilizing the vertical-zone 

melting technique’ to purify titanium, we have 
found that large grains of the a-phase were pro- 
duced after one pass of the molten zone. In this 
method, a cylindrical bar of approximately 1 cm 
diam and 15 cm length is supported vertically by 
clamps at the two ends. A molten zone approxi- 
mately 1 cm high is created by an induction heater 
operating at 4 megacycles. The supporting clamps 
are water-cooled so that the ends of the bar are at 
a temperature of approximately 200°C. The molten 
zone 1s moved down the rod at a speed of ~ 6 cm 
per hr. Zone melting is carried out in an enclosed 
system which is first evacuated and then filled with 
argon to suppress deposition of volatilized titanium 
on the glass walls of the system. 
The zone-refined bar is not changed appreciably 
in diameter and contains two or three grains in 
cross section. Single crystals as large as 8 mm by 5 
mm by 35 mm have been obtained from rods pre- 
pared by this technique and show no preferred 
orientation with respect to the bar axis. Formation 
of large grains was accomplished only by using 
iodide-process titanium as the starting material; 
~ experiments using a commercial titanium contain- 
ing about 0.1 pct carbon were not successful. De- 
termination of the single-crystal nature of the ti- 
tanium was made by metallographic examination of 
etched surfaces and by X-ray  back-reflection 
studies. 

The effectiveness of this method in producing 
large grains is believed due to the small tempera- 
ture interval in which the f-a transition can occur. 
The temperature gradient of several hundred de- 


grees per centimeter along the rod effectively con- 
fines a-phase growth to the already existing a-8 
boundary and prevents new a-phase nucleation. At- 
tempts to form large grains from polycrystalline 
material by merely moving a heated (1100°C) zone- 
down the rod were not successful, indicating the 
necessity for first forming large grains of the 
8-phase by solidification from the melt. This is in 
agreement with the transformation of individual 
grains as units in the a-8 formation as shown by 
ion-emission studies.* The size of the grains formed 
during zone melting might be increased by revers- 
ing the sample after each pass so that subsequent 
nucleation and growth would originate in the most 
perfect section of the bar. 

Electrical resistivity measurements were made 
on single crystals parallel to an a-axis or parallel 
to the c-axis. The values obtained were 46.2 + 2.3 
and 41.8 + 2.1 microhm-cm for resistivity at 0°C. 
along the a and c-axis, respectively. The tempera- 
ture dependence of resistivity between —100° and 
+250°C was 0.21 microhm-cm °C for both sam- 
ple orientations. The resistivity values unfortu- 
nately contain a possible experimental error of 5 
pct due to inaccuracy in measurements of sample 
dimensions, so that the two resistivities conceiva- 
bly can be equal. The thermal conductivity parallel 
to the a-axis was 0.38 watts per cm °C at 0°C and 
0.28 watts per cm °C at —200°C. 
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Hall Effect and Resistivity of Porous Copper 


The Hall constant, resistivity, and temperature variation of resistivity of copper samples of various 
porosities, prepared by pressing and sintering of fine copper powder, have been measured. For poros- 
ities up to 35 pct the results for the first and third of these quantities agree well with the theoretical 
predictions for a conductor containing isolated spherical pores. The resistivity has an additional 
temperature—independent contribution varying smoothly with porosity. According to these results, the 
foregoing theory can be applied to extrapolate reliably to the fully dense state Hall-effect data ob- 
tained on porous samples, and to study the residual resistivity of compacted metal powders. 


by E. Goldin and H. J. Juretschke 


HE electrical properties of porous conductors 
have been studied ever since such materials, 
‘usually prepared by pressing and sintering of me- 
tallic powders, obtained practical importance.’ In 
most cases, however, the results have not been easy 
to interpret because of the great number of inde- 
pendent variables such as powder size, pressure, 
pressing rate and temperature, subsequent thermal 
history, porosity, and so on, which enter into the 
fabrication of industrially desirable materials. 
In recent years an interpretation of these prop- 
erties has become of interest because the electrical 
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properties of many new substances, prepared as 
fine powders by crystallization from the vapor 
phase or by reactions in the solid state at high tem- 
peratures, have to be determined on porous samples 
formed from the powder. Since theoretically signifi- 
cant information must refer to the fully dense state 
of the material, it is important to relate the elec- 
trical properties measured on such porous samples 
to those expected for a sample of 100 per cent den- 
sity. 

A simple theory for the porosity dependence of 
the electrical conductivity and the Hall effect was 
recently proposed by Juretschke, Landauer, and 
Swanson.” Their model, assuming a distribution of 
pores of equal size and shape, sufficiently far apart 
so that each pore is embedded in a region of uni- 
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form current density, should apply at low porosities 
where neither the density fluctuations nor the shape 
and size variations of pores encountered in actual 
materials seriously violate these assumptions. The 
present work* was undertaken to determine the 
range of validity of this theory by an experimental 
investigation of the porosity dependence of the re- 
sistivity and the Hall effect of a basic metal, copper, 
for which fully dense samples are available and 
samples of various porosities can be prepared. 


Summary of the Theory 

In a porous conductor all measured electrical 
properties represent averages for the whole sample, 
including both the pores and the conducting mate- 
rial. While in the usual sample geometry these 
average properties are uniform, local deviations 
exist in the immediate neighborhood of any one 
pore. In the steady state, the flow of the current 
around the obstacles requires a charge distribution 
on the pore surfaces, and these charges give rise to 
an electric field in the pores. The entire effect of 
the porosity on the observed electrical fields arises 
from these internal pore fields. They usually have a 
component along the direction of the average cur- 
rent flow, and in the presence of a magnetic field H, 
also a component normal to the current and H. Thus 
both the measured conductivity and Hall constant 
are influenced by the presence of pores. 

The precise porosity variation of these quanti- 


ties depends on the pore shape relative to the ap- 


plied fields. Two cases of interest for pressed pow- 
ders are spherical pores, and a distribution of cylin- 
drical pores, with their axes equally aligned along 
the three directions defined by the average current 
and the magnetic field normal to the current. If « 
is the fraction of missing conductive material, the 
theory relates the measured resistivity p, and Hall 
constant R,, to the values p, and R, of the conduct- 
ing material alone, as follows: 


Spheres 
1+ «/2 
(1a) 
1—«/4 
l—e 
Average of cylinders 
1+ ¢«/3 (2 
a 
1 — 
R= R, (2b) 


(3) 


Over an appreciable range of «, the corresponding 
formulas in (1) and (2) give nearly the same po- 
rosity dependence, suggesting that for randomly 
oriented pores of any one shape the results of the 
theory are rather insensitive to the actual pore 
shape. This supports the applicability of the ideal- 
ized one-shape model to actual porous materials 
containing a large variety of shapes deviating from 
spherical. 

Decidedly different results are predicted for 
samples containing only parallel cylindrical cavities. 
Thus, for instance, if the cylinder axis is along the 
magnetic field we obtain 


l+e 

Po (3a) 
l—e 

(3b) 
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This geometry produces the largest change in p, and 
the smallest change in R. 

The experimental data will be discussed in terms 
of these three sets of formulas. To bring out the 


details of the relative agreement between the ex- | 


perimental results and the foregoing alternate ex- 
pressions, it is convenient to plot the product of 
(1—«) and the measured quantity as a function 
of «. In most cases the theory predicts for this rela- 
tionship a straight line whose slope and intercept 
at « = 0 stand in a definite ratio. 


Preparation of Samples 


Blocks of porous copper were produced by cold- 
pressing fine-mesh pure copper powder under 1000 
kg per sq cm in a collapsible steel die. After press- 
ing, the blocks were heated in hydrogen at tem- 
peratures between 600 and 1000°C for a time up to 
7 hr to obtain a range of average porosities 0.08 < 
e< 0.37. To test the dependence of the results on 
the size of the starting powder in the sample prep- 
aration, blocks were prepared from powders of 
+230 and —325 mesh. 

Samples of dimensions about 5 cm x 1 cm x 0.01 
cm were obtained by slicing the blocks and etching 
the cut faces sufficiently to restore the surfaces to 
their original condition. Since the density of each 
block was not uniform along the direction of press- 
ing, this method yielded a number of samples of 
somewhat different porosities from any given block 
(Ae ~ 0.05). 

In addition, to increase the range of «, a few low- 
density samples were intentionally overetched to 
remove a sizable fraction of the conducting material 
throughout the body of the sample. This gave values 
of « up to 0.65 in samples of fairly uniform density. 
However, pin holes in these samples were an in- 
dication that this method of preparation increased 
the number of cylindrical pores along the thin di- 
rection of the samples, and most likely also in other 
directions. 

Results and Discussion 


Resistivity and Hall-effect measurements were 
made by a standard three-probe d-c method, using 
a primary current of about 3 amp and a range of 
—25 to +25 kg for the magnetic field. Hall-effect 
measurements were made at room temperature, 
while the resistivity was determined over a range 
of 80°C up to room temperature. 

The results for the Hall constant are shown in 
Fig. 1, giving (1—«)R,, versus e. The squares de- 
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Fig. 1—Porosity dependence of (1 — e€)Rm for copper. Rm 
is the measured Hall constant, (1 — e) the relative density 
of the sample. Curves are drawn according to theoretical 
expressions (1b) and (2b). Squares refer to over-etched 
samples. 
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note the overetched samples, and the circles in- 
dicate samples prepared in the normal manner from 
‘both powder sizes. The size of the circles is a meas- 
ure of the uncertainty in the results. No systematic 
differences due to powder size could be detected. 

The samples represented by circles fall closely 
on a straight line for which a least-squares calcula- 
tion gives the intercept R, = —5.41 x10 volt-cm 
per amp-gauss and a slope 1.38 x 10 volt-cm per 
amp-gauss. The value of R, is in good agreement 
with the recent —5.33 x 10% volt-cm per amp-gauss 
obtained on carefully annealed pure copper,‘ and 
certainly within the range of the results of from 
—4.28 to —5.47 x 10 volt-cm per amp-gauss found 
in the older literature.* The ratio of the slope and 
the intercept of the straight line is 0.255, agreeing 
almost exactly with the value predicted by formula 
(1b) for spherical pores. These results indicate that 
for our samples this expression gives an accurate 
description of the porosity dependence of the Hall 
effect in the range 0 < « < 0.35. 

Using the end point R, = —5.40 x 10°” volt-cm per 
amp-gauss we have plotted in Fig. 1 the curves of 
(1 —e)R,, derived from (1b) and (2b). Among the 
circles there is best agreement with the straight 
line. The overetched samples agree more with (2b), 
another sign that the strong etch produced inter- 
connections between many pores, leading to more 
cylindrical cavities. In any case, Fig. 1 shows that, 
even at large porosities, deviations from the curves 
based on (1b) and (2b) are small. Since there is no 
reason to believe that our samples represent a spe- 
cial case, these formulas should therefore be valid 
for determining R, from measurements on any 
porous metallic materials in which the presence of 
a large internal surface area does not otherwise com- 
plicate the electrical-conduction properties. 

Fig. 2 shows the room-temperature resistivities 
as a function of porosity of our group of samples. 
The two solid curves give the variation to be ex- 
pected according to (la) and (3a), respectively, 
using p,.—1.705x10° ohm-cm,’ and the dashed 
curve at higher values of « is the correction to (1a) 
for a cubic array of spherical pores calculated by 
Lord Rayleigh.’ For the resistivity, the agreement 
between experiment and a purely geometrical 
theory based on isolated pores will not be as good as 
for the Hall constant. On the one hand, fluctuations 
of pore density around the average value, and in- 
teractions between pores are more important, and 
on the other hand the method of preparation in- 
troduces unavoidable resistances at the many in- 
ternal interfaces between the original powder par- 
ticles. For these reasons the coincidence of many of 
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Fig. 3—Porosity dependence of (1 — e€) (dpm/dT). Lines give 
variation predicted by expressions (la) and (3a). 


the points with the curve (3a) is largely accidental. 
A more meaningful comparison can be made only if 
more is known about the various sources of the re- 
sistivity of these samples. 

In materials with internal faults it is always pos- 
sible to separate the resistivity into two parts, one 
varying with temperature while the other remains 


constant: 
p=p(T) +p (4) 


Assuming that the geometrical contribution of the 
pores to the resistivity is contained entirely in p(T) 
we may expect that the porosity dependence of 
dp,»/daT can be related more firmly to the theoretical 
formulas listed previously. Fig. 3 shows the product 
(1 —«)(dp»/dT) versus «. The two straight lines 
give the porosity dependence of this quantity ac- 
cording to (la) and (3a), drawn through the end- 
point dp,/dT = 6.70 x 10° ohm-cm per °C for bulk 
copper.® Just as for the Hall constant, the points in 
the low-porosity region cluster decidedly around 
the line predicted for spherical pores. In the range 
«> 0.3, the large fluctuations from sample to sam- 
ple indicate that here a single-parameter theory is 
probably not sufficient to describe the porosity de- 
pendence of the resistivity. 

From Fig. 3 we can conclude that dp,,/dT, and 
therefore also the thermal part of the resistivity, 
change according to simple geometrical theory. Ac- 
cordingly, since dp,/dT and p,»(T) vary with e in 
the same manner, so that their ratio is independent 
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Fig. 4—Residual resistivity of pi: of porous copper as a 
function of porosity e«. Curve is a possible representation of 
average of data. 


JUNE 1958—359 


e 
= 
CYLINDERS 
e SPHERES 
SPHERES 
e 
0.9 
00.8 
70.5 
= 
50.4 e 
WO3 e 
ae ee 
a e 
H 
— 


of « and has the known value for bulk copper, we 
can now determine p,(T) and, furthermore, the 
residual part of the resistivity. Fig. 4 shows the 
values of p; as a function of « obtained in this man- 
ner. Within the uncertainty inherent in taking a 
small difference of two numbers, p; varies smoothly 
with «. We have not attempted to interpret the 
magnitude and porosity dependence of this residual 
resistivity, since it is not clear at present how 
sensitive these results are to the method of prep- 
aration of the samples. 


Summary 

Our experimental results show that for a consid- 
erable range of porosities, the porosity dependence 
of the Hall constant and of the temperature vari- 
ation of resistivity follows the predictions of a sim- 
ple geometrical theory for a distribution of isolated 
spherical pores. The agreement with such an ideal- 
ized model is not unreasonable, since for pores of 
similar size with nearly spherical shape and random 
orientations, the theory is not very sensitive to the 
details of the pore structure. 

Consequently, the formulas (la) and (1b) can be 
used with considerable confidence to find R, and 
dp./dT from measurements on porous samples. Re- 


sistivity extrapolations are much less certain be- 
cause of the unknown contribution of the porosity 
to the residual resistivity. If the properties of fully 
dense material are known, the geometrical con- 
tribution of the pores to the resistivity can be de- 
termined, thus giving a means of studying the rela- 
tion between the residual resistivity and porosity. 
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Technical Note 


Hardness of Single Crystals of High-Purity Alpha Titanium 


by J. L. Gissy, J. B. Schroder, and G. H. Schippereit 


HE existence of mechanical anisotropy in hex- 

agonal metals is well known.’ One possible 
method of measuring the degree of anisotropy in a 
metal is to make hardness measurements on the 
different planes of a single crystal. So far as is 
known, no single-crystal hardness data have been 
reported in the literature for alpha titanium. 

To obtain an estimate of the variation in hardness 
with crystallographic direction in titanium, Knoop 
hardness measurements were made on single crys- 
tals of electrorefined alpha titanium obtained from 
the Bureau of Mines, Boulder City, Nev. The 
hardness of arc-melted ingots prepared from this 
material was 64 Bhn (1000-kg load, 30 sec). 
Crystals of sufficient size were mounted in epoxy 
resin with the basal plane exposed. They were then 
polished and etched to remove excess plastic resin 
and work-hardened surface material. The crystals 
were then examined by x-ray diffraction, using the 
back-reflection Laue technique to insure that the 
crystals were properly oriented and strain free. Af- 
ter Knoop hardness readings (100 or 200-g load) 
were taken on the exposed surface, the crystals 
were remounted to expose a prismatic face and the 
foregoing procedure was repeated. : 

Hardness values for various orientations are 
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listed in Table I. The data show a difference be- 
tween the hardness of the basal planes and that of 
the prismatic planes, as anticipated. More striking 
is the hardness difference observed between differ- 
ent orientations of the indentor on the prismatic 
planes as shown in Table I and Fig. 1. All of the 
indentations shown in Fig. 1 were made with a 
100-g load. The long axis of indentation A is par- 
allel to the unique (c) axis of the crystal. The de- 
formation marks visible around indentations A and 
C of Fig. 1 are probably slip traces of the (10-0) 
system reported by Rosi, et al.” The greater hard- 
ness observed when the long axis of the indentor 
was perpendicular to the unique axis of the crys- 
tal (indention B) is probably caused by the opera- 


Fig. 1—Hardness variation with different orientation of in- 
dentor on the prismatic face of titanium single crystal No. 8. 
X250. Reduced approximately 28 pct for reproduction. 
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Table 1. Knoop Hardness® of Titanium Single Crystals 


Crystal Plane Tested 
No. (00-1) (10-0) 
2 71.6 30.9% 86.4¢ 
8 90.0 31.52 94.40 
11 92.0 30.05 104.8¢ 


@ All values are the average of at least three readings and were 
made with a 100-g load with the exception of the basal plete read- 
ing on Crystal No. 2, which was taken with a 200-g load. 

> Long axis of the indentor parallel to 00-1. 

¢ Long axis of the indentor perpendicular to 00-1. 


tion of a different deformation mechanism. Inden- 
tation C of Fig. 1, oriented approximately midway 
between A and B, gave a Knoop hardness of 56.1. 
Indentations A and B gave a hardness of 31.5 and 
94.4 Knoop, respectively. 

The variations in the hardness measured on the 
basal plane with the indentor axis parallel to the 
(10-0) and (110) planes, as shown in Fig. 2, were 
within the experimental error. All of the indenta- 
tions on the basal plane caused the formation of 
twin bands. Also shown in Fig. 2 is a hexagonal hole 
which apparently was formed when the crystal was 
. deposited. This was the only such void observed. 

This investigation has shown that a significant 
difference in hardness exists between the basal and 
prismatic planes of alpha titanium. In addition, the 
hardness measured on the prismatic plane depends 
upon the orientation of the hardness indentor with 
respect to the unique axis of the crystal. The maxi- 
mum hardness was observed when the long axis 


Fig. 2—Hardness impressions made on basal plane of titanium 
single crystal No. 8. X250. Reduced approximately 28 pct for 
reproduction. 


of the indentor was perpendicular to the unique 
axis. 
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Autoradiographic and Metallographic Evidence for 
a Metallic Second Phase in High-Purity Zinc 


During attempts to study impurity segregation at dislocation walls in zinc, it was found by 
autoradiographic techniques that additions of 10 atom fraction polonium —210 in zinc of 99.999° 
pct purity segregate into a regular pattern of clusters containing 100 to 10,000 polonium atoms. 
Metallographic examination revealed particles or clusters of particles of a second phase with particle 
diameters ranging from 500 to 3000A. This second phase, at which etch pits often nucleate, is attrib- 
uted to lead even in alloys with a lead content below 1 ppm. The solubility of lead in zinc is esti- 
mated to be below 0.5 ppm from metallographic and autoradiographic evidence and an analysis of 
solidification segregation. It is suggested that published accounts dealing with those properties of 
zinc which could be affected by a finely dispersed second phase be reviewed in the light of this result. 


by I. S. Servi, M. Stern, and W. W. Webb 


INC has been considered an ideal material for 
investigations of the behavior of dislocation 
walls in metals. It has appeared particularly useful 
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for studies of the mechanisms of plastic deformation 
and the motion of low-angle boundaries under 
stress, because orientated crystals are easily grown 
and cleaved. Moreover, the hexagonal structure 
makes the introduction of controlled tilt boundaries 
relatively simple. Apparently, another of the many 
reasons for selecting zinc as a working material is 
its commercial availability at the 99.999* pct purity 
level. However, most elements are only slightly sol- 
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Table I. Analyses of Various Grades of Zinc 


Grade CP Grade SP Tadanac _Zone-Refined CP 
i Our 
Our Supplier’s Our 
Supplier’s Average Spectrographic Average Supplier’s Average Spectrographic Bpectronravaye 

Element Analysis, Ppm Analysis Analysis, Ppm Analysis, Ppm Analysis y 

Pb 2 Ss 1.6 

Mn ND Tr ND 

3 Ss 0.4 Ss 

Cd 0.5 Ss 0.03 ND 

Cu 0.5 Ss <0.5 

Ag ND 

Bi ND ND 

Sb ND ND ND 

Si Tr Tr ND 

Ni ND ND ND 

Sn 0.5 ND <0.4 ND ND 

Te ND ND ND 

Tl ND ND ND 

As 0.06 <0.03 ND 


S—small amount (about 1 to 5 ppm) 
ND—not detected. 
Tr—trace. 


uble in zinc, and, therefore, it is important to de- 
termine whether material of this purity really con- 
sists of only one phase. 

Information on the solubility of many elements in 
zinc is essentially qualitative in nature. About 20 
years ago, Rodda’ showed that a second phase could 
be detected metallographically in zine containing 
about 2 ppm of lead and 5 ppm of iron. He con- 
cluded that the solubility of lead in zinc is definitely 
less than 19 ppm and perhaps even lower than 2 
ppm. Rodda also pointed out that the presence of 
other elements affects the solubility of lead in zinc. 
Waring, et al’ in determining part of the zinc-lead 
phase diagram established the existence of a mono- 
tectic reaction at 417.8 deg—the monotectic compo- 
sition being 0.9 weight pct lead. Recently, Vinaver 
and Dreulle,’ working on zinc containing more than 
20 ppm of lead, described the morphology of the 
lead-rich second phase produced by the eutectic 
reaction. They also showed that etch pits were 
nucleated at the sites of second-phase particles. 

Since the solubility of iron in zinc is greater than 
5 ppm* and the content of other metallic elements 
in commercial high-purity zinc is very much less 
than their known solubilities, lead remains the only 
element likely to be present in excess of its solu- 
bility. 


Fig. I—NTA plate autoradiograph of a cross section of a 
CP zinc-polonium alloy. X5. Reduced approximately 16 pct 
for reproduction. 
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Experimental Observations 

Observations were conducted on the following 
grades of zinc: New Jersey Zinc Sales Company, 
grades CP and SP; Consolidated Mining and Smelt- 
ing Company, experimental “Tadanac” zone-refined 
grade; and CP-grade zinc which was zone-refined 
in these Laboratories. Analyses are given in Table I. 

Initially, experiments were aimed at a quantita- 
tive study of substitutional solute segregation at 
low-angle boundaries. Experimentally, this was to 
be carried out using dilute solid solutions of polo- 
nium in zine and high-resolution autoradiograph 
techniques with quantitative analysis obtained by 
counting alpha tracks. Radioactive polonium-210 
decays with a half-life of 138.3 days to lead-206, 
emitting alpha particles of 5.298 mev energy. Thus, 
this element is an ideal solute for such a study be- 
cause of the sensitivity of alpha-particle autoradi- 
ography and the very small range of alpha particles 
in metals and photographic emulsion—14 microns 
in zine and 20 microns in Eastman NTA emulsion— 
which permit high-resolution work. When an alpha 
particle traverses an emulsion, it leaves a track of 
very fine silver particles which upon development 
becomes a visible track of silver grains. The dis- 
tribution of these tracks, each of which represents 
the decay of one polonium atom, can be used to 


Fig. 2—Detail of 
Fig. 1 showing 
segregation of 
polonium on sur- 
face (mainly asso- 
ciated with an 
oxide layer), grain- 
boundary segrega- 
tion, and beginning 
of polonium-rich 
core. X50. Reduced 
approximately 29 
pct for reproduc- 
tion. 


‘Polonium-rich ¢ 


Grain Round: 
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Fig. 3—Detail of Fig. 1 showing “eutectic-like” distribution 
of clusters in polonium-rich core. X200. Reduced approxi- 
mately 19 pct for reproduction. 


ascertain the distribution of polonium in a metal 
which is placed in contact with the emulsion. Be- 
cause tracks representing individual atomic trans- 
mutations are distinguished, the sensitivity of the 
method is extremely high. It is practical to work at 
isotope concentrations as low as 10 atom fraction. 
Because of the limited range of alpha particles, 
detailed analysis of results obtained in an appro- 
priate autoradiographic procedure, which includes 
measurement of the length and angle of alpha 
tracks, yields distribution of polonium atoms in any 
region with a resolution of about 2 microns. Details 
of the autoradiographic procedures used here are 
similar to those described by Boyd.’ 

Alloys of zine containing only about 10°” atom 
fraction of polonium were prepared by chemical 
displacement of polonium onto zinc from dilute 
nitric acid and subsequent melting and freezing in 
evacuated Pyrex vials. More than 80 per cent of the 
polonium added was retained inside each ingot, but 
a high concentration of polonium also appeared on 
the surface. 

Autoradiography of as-cast ingots revealed that 
polonium segregated markedly during the freezing 
process. The major part of the activity appeared 
to originate at virtual point sources distinguished 


-12 


Fig. 4—Painted-emulsion autoradiograph. Eutectic-like dis- 
tribution of clusters. X200. Reduced approximately 15 pct 
for reproduction. 
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a) Focused on plate b) Focused on sample structure 


Fig. 5—NTA plate autoradiograph superimposed onto a 
sample surface, showing segregation of polonium at a non- 
metallic inclusion. X100. Reduced approximately 38 pct for 
reproduction. 


by alpha-track clusters of various sizes. Fig. 1 
shows an autoradiograph of a cross section of a 
polonium-CP zinc ingot. In this case, the magnifica- 
tion is too low to observe individual alpha tracks. 
Observation of the autoradiograph reveals succes- 
Sive regions from the surface to the center of the 
ingot, which consists of 1) marked segregation of 
polonium at the surface, 2) a wide depleted area 
just below the surface, 3) a zone of segregation at 
grain boundaries, and along other lines which may 
be former locations of boundaries, and 4) a seem- 
ingly more uniform central region. 

Interesting details were revealed by examining 
certain regions of Fig. 1 at higher magnification. 
These selected areas are outlined and labeled on the 
low-magnification autoradiograph. Fig. 2 shows the 
details of surface segregation, depletion of polonium 
in the outer layer obtained during solidification, 
grain-boundary segregation, and the small clusters 
of very high activity. The area in the center of Fig. 
1 which appears free from segregation is, in fact, 
a region of small clusters of polonium distributed in 
a nearly regular pattern as shown in Fig. 3. This 
formation is suggestive of a eutectic with only a 
small amount of one of the phases. At this magnifi- 
cation, the individual alpha tracks are clearly de- 


Fig. 6—Detail of Fig. 1 showing high concentration of 
polonium at a grain-boundary “triple point.’ X200. Re- 
duced approximately 15 pct for reproduction. 
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Fig. 7—Painted-emulsion autoradiograph. Polonium clusters 
at both sides of a grain boundary. Top, X200; bottom, X100. 
Reduced approximately 19 pct for reproduction. 


fined. If alpha tracks originate from a point source, 
the resulting autoradiograph shows a star-like ar- 
rangement of tracks which radiate from a central 
point. Close examination of Fig. 3 shows that the 
alpha tracks fall in a network of diffuse “stars.” 
The autoradiographs were obtained by placing the 
sample on NTA autoradiographic plates. A slight 
air gap between the surface and the emulsion im- 
paired resolution. Therefore, a painted emulsion 
autoradiograph, which minimizes the distance be- 
tween sample and emulsion, was obtained on a re- 
gion similar to that illustrated in Fig. 3. The re- 
sults are shown in Fig. 4 where alpha tracks clearly 
originate from virtual point sources. Calculation 
shows that these sources contain from 100 to 10,000 
polonium atoms, illustrating the sensitive nature of 
this autoradiographic procedure. 

Polonium also segregates at nonmetallic inclu- 
sions. This is illustrated in Fig. 5 which shows an 
NTA plate autoradiograph superimposed onto a 
sample surface revealing the registry between the 
region of high alpha activity and a large inclusion 
which is presumably zinc oxide. The intersection 


Fig. 8—Half cross section 
of high-purity zinc re- 
melted and cast ingot. 
Center of the ingot is at 
the right. HNO; deep 
etch. X50. Reduced ap- 
proximately 33 pct for 
reproduction. 
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of three grain boundaries also appears to be a pre- 
ferred site for polonium segregation. Fig. 6, which 
is a magnified view of part of Fig. 1, reveals this 
phenomenon. 

Fig. 7 contains painted-emulsion autoradiographs 
which show a peculiar type of segregation revealed 
because this technique permits simultaneous obser- 
vation of the alpha-track distribution and the sample 
surface. Note the irregular zinc grain boundary 
which is located between two rows of clusters. 

Although the alloys investigated contained polo- 
nium in amounts of the order of only 10” atomic 
fraction (one part in 300 billion by weight), the 
material described appears to consist of two phases, 
the minor one preferentially retaining most of the 
polonium. The second phase could be polonium 
metal, an intermetallic compound of polonium with 
zine or an impurity, or a solution of polonium in an 
impurity-rich phase. Since the lead contained in 
these materials approaches its estimated solubility 
(approximately 2 ppm), the second phase men- 
tioned in the foregoing is likely to be lead-rich. The 
similarity in chemical behavior and atomic size be- 
tween polonium and lead would suggest preferential 
solubility of polonium in this lead-rich phase. The 
fact that heat-treatment at 350 to 400°C, rather 
than homogenizing a sample, appeared to make the 
segregation more severe supports the belief that the 
second phase is essentially a solution of polonium 
in lead. 

To confirm the existence of the second phase, 
CP-grade zinc was melted in a small pyrex tube 
and air-cooled. Examination of a cross section, 
deeply etched in nitric acid, revealed that the 
inner %4 of the casting had a much higher reactivity 
to the etching solution than the outer part, Fig. 8. 
Spectrographic analysis indicated that the lead con- 
tent in the center was 4 times that of the outer 
portion. Etching patterns were obtained throughout 
the cross section in specimens to which 10 ppm of 
lead were intentionally added. The SP grade, 
which contained about the same amount of lead, 
but less iron and cadmium, gave results similar to 
CP zinc, whereas the Tadanac grade, which con- 
tained less lead, showed no preferential etching at 
the center. 

Observations with an electron microscope gave 
positive evidence of the presence of a second phase 
which exists not only in the centers of ingots but 
also in the outer portions of remelted samples and 
in as-received CP-grade material. Electron micro- 
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a) X10,000 


b) X25,000 


Zi 


c) X10,000 


Fig. 9—Electron micrographs of direct carbon replicas of etched samples; a) and b) high-purity zinc; c) 0.1 pet lead-zinc 
alloy. All micrographs reduced approximately 12 pct for reproduction. 


graphs of carbon replicas of etched sections are 
shown in Fig. 9.* The second phase appears as iso- 


* Carbon replication was done by casting carbon directly onto the 
surface of the specimen at an angle approximately 20 deg from 
that surface, in the direction corresponding in Fig. 9 to that going 
from the bottom to the top of each picture. The white areas in 

_ Fig. 9 are shadows cast by the particles. 


lated, Fig. 9(a), or clustered globules, Fig. 9(b), 
which are often associated with etch pits. Each 
particle ranges between 500 and 3000 A in diameter. 
Observations on alloys containing 10, 100 and 1000 
ppm of lead showed similar morphology; except 
that_the size and number of particles were larger 
in the higher lead alloys, Fig. 9(c). 

The existence of a second phase consisting of lead 
(with dissolved zinc and polonium) having been 
established, efforts were directed toward eliminat- 
ing the precipitate by obtaining higher purity ma- 
terial. Autoradiographic studies with Tadanac zinc, 
zone-refined by the supplier, showed marked freez- 
ing segregation and a eutectic-like structure at the 
center. However, this central portion was generally 
smaller than that which occurred in CP zinc, and a 
fairly random distribution of polonium was ob- 
served in selected areas. Etching of this high- 
purity material was not capable of revealing the 
presence of the second phase. 

Single-pass, zone-refined CP zinc prepared in 
these Laboratories produced material with a lead 
content below the limit of spectrographic detection.t 


+ Zone refining of zinc was effected by moving a l-in. molten 
zone at ¥% iph. The specimen was contained in a pyrex boat, and a 
dynamic purified argon atmosphere was supplied. 


Fig. 10—Longitudinal section of zone-refined bar, showing 
boundary between pure (left) and impure (right) portions. 
Nitric-acid etch. Specimen is a single crystal, except for 
lower right corner. X5. Reduced approximately 19 pct for 
reproduction. 
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The impure end of a zone-refined bar had a high 
reactivity to nitric acid, Fig. 10, and contained 5 
to 10 times the amount of lead present in the 
original material. Polonium-zine alloys prepared 
with the purified material showed a marked im- 
provement in homogeneity with eutectic-like re- 
gions present only within a few inner grains. At 
least locally, a fairly random distribution of polo- 
nium was achieved, Fig. 11. Marked grain-boundary 
segregation also was observed, but it is not clear 
whether this particular example of segregation rep- 
resented equilibrium segregation. This problem is 
currently under discussion in the literature*’ and 
will be the subject of a subsequent paper. The 
effects of surface segregation as suggested by 
Maroun, et al,’ were eliminated by autoradiograph- 
ing only sections of castings. 


Estimate of Lead Solubility in Zinc 

The foregoing results indicate that the solubility 
of lead in zinc is smaller than 2 ppm. In addition, 
polonium appears to trace lead in zinc. If polonium 
is assumed to behave as an ideal tracer for lead in 
this system, then the maximum solubility of lead in 
zine can be estimated by two different methods. 

If one observes an alloy of zone-refined zine with 
polonium which shows some regions of random 
track distribution and others containing a second 


Fig. 1I—NTA plate autoradiograph of zone-refined zinc- 
polonium alloy. X200. Reduced approximately 13 pct for 
reproduction. 
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Fig. 12—Gradient of polonium from surface to inner portion of a 
zinc-polonium alloy expressed as “density of alpha tracks” versus 
a parameter related to the distance from the surface. 


phase, one may consider that the region containing 
the maximum uniform track density is saturated 
with lead. If the mean ratio of polonium to lead in 
the entire sample is known and it is assumed that 
this ratio exists in the saturated region, then a 
determination of the polonium content in this re- 
gion yields the lead solubility. The polonium con- 
tent was estimated by track counting, assuming 
that only one third of the alpha particles originating 
from a 7-micron-thick layer (half the alpha-parti- 
cle range in zinc) produce well-developed tracks 
in the emulsion. It can be shown that the lead 
solubility may be estimated from the following 
formula 


TWX 
Pb solubility (ppm) = 5 x 10° 


[1] 


where T = number of tracks per square centimeter 
in the region of maximum track density; W = total 
weight of sample in grams; X = mean lead content 
of sample in ppm; E = autoradiographic exposure 
time in hours; and A = total polonium activity in- 
troduced into the sample in microcuries. 

Assuming an over-all lead content in zone-refined 
zinc of 1 ppm (which is probably high), such a 
calculation indicates a lead solubility of 0.5 ppm. 
This may be considered a maximum value. 

It is also possible to estimate lead solubility using 
the theory of segregation during progressive solidi- 
fication of a liquid-metal solution from which one 
obtains 


= k(1=g)"™" [2] 


Co 


where c = local solute concentration; c, = average 
concentration; g = fraction solidified; and k = dis- 
tribution coefficient.* The distribution coefficient 
may, in the present case, be taken approximately 
as the ratio of the slope of the liquidus to the slope 
at the solidus of the zinc-lead equilibrium diagram. 
Taking g = x/X or 1—g = X—x/X for the perti- 
nent solidification geometry, where x = distance 
from the surface to a point having concentration ©, 
and X = one half the thickness of a flat button 
freezing progressively from the top and bottom 
toward the central plane, Equation [2] becomes 


2 [3] 
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Differentiating c with respect to 1/(X—«x) 


ele ( ) [4] 
ad[1/ (X—x) x 
and assuming that k<<1 this becomes 
d 
[5] 


XG, 


Again assuming that polonium behaves _ essen- 
tially as an isotope of lead, c may be determined by 
measuring the track density as a function of x and 
plotting the track density versus 1/ (X—x). A typi- 
cal result is reported in Fig. 12. The slope of the 
best straight line indicated by these data, substituted 
into Equation [5] yields a value of k of 10°. It is 
reasonable to assume that the solidus and liquidus 
in the lead-zine phase diagram are nearly straight 
lines since their temperature range is only 1.7°C. 
Therefore, a k-value of 10° and a monotectic com- 
position of 0.9 pct lead result in a solid solubility 
of 0.1 ppm of lead near the monotectic temperature. 
If equilibrium is not obtained during solidification, 
the apparent k-value will increase, leading to an 
overestimate of the solubility. Consequently, this 
method also yields a maximum value of the solu- 
bility. This method does not require a knowledge 
of the average lead content of the sample. 


Conclusions 

Metallographic and autoradiographic evidence 
shows that currently available high-purity zinc con- 
tains a lead-rich second phase. The maximum solu- 
bility of lead in zinc is less than 0.5 ppm. The true 
maximum solubility may be substantially less than 
this since the errors that are possible in the above pro- 
cedures outlined would primarily lead to high cal- 
culated values. The distribution of lead in this ma- 
terial is very irregular both on a micro and macro- 
scopic scale. 

Investigations dealing with properties of zinc 
which could be affected by a finely dispersed second 
phase should be reviewed in the light of this 
evidence. 

Alpha autoradiography has proven to be a very 
sensitive and useful technique in studies of segre- 
gation at concentration levels of 10°” to 10°” atom 
fraction polonium-210. 
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Molecular Diffusion and Interphase Transfer in the 


Solid Copper-Molten Lead System 


Coefficients for diffusion of copper through liquid lead have been determined over 
a wide temperature range using the infinite-column model. These have been found to be 
independent of the composition. Within experimental error no resistance to transfer was 
noted across the solid-liquid interface. The Stokes-Einstein equation represented the dif- 
fusion data best and permitted the calculation of the radius of the diffusing species, 


the cupric ion. 


by J. W. Gorman and G. W. Preckshot 


OLTEN metals offer an excellent medium for 

the study of molecular diffusion and interphase 
transfer. In the absence of intermetallic compound 
formation, solutions of molten metals are solutions 
of elements. Therefore, complicating factors such as 
molecular structure, dissociation, association, polari- 
zation, and so on, are generally absent. Further, 
metals remain in the liquid state over a wide range 
of temperature. Thus, the effect of temperature on 
transport processes can be studied in more detail. 

Although some data are available for the diffusion 
of metals in the molten state at high tempera- 
tures,” the most useful and accurate data are 
those for the diffusion of various elements in mer- 
cury at room temperature. The effective radius of 
diffusion for the various elements in mercury may 
be calculated from the Stokes-Einstein relation.*” 
These calculated radii are compared with the atomic 
and ionic radii calculated from X-ray data on crys- 
tals." The effective radii of diffusion of the alkali 
and alkali-earth metals correspond to those of the 
neutral atom; those of cadmium, silver, lead, zinc, 
thallium, bismuth, and tin correspond to ionic radii; 
and those of copper and gold indicate larger radii 
due to association with mercury or more likely, 
faulty diffusion data. 

Independent evidence” supports the notion that 
alkali metals are uncharged in amalgams. The con- 
cept of metals moving free of their conductance 
electrons in the liquid state has been discussed by 
Eyring, et al,” in connection with studies on the vis- 
cosity of pure molten metals. Considering the ap- 
proximate nature of the tabulated atomic and ionic 
radii and the variance in the diffusion measurements, 
the application of the Stokes-Einstein equation to 
the diffusion of metals in mercury gives gratifying 
results. It is noted that a number of these metals 
have particle radii equal to or less than those of the 
solvent mercury.” 

Sobal,” using the inaccurate Roberts-Austin” data, 
indicated that the effective radius of diffusion might 
well be a function of temperature. Additionally in 
studies of mass transfer between phases, many con- 
flicting opinions have been expressed concerning the 
assumption of equilibrium at the interface.” The 
results of the present work on the diffusion of solid 
copper in molten lead throws light on the tempera- 
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ture variation of the diffusion radius as well as the 
extent of the interfacial resistance. The theoretical 
background and experimental procedure are pre- 
sented here in detail. Results on other systems will 
be presented in subsequent papers. 


Nomenclature 


The following nomenclature is used in the paper: 
A—cross-sectional area of diffusion column, sq cm 
C, C.—concentration of solution and saturated solu- 
tion respectively, g per cc 
D, D’—diffusivity, sq cm per sec 
e—Naperian base 
h—ratio, k/D 
k—mass-transfer coefficient, cm per sec 
L—diffusion column length, cm 
n—series index 
q—flux, g per sq cm-sec 
/ r—radius, cm or A 
R—gas constant 
t—time, sec 
T— temperature, °“K 
V—volume, cc 
w—weight of copper-lead alloy on copper cylinder 
W,—total copper transferred to lead diffusion, 
column, g 
Z—distance from top of diffusion column, cm 
Z’—distance from copper-lead interface, 
em (Z’ = L-Z) 
o,—roots of diffusion equation 


Mathematical Apparatus 
The model shown in Fig. 1 applies to the diffusion 
of solid copper into molten lead. Here Fick’s first 
law may be written 


where all terms are defined in the nomenclature. 
It is assumed that the volume of the lead column is 
constant. This is justified since experimental densi- 
ties compared favorably with calculated densities 
based on perfect interstitial mixing. Thus there is 
no counter diffusion of lead. ‘ 

It is clear that Z in Equation [1] should be meas- 
ured relative to the interface which moves relative 
to the diffusion cell but not to the liquid phase. 
Hence, the frame of reference is the plane of the 
copper-lead interface. The diffusivity calculated at 
constant volume, D’, is that defined by Hartly and 
Crank” and is designated herein as D. 

No Interfacial Resistance—The two situations of 
the presence and absence of interfacial resistance 
will be treated. The simplest is the latter which re- 
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quires saturation at the boundary. The following 
equation and boundary conditions define the problem: 


aC 
[2] 

ot OZ” 

and 
[3a] 
C= Cy VA [3b] 
( oe 0 f ll t>0 [3c] 
——]=0Ofora 
OZ 


The solution’ to this set of equations is 


4 —1)"* 2n—1)aZ 
 2n—1 2L 
—(2n—1)?n*Dt | 

exp 

4L° 
Equation [4] gives the concentration-penetration 
curve for any time t. It must be integrated over the 
length Z, since only the total copper diffused is 
experimentally determined. With rearrangement 

Equation [4] becomes: 


[4] 


Wr 8 1 [ —(2n—1)?r*Dt | 

[5] 
C,AL corresponds to the total copper content of the 
copper-saturated lead column at the operating tem- 
perature, and is so obtained by letting t> o. 

Since the values of W;, C,AL, t and L are experi- 
mentally determined, Equation [5] yields the value 
of the diffusivity, D. There should be no dependence 
of D on the concentration. Experimentally, this may 
be tested by varying the time of the experiment, t, 
or the initial solution concentration at t= 0. The 
copper-lead system yields to this treatment. 

Interfacial Resistance—The more difficult prob- 
lem of a resistance to mass transfer at the interface 
is described by Equation [2] and the Boundary Con- 
ditions [3a], 3c and 


Carslaw and Jaegar’ give the solution to this system 
and the concentration-penetration curve is 


2hcosa,Z 
n=1 [ 


exp [—Da,’t] 
[7] 
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where a, are the roots of 
a, tan = [8] 


W, is obtained by integration over the column length 
L as 


We 2h® exp[—Do,’t] 


A table of roots a,L in Equation [8] have been pre- 
pared.’ Equation [9] is experimentally useful in a 
direct way for the case where D and k are constant. 
Values of W,/C,AL are obtained at two or more 
values of t. With the tables of the roots, values of h 
and D may be obtained which satisfy Equation [9] 
for the two or more values of t. An indirect use of 
Equation [9] is made later by considering the inter- 
facial resistance which could be masked due to ex- 
perimental error. 


[9] 


Experimental 


Apparatus and Procedure—The heart of the ap- 
paratus, the diffusion cell, was made of National 
Carbon Company grade c.s. graphite. Fig. 2 is a 
schematic diagram showing the position of the ac- 
curately aligned cell parts during the various stages 
of operation. The assembled cell was held a constant 
temperature (+0.10°C) under controlled dry N, and 
H, mixtures in the insulated tank arrangement 
shown in Fig. 3. 

The copper cylinders were machined to tolerances 
of +0.0003 in. on the diameter and +0.001 in. on the 
length, tailored to the operating temperature. The 
diameter was particularly important since the cop- 
per cylinder had to fit snugly into the hole in the 
graphite initiator, d, to prevent the molten lead from 
seeping around it. The cylinder was machined ac- 
curately as to length to fit the initiator. The 500 A 
emery paper used to polish the surface of diffusion 
reduced the length by about 0.001 in. 

Lead cylinders were cast to fit the diffusion col- 
umn disk, c, with a small excess to fill partially the 
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hole in the shearing disk, b. Both copper and lead 
cylinders were degreased with a boiling acetone- 
benzene mixture. Each piece was weighed and 
placed in the diffusion cell as shown in Fig. 2(a). 
A small copper cup with a perforated bottom con- 
taining a small amount of cast lead was placed in 
the equilibrium cup disk, a. 

The apparatus was assembled and the cell was 
brought to a temperature of 400-500°C, while the 
internal tank pressure was maintained at 1-2 mm Hg 
to eliminate bubble formation in the lead. Then a 
mixture of 30 pct H, and 70 pct N. was introduced 
rapidly until the pressure reached atmospheric pres- 
sure. Thereafter the gas flow was maintained at 60- 
100 ce per min for the duration of the experiment. 

The cell temperature was adjusted accurately 
with symmetrically arranged heaters and main- 
tained for a prolonged period (8-9 hr for tempera- 
tures above 700°C) to establish equilibrium in the 
equilibrium cup and to reduce any oxides. The cell 
was then put into position, Fig. 2(b). 

The diffusion experiment started when the initia- 
tor positioned the copper exactly under the lead 
column. Within seconds the lead column length was 
established by withdrawing the shearing disk, b, and 
collecting the equilibrium sample in the recess in 

_the diffusion column disk, c. The top sample was 
collected as a blank. 

Diffusion-run times ranged from 45 min to 2 hr 
depending on the operating temperature. At lower 
temperatures, the run times were determined to sat- 
isfy the chemical analytical requirements. At the 
termination of the run, the cell was put in position 
Fig. 2(c) with the copper cylinder separated from 
the lead column. After disassembly, all lead and 
copper pieces were weighed. The lead column, top 
blank sample, and equilibrium sample were ana- 
lyzed for copper by dissolution in nitric acid with 
the separation of lead as PbSO, and titration of the 
filtrate for copper by a modified starch-iodide 
method.” 

Materials—The phase diagram for system copper 
and lead* indicates that below 953°C. copper is slight- 
ly soluble in molten lead, but lead is practically in- 
soluble in solid copper. Butts* gives the maximum 
solid solubility of lead in copper as of the order of 
0.002 to 0.005 pet at the monotectic temperature 
953°C. The liquidus curve below 953°C has been in- 
vestigated by Kleppa.” A comparison of the solu- 
bility data obtained in this investigation with his 
data is shown in Fig. 4. 

Two types of copper were used in this work; 
namely, commercial electrolytic tough pitch and 
Cuprovac-E. The electrolytic tough-pitch copper in 
the form of 5g-in. bar stock was obtained from the 
Vincent Brass and Copper Company, Minneapolis, 
Minn. The analysis by the James H. Herron Com- 
pany, Cleveland, Ohio, is given in Table I. The 
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Table |. Analysis of Tough-Pitch Copper 


Element Pct by Wt 


Table Il. Analysis of Cuprovac-E 


Element Pct by Wt Element Pet by Wt 


0.0002 Nil 
0.0002 Nil 
Trace 0.0025 
Trace 0.0008 
Trace Nil 
0.001 0.0005 
0.0002 0.0003 
Nil Nil 
0.0006 <0.001 


oxygen content was 0.039 pct as determined by hy- 
drogen reduction of a sample at 700 to 900°C. The 
density was 8.87 g per cc at room temperature. 

The Cuprovac-E was obtained from the Vacuum 
Metals Corporation, Cambridge, Mass. This was in 
the form of %-in. bar stock. The analysis by the 
manufacturer is given in Table II. The average 
density at room temperature was 8.92 g per cc. 

The lead was obtained in ingot form from the 
National Lead Company Research Laboratory, 
Brooklyn, New York. The stated purity was 99.999 
pet. 

Results—The solubility data determined in the 
course of this work are reported in Table III and 
Fig. 4. It is noted that these agree extremely well 
with those of Kleppa.” Table IV contains a summary 
of the data for diffusion of copper into pure lead. 
The average over-all deviation from the mean is 
estimated as +0.72 pct. The effective radii of diffu- 
sion were calculated using the Stokes-Einstein 
equation and the viscosities of pure molten lead as 
determined by Bienias and Sauerwald.* 

A number of runs were made at or near 650°C to 
check reproducibility and the effect of the two types 
of copper, Table IV. Both reduced electrolytic 
tough-pitch copper and vacuum-cast Cuprovac-E 
copper gave identical results within experimental 
error. Runs were made at three different times 
(3600, 4500 and 5400 sec) in order to establish 
whether Equation [5] or Equation [9] was controll- 
ing. Equation [5], which involved the assumption 
of no interfacial resistance, gave a constant diffusiv- 
ity within experimental error for all three times. 


Table III. Solubility of Copper in Molten Lead 


Temp, °C Weight Pct Copper 
426.8 0.1916 
450 0.237 
478 0.312 
500 0.371 
526.8 0.48 
550 0.572 
600 0.855 
626.8 1.06 
650 1.228 
700 1.739 
726.8 2.11 
750 2.435 
774 2.833 
800 3.326 
826.8 4.08 
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Table IV. Summary of Diffusion Data 


Effective 
Duration Diffusivity Radius 
Temp, °C of Run Sec Cm? per Sec x 105 of Diffusion A 

450 7200 4.004 —_ 
478 7200 3.72 0.757 
500 7200 4.304 
550 7200 4.37 0.810 
550 7200 4.37 0.810 
600 7200 4.96 0.821 
649 3600 5.29° 0.874 
649 3600 5.34? 0.865 
649 3600 5.43% 0.851 
650 3600 5.3 0.859 
650 5400 5.334 0.869 
651 5400 5.42 0.857 
651 4500 5.36 0.867 
651 4500 5.29 0.879 
700 3600 5.66 0.921 
700 3600 5.72 0.911 
750 3600 6.30 0.923 
750 4500 6.46 0.900 
774 2700 8.71¢ _— 
774 3600 T.87¢ — 
800 3600 27.0¢ —_— 


«Lead contaminated with lead oxides. 

» Reduced electrolytic tough-pitch copper. 

¢ Temperatures above density inversion point. 
4 Diffusion into alloy of 0.465 wt pct copper. 


In addition another run at 650°C was made in which 
the diffusion took place from solid copper into an 
alloy solution of 0.465 weight pct copper. The cal- 
culated diffusivity agreed with those from the solid 
copper-pure lead runs. This was further evidence 
that interfacial resistance was absent and that the 
diffusivity was not varying with concentration. The 
average deviation from the mean in the diffusion 
coefficients for the 7 experiments at about 650°C 
was +0.85 pct. 

The diffusion data are presented in Fig. 5 showing 
log D as linear in 1/T for most of the range. The 
equation representing these results with an average 
deviation of 1.08 pct is 

—2963 


D = 2.695 x 10*e** [10] 


Discussion 

Equation [5] was found satisfactory for computing 
the diffusion coefficient within experimental error 
for different diffusion times, t, at a particular tem- 
perature. The amount of copper in the lead layer 
adhering to the copper cylinder was taken into ac- 
count for these calculations. The weight of this lead 
layer adhering to the copper, w, was obtained by 
material balance. Thus with the thickness Z’, esti- 
mated values of Dt, and Equation [4], values of 
(C/C,)z were calculated for a column length of 2.94 
cm. For small values of Z’, (C/C,)z, is almost a lin- 
ear function of Z’. Average values of (C/C,) wz were 
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used then to compute the small amount of copper 
in the thin layer Z’ adhering to the copper cylinder. 
The quantity of copper in this thin layer amounted 
to 0.5 to 3 pct of the total transferred and the pre- 
cision of the estimate of Dt for its determination was | 
not too critical. 

There are several points concerning Fig. 5 which 
require some explanation. The first of these has to 
do with the two data points lying above the straight 
line at temperatures 450 and 500°C. According to 
Bienias and Sauerwald,* reduction with hydrogen is 
slow at temperatures below 550°C and oxide plugged 
their capillary viscometer. It is possible that the 
more rapid diffusion is due to the convection cur- 
rents caused by the rising oxides. This effect was 
not present for the experiment at 478°C when reduc- 
tion was accomplished at temperatures higher than 
550°C. No data were taken below 450°C because of 
the inability to analyze for the small amounts of 
copper in lead. 

The diffusion coefficients are represented ade- 
quately over the range of temperature from 450 to 
767°C with the diffusion-flow streamline. Stream- 
line flow apparently breaks down at 767°C and an- 
other mechanism is responsible for the transfer at 
higher temperatures. At 774°C runs of different 
duration, Table IV, gave diffusivities by Equation 
[5] differing by 11 pct, indicating that a molecular 
diffusion mechanism was not controlling. From pre- 
liminary density measurements, it was concluded 
that in the neighborhood of 767°C, the density of the 
saturated lead solution must have reached a maxi- 
mum. Consequently, at temperatures higher than 
this, convection sets in and the diffusion Equation 
[5] no longer holds. Results by this combined con- 
vection and diffusion mechanism cannot be inter- 
preted directly and the dashed line has no other 
significance than to show qualitatively a difference 
in mechanism. A similar phenomenon was observed 
by Ward and Brooks” in their work on interphase 
transfer. 

Some remarks should be made about convection 
influencing transfer at temperatures much lower 
than 767°C. When transfer was measured from un- 
reduced copper, the coefficients from Equation [5] 
were found to be erratic and several fold greater 
than those based on a molecular diffusion mech- 
anism. Reduction of the copper with hydrogen pin- 
pointed this effect as being due to nonsymmetrical 
diffusion from patches of copper not covered by oxy- 
gen. The same high transfer was observed when 
only a portion of the copper cylinder (reduced with 
H.) was covered by the lead column. Both of these 
introduce convection currents which raise mass 
transfer abnormally and render diffusion experi- 
ments invalid. 

Resistance to Mass Transfer at Copper-lead Inter- 
phase—Farlier, it was pointed out that the experi- 
mental error in the measurements could mask a cer- 
tain amount of resistance to mass transfer at the 
interface. An estimation of the maximum amount 
of this masked resistance was made for a typical 
1-hr run at 650°C. The value of W,/C,AL was cal- 
culated using the following data and Equation [5]: 


L= 2.94 em D = 5.36 X 10° sq em per sec 
t = 3600 sec W,/C.AL = 0.1686 


Experimentally W,/C.,AL was obtained from 
chemical analysis with a probable error of +0.44 pet. 
This is illustrated in Fig. 6 where the middle dotted 
line is the mean value of W,/C,.AL = 0.1686 and the 
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other marks the band of probable error around the 
mean value. The curve is a plot of W,/C,AL versus 
h, using Equation [9] with the foregoing data. 

As h increases, the calculated value of W,/C,AL 
increases and eventually enters the band of uncer- 
tainty around the value of W,/C.AL calculated from 
Equation [5]. At h = 400, either Equation [5] or 
[9] is adequate to describe the process, and this 
specifies the minimum value of h. But h=k/D, 
where k is the coefficient of mass transfer at the 
interface. Thus k = 0.0214 cm per sec, the minimum 
transfer coefficient masked by experimental error. 
Since resistance is inversely proportional to the 
mass-transfer coefficient, this corresponds to the 
maximum resistance which could be masked. 

- The meaning of k is obtained by considering a 
well-stirred system where transfer is taking place 
between phases. Using 


V = Ak(C.—C) [11] 
dt : 


one calculates that 25.2 sec are required to transfer 
(W,/C,AL = 0.1686 = C/C,) the same amount of 
copper obtains in 1 hr by diffusion alone. This 
transfer time is only 0.7 pct of the time required for 
a diffusion-controlled process. 

Another way to look at the situation is to take the 
foregoing minimum value of k and calculate the 
composition at the interface as a function of time, 
using Equation [9]. This has been done in Fig. 7 for 
h equal to 400, 306 and 34, where C/C, at the inter- 
face is plotted versus time. For h equal to infinity 
this degenerates into the case of no resistance at the 
interface and (C/C.)z::=1 for all t. When h is 
7, — 0 at t as t increases’ C/C, 
rises towards C/C, = 1 at a rate dependent on 
the value of h. For the minimum h (+400), it is 
seen that the concentration at the interface is within 
1 pet of saturation after 400 sec and after 1 hr is 
within 0.3 pct of saturation. It is apparent from Fig. 
7 that increasing the values of h over 400 would 
have very little effect compared to the difference 
between h = 34 and h = 306. Hence, the minimum 
value of h = 400, just chosen, was indeed conserva- 


L=2.94Cm. 
D=5-36 *10 °Crrt/Sec. 


340 =1800 0.947 
34.0 3600 0.962 
34.0 5400 0972 


306 600 0.990 
306 1800 0.994 


306 3600 0.996 
400 300 0.989 

400 600 0992 
ol 34.0 400 1800 0.996 


400 3600 0997 
400 5400 0.998 
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Fig. 8—Reduced electrolytic tough-pitch copper at 650°C. 
X75. 


tive as the experimental data show only that it could 
lie between 400 and infinity. ~ 

Now, if there were an appreciable resistance at the 
interface, one would expect that the grain size of the 
solid copper would influence it. Photomicrographs 
of the copper surface exposed to the lead during a 
diffusion run were taken. Figs. 8, 9, 10 and 11 are 
photomicrographs of such areas at a magnification 
of X75. Samples of reduced electrolytic tough- 
pitch and Cuprovac-E copper which were used in 
runs at 650°C are shown in Figs. 8 and 9. It is im- 
mediately apparent that the initial solution of cop- 
per by lead takes place most rapidly at the grain 
boundaries which causes the grains to stand out so 
clearly in the photographs. Solution and surface mi- 
gration may be plausible explanations of further 
deepening of grain boundaries. This being the case, 
one would expect that the interphase transfer would 
be easier when the grains were smaller since there 
would be more grain boundaries. However, the runs 
whose copper surfaces are shown in Figs. 8 and 9, 
gave diffusivities of 5.34 and 5.33 x 10° sq cm per 
sec based on Equation [10]. These values agree well 
within the experimental error, indicating that the 
primary resistance was in the liquid phase, and 
therefore support the assumption of negligible inter- 
facial resistance. 


Fig. 9—Cuprovac-E copper at 650°C. X75. 
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0170 
Fig. 7 


Fig. 10—Cuprovac-E Copper at 550°C. X75. 


This is supported by the studies at elevated tem- 
peratures where there is continuous grain growth 
combined with a relatively rapid motion of the sur- 
face copper atoms. Bailey and Watkins’ were able 
to measure the surface tension between solid copper 
and gases saturated with lead vapor by determining 
the dihedral angle between copper grains in a plane 
normal to the surface. The development of the in- 
tergranular grooves at high temperatures in the ab- 
sence of liquid solvents represents an approach to an 
equilibrium condition of minimum surface free en- 
ergy; the mechanism is that of surface migration of 
copper atoms. When molten lead is present a plaus- 
ible mechanism, to attain the minimum surface en- 
ergy, is for the lead to dissolve the atoms in the 
neighborhood of the grain boundaries first. Hence, 
the copper surface was always in a state of flux, the 
total activity being proportional to the number of 
grain boundaries and the temperature. 

In Figs. 8.and 9 there are numerous pits on the 
grain surfaces. A close examination reveals that 


these were the junctions of three or more grain 
boundaries at some stage of the grain growth. The 
rate of dissolution was abnormally high during this 
period. When the grain boundaries moved away, the 
pits were left behind. 

Figs. 10 and 11 show copper surfaces which were 
involved in runs at 550 and 750°C, respectively. The 


Fig. 11—Cuprovac-E copper at 750°C. X75. 
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great difference in grain size here is due to the dif- 
ference in temperature. Again, interphase processes 
did not influence the diffusion coefficient calculated 
from Equation [5] and thus supports the assump- 
tion of negligible interfacial resistance. 

Application of the Stokes-Einstein and Other 
Equations—The diffusion coefficient could be com- 
puted by the Stokes-Einstein equation if values of 
the molten-lead viscosity and atomic or ionic radii 
of copper were available at the conditions. The vis- 
cosity data for pure molten lead* may be expressed 
as 

p= 2097 [12] 


The values of Du/T decreased by 17 pct over the 
range of temperature (478-750°C). Thus the Stokes- 
Einstein equation would represent the data within 
+8.5 pet for an average value of the constant, as- 
suming the diffusion radius is constant. 

Other equations which seemed appropriate for the 
computation of the diffusion coefficients were 
Eyring’s” equation based on rate theory, and Schei- 
bel’s” correlation. The computed diffusivities at 
650°C were too large by factors of 10 and 2 using 
Eyring’s equation and Scheibel’s correlation, respec- 
tively. It appears that the unmodified Stokes-Ein- 
stein equation predicts the diffusivity within closer 
limits than the two other relations. 

The alternative treatment using the Stokes-Ein- 
stein relation involves the calculation of the radius 
of diffusion as a function of temperature. These radii 
of the diffusing copper particles calculated from the 
Stokes-Einstein equation are listed in Table IV and 
in Fig. 12. The line drawn through the points is the 
best line by least squares. The equation is 


(0.285 -+6.29 x 10*T): x 10% em [13] 


Although the data can be represented adequately 
by a straight line within experimental error, an 
alternate representation is more feasible for extrap- 
olation to lower temperatures. Using Equations [12] 
and [10] in the Stokes-Einstein relation give the 
radius of diffusion as 


= 6.64 x 10° [14] 


Either Equation [13] or [14] satisfactorily repro- 
duces the data. The exponential form, Equation 
[14], gives a slightly better extrapolation to the 
melting point of lead. 

The crystal radii for the neutral copper atom, 
cuprous, and cupric ions“ are given on the left-hand 
side of Fig. 12. The cupric-ionic radius of 0.704 A 
at 327°C was found by extrapolation using the ther- 
mal expansion of solid copper. The extrapolated 
values of 0.663 and 0.676 using Equations [13] and 
[14], respectively, are within about 5 pct of that for 
the divalent ion at the melting point of lead. It 
appears that copper diffuses as the divalent ion in 
molten lead. This agrees with the information de- 
rived from the diffusion of various alkali-earth ele- 
ments in mercury. 


Fig. 12 
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Equations [13] and [14], the result of the Stokes- 
Einstein equation, give expansion coefficients for 
copper at its melting point very much like that for 


a gas. The exact physical meaning of this is not 
clear. 


Conclusions 


15) The assumption of negligible resistance at the 
interface is satisfactory for reproducing the experi- 


oe diffusion of copper into molten lead within 


D— 2695 107 (478°C=TS750°C) 


Grain size of the exposed copper solid had no effect 
on the diffusion process. 

2) Diffusion coefficients determined by the Stokes- 
Einstein relation agreed with those experimental 
values within +8.5 pct where as those computed by 
the Eyring theory and Scheibel correlation were off 
by factors of 10 and 2, respectively. 

3) The minimum mass-transfer coefficient, k, 
which could have been masked by experimental 
error was found conservatively to be about 0.0214 
cm per sec. 

4) The variation of the effective radius of diffu- 
sion for copper in lead is expressible by 


r= 6.64 


The radius apparently is that for the cupric ion. 
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The Dissolution of Sulfide Ores in Acid Chlorine 
Solutions; A Study of the More Common 
Sulfide Minerals 


The rates of reaction and the products of the reaction between acid chlorine water and the more 
common sulfide minerals have been determined. With the exception of galena, the kinetics are trans- 
port controlled. Pyrite, FeS:, pyrrhotite, FeS, and arsenopyrite, FeAsS, give rise to sulfate. With chal- 
cocite, Cu.S, and covellite, CuS, only sulphur is produced. Galena, PbS, and sphalerite, ZnS, form a 
layer of sulfur monochloride as the primary product. Bornite, and chalcopyrite behave very like chal- 
cocite and sphalerite, respectively. The reasons for the diverse behavior of the various ores is dis- 
cussed. Practical applications of a chlorine leaching technique would be feasible with some copper 
ores and might be useful for treating difficult middlings in complex flotation circuits. 


by K. J. Jackson and J. D. H. Strickland 


N previous papers’” details were given of the con- 
I struction and use of an apparatus to study the 
rate of chlorine consumption and the rate of sul- 
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fate and sulfur production when dilute aqueous 
chlorine solutions were allowed to react with pyrite 
and galena in acid solutions at or near room tem- 
perature. The reaction with pyrite was very rapid, 
and hence entirely transport-controlled in its ki- 
netics, and produced only ferric and sulfate ions. 
The behavior of galena was much more complex and 
was studied in some detail. Sulfur monochloride 
could be detected as a reaction product and both 


JUNE 1958—373 


Table I. 


Estimated Percentage Density, Transport 
Purity from Chemical Gm per Cc, Factor,@ 
Ore Analysis 25°C 

Galena 99 7.61 1.00 
Pyrite 97+ 4.98 0.70 
Sphalerite 98 3.99 0.82 
Chalcocite 96+ 5.62 1.17 
Covellite 90+ some chalcopyrite 4.80 1.03 
Chalcopyrite 99 4.16 1.26 
Bornite 98 4.98 0.96 
Pyrrhotite about 100 4.62 1.13 
Arsenopyrite 95» 0.69 


« Assumed unity with galena. Other values taken to make kr at 
25°C = 0.36 with stirring at 300 rpm. 

b> Impurity chiefly quartz, accounting for at least 10 to 20 pct of 
surface area. 


sulfur and sulfate were formed. The reaction was 
sufficiently slow for the over-all rate to be mixed 
chemical and transport-controlled. The kinetics of 
sulfur production had several unusual features but 
no final conclusion as to the mechanism of oxida- 
tion was possible before extending the investigation 
to a variety of other minerals. The present investi- 
gation was designed to this end and the behavior of 
seven additional sulfide ores has been studied in 
varying detail. As a result of the work on all nine 
minerals some general conclusions as to the reaction 
mechanisms and the practical feasibility of aqueous 
chlorine hydrometallurgy becomes possible. 


Experimental Procedure 

Full details of apparatus, technique and sample 
preparation have been given.’” Additional polaro- 
graphic methods were developed for copper and 
zine and consisted of simple modifications of stand- 
ard procedures. A list of the ores used, their esti- 
mated chemical purity and their densities will be 
found in Table I. 


Results and Calculations 

Kinetic data, consisting of values for chlorine, 
metal-ion and sulfate-ion concentrations at various 
times were obtained and plotted as described in the 
investigations with galena. A list of the experiments 
made and the experimental conditions are given in 
Table II. A full tabulation of all data obtained (some 
600 analyses) will not be attempted, as it would 
lengthen unduly this account, but typical curves 
are shown in Figs. 1 to 5 which illustrate the more 


MOLS. S per CM*x 10° 


i) 25 50 75 100 
TIME.(MINUTES) 


Fig. 1—Rate of sulfur production from chalcocite. Curve 1, 
25°C. Curve 2, 50.5°C. 
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Fig. 2—Rate of sulfur and sulfate production from covellite. 
Curve 1, 25°C. Curve 2, 49.1°C. Full line, sulfur; dotted 
line, sulfate. 


important trends. The results of all experiments 
are summarized in the discussion section, and Table 
III illustrates the type of data obtained by giving 
the experimental values used to construct Fig. 4. In 
general a study was made of the effect of varying 
acidity, temperature, and initial chlorine concen- 
tration. 

To facilitate comparisons all the data plotted for 
sulfate and sulfur are expressed in gram-mols per 
square centimeter of ore surface. In the majority 
of experiments there was no evidence that metal 
salts were occluded on the sulfide surface, as had 
been the case with galena where some lead sulfate 
was generally retained. 

Curves showing the consumption of chlorine with 
time will not be given as in nearly every instance 
the plot of log (chlorine concentration) against 
time was linear throughout the entire experiment 
and a first-order rate constant, k, could be cal- 
culated from the formula: 


lo =2.3-k-f-—-t 1 
[1] 


i 


where C, and C, are the initial concentration of 
chlorine and the concentration after time t, respec- 
tively, V is the volume of chlorine water in cubic 
centimeters, f is a factor, and A the “ideal” area of 
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Fig. 3—Rate of sulfur and sulfate production from bornite. 
Curve 1, 25°C; initial chlorine concentration 15.8 x 10-°M. 
Curve 2, 50.3°C; initial chlorine concentration 8.7 x 10-°M. 
Full line, sulfur; dotted line, sulfate. 
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Fig. 4—Rate of sulfur and sulfate production from pyrrhotite. 
Curve 1, 25°C, pH 1.0; initial chlorine concentration 12.9 
x 10°°M. Curve 2, 25°C, pH 0.41; initial chlorine concentra- 
tion 17.8 x 10°°M. Full line, sulfur; dotted line, sulfate. 


the ore in the apparatus in square centimeters. This 
“ideal” area was calculated assuming the particles 
to be cubes of side equal in length to the mean 
length of the mesh openings of the two sieves used 
to grade the sample. It was shown in a previous 
paper’ that such an area was probably very near to 
the true surface area when using galena, which 
fractured into well-shaped cubic fragments. The 
change of rate constants with temperature indicated 
that all the ores studied in the present investigation 
gave transport-controlled reactions with chlorine, 
thus resembling pyrite. This being so, the effective 
transport area of a sample could be correlated with 
its ideal area, A, by using a factor, f, such that the 
value of k at 25°C was always 0.36. This value of 
k=k,=0.36 was the transport-constant value 
found for galena at 25°C where f was assumed to be 
unity. The factor f takes into account the shape of 
the particles, their surface condition, the amount of 
surface impurities, and complex hydrodynamical 
effects concerning the diffusion layer. The decrease 
of surface area brought about by leaching during an 
experiment had little significance in view of the 
over-all precision.* 

Values for the transport factor, f, are given in 
Table I and the individual k,-values for the min- 
erals will be found in Table II, all values at 25°C 
being adjusted to 0.36 by selection of a suitable 
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Fig. 5—Rate of sulfur and sulfate production from sphaler- 
ite. Effect of initial chlorine concentration at pH 1. 25°C. 
Curve 1, 5.5 x 10°°M. Curve 2, 13.9 x 10°M. Curve 3, 31.6 
x 10°M. Full line, sulfur; dotted line, sulfate. 


value for f. The transport factor will be seen not to 
vary by more than about 30 pct from unity (except 
with arsenopyrite which had a considerable surface 
of silica impurities) and is probably largely a cor- 
rection factor for area. However, k, is a function not 
only of the diffusion coefficient of the aquated chlo- 
rine molecule but also of the Nernst diffusion layer 
thickness. This thickness value, 6, is known not to 
be a true constant’ and will vary not only with rate 
of stirring, held at 300 rpm in all this work, but 
with temperature and the shape of the ore particles. 
Any such changes in 6 from ore to ore, as compared 
with the 6-value for galena, will be reflected in the 
factor f. 

An Arrhenius plot of the rate constant data for 
all minerals studied (including the k,; values for 
galena) is shown in Fig. 6. The mean energy of ac- 
tivation of 4900 cal corresponds to the transport- 
reaction value found for galena and pyrite in our 
previous papers and the variation between about 
3500 and 5300 cal is not serious considering the type 
of experiment being made and the probable vari- 
ations in § with temperature. There is no question of 
any of the reactions studied being other than trans- 
port-controlled with respect to chlorine. 

In every experiment, analysis was made for 
chlorine consumed and the metal and sulfate ions 
released. By subtracting the concentration of sulfate 


Table II. All Solutions 0.5 M with Respect to Chloride. Cations H* and Na’. Stirring Rate 300 rpm 


Initial 


Area, Initial Temper- Concentration 
Ore Weight, G Mesh Size fxASq Cm Volume, Ces pH ature, °C of Cl.:-M x 108 kr 
i i 10-14 53 930 1.0 25.0 14.4 0.36 
ees 20 0 10-14 177 945 1.0 25.3 33.0 0.35 
6.0 10-14 53 930 1.0 50.5 12.8 : ee 
Covellite 6.33 10-14 58 918 1.0 25.0 
6.33 10-14 58 930 1.0 49.1 
6.20 - d 
i = 959 1.0 25.0 12.9 0.36 
896 0.41 25.0 17.8 0.385 
6.09 10-14 63.5 890 1.0 49.5 14.5 0.58 
14-20 106 935 10 25.0 33 0:36 
8.6 A 
25.0 13.9 0.365 
8.61 14-20 106 985 1.0 ° 
15.0 10-14 913 1.0 25. 
24.9 16.2 0.41 
8.61 10-14 75 904 0.41 
25.0 14.6 0.36 
8.61 10-14 75 914 2.80 
6.00 14-20 74 940 1.0 9. i ae 
148 10-14 97 919 0 248 38.4 0.30 
6.0 10-14 17.5 893 1.0 
A rite 8.46 10-14 48 970 1.0 
6.0 14-20 48 910 1.0 25.1 
5.31 14-20 43 935 1.0 49.8 5 
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Table II!. Example of Typical Data. Curve 1 in Fig. 4. An Experiment with Pyrrhotite 


6.084 gm ore 10-14 mesh; area = f x A = 63.1 sq cm; initial solution volume 959 mi 


Experimental Values 


Smooth Data for Plotting 


S 
S$O.?- Mol per 
Mol per Cm?x10° 
Time, Min Clo-Mx103 Fe?+-Mx108 $0.2-Mx103 Time, Min Clo-Mx10* Cm2x105 (Calculated) 
12.9 0.00 0.00 0 12.90 0.00 0.00 

4 10.9 0.87 0.25 2.5 12.2 0.32 0.52 

11 10.2 1.21 0.42 5 11.5 0.49 0.73 

19.5 8.6 1.61 0.79 10 10.1 0.79 0.94 

31.5 5.6 2.02 1.22 15 9.0 1.08 1.07 

45 2.8 2.47 1.64 20 8.0 1.32 1.17 

59.5 3.6 2.72 1.96 30 6.3 1.81 1.25 

97 2.64 4 

50 3.9 2.66 1.25 

60 3.00 1.22 

70 2.5 3.30 1.19 
ie from the chlorine consumption, making various as- 
sumptions as to the nature of the end products. This 
oe Fig. 6—Arthenius information coupled with the value of the sulfur/ 
plot.K total oxidized sulfide ratio, and visual observations 
ef X ores. Large circle has been used to assess the reaction products with 
adjusted values of each ore. The accuracy of the experimental work 
© ees ean i 0.36 at 25°C. Galena, and complications due to impurities in the ores, 

o-4 N cross; pyrite, open partial atmospheric oxidation and possible occlu- 

3 @ circle; sphalerite, sion of reaction products on the ore surface, make 
3 i i . . . . 
it impossible to derive exact values in all experi- 
= . . 
ments, but a general picture has been obtained with 
circle; chalcopyrite, tidied 

AQ open tangle: most o e ores studied. 

0-2 bornite, open square; 
arsenepyrites shaded General Kinetics and Products for Each Ore Studied 
square; coyellite, Chalcocite, Covellite and Bornite—These three 
shaded triangle; copper ores produce almost entirely elemental sul- 
pyrrhotite, cross in fur. The surfaces remain uncoated and the sulfur, 

. le sparingly soluble in carbon disulfide, flakes from 

36. the surface and collects as a white amorphous pow- 
x10 
il 


formed from the total concentration of metal ion 
in solution the amount of metal ion associated with 
sulfur in an insoluble form could be calculated. 
These data are plotted as “sulfur” in Figs. 1 to 5, 
and give a value for sulfur in the ore which does 
not oxidize to sulfate. The data are the same irre- 
spective of whether the sulfur produced is present 
as the element or any other insoluble form. The only 
other likely insoluble form is sulfur monochloride, 
but whether elemental sulfur or sulfur chloride 
predominates cannot be estimated from this calcu- 
lation alone. If sulfur or sulfur monochloride is the 
primary product of the reaction of chlorine with the 
ore, and no hydrolysis of any sulfur monochloride 
takes place, the ratio of sulfur produced to total 
sulfide oxidized will be unity. When this ratio is less 
than unity some sulfate must be being formed by a 
direct reaction of chlorine on the ore or by the hy- 
drolysis of sulfur monochloride. In the latter case, 
if monochloride is the primary product and it then 
hydrolyzes completely, the ratio will tend to 0.75: 
4S* — 12e = 4S* > 3S°+ S* 
disproportionation 

If hydrolysis is not complete the ratio of sulfur to 
total oxidized sulfide will be over 0.75 pct. The 
direct oxidation of sulfur monochloride by chlorine, 
on the other hand, will lower the ratio. The pres- 
ence of monochloride on some ores was observed, 
visually, as a plastic butter-like mass of sulfur 
monochloride saturated with sulfur. 

The only other calculation possible is to compare 
the amount of sulfate found with that calculated 
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der. Chalcocite, Cu.S, gives a 100 pct yield of sulfur, 
Fig. 1, and the small amount of sulfate production 
found with covellite, CuS, Fig. 2, can be attributed 
mainly to the chalcopyrite and pyrite present in the 
ore sample. Neither temperature nor the initial con- 
centration of chlorine has any significant effect on 
the products with these two ores. 

The reaction of bornite, Cu,FeS,, Fig. 3, which is 
predominantly a copper-sulfide ore, is basically 
similar to that found with the two simple sulfides. 
Some sulfate may be formed directly but much of 
the sulfate going into solution probably arises from 
material already in a partially oxidized state at the 
ore surface. 

The kinetics of sulfur formation is essentially 
governed by the transport-controlled consumption 
of chlorine and is thus of the form 


A 
[2] 


where N, is the mols of S formed per square centi- 
meter of ore surface and K is a constant depending 
upon the formula of the ores. 


Pyrrhotite (Pyrite)—Both pyrrhotite (and pyrite 


KV ( 


- studied previously) appear to be predominantly sul- 


fate producers. With pyrite the yield of sulfate ap- 
proaches 100 pct. The small amount of elemental 
sulfur produced when pyrrhotite reacts may arise 
largely from sulfur present at or near the surface 
of the ore due to preliminary atmospheric oxidation 
of the ore sample which is, in any case, initially 
somewhat iron deficient from the stoichiometric 
formula FeS. The effect of acidity is shown in Fig. 4. 
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The sulfur formed rapidly reaches a constant value, 
and thereafter decreases as a result of slow second- 
ary oxidation, whereas the sulfate continually in- 
creases. The sulfur production remains the same 
when the temperature is raised whereas the rate 
of sulfate production increases. At high acidity a 
further increase of the sulfate-to-sulfur ratio is ob- 
served and the sulfate produced comprises well 
over 90 pct of the total sulfide sulfur that has been 
Oxidized. 

Sphalerite—This ore also reacts rapidly with 
chlorine giving a first-order, transport-controlled 
reaction but the ore surface rapidly becomes coated 
with a butter-like layer of sulfur-sulfur mono- 
chloride mixture. The reaction with aqueous chlo- 
rine must be at the surface of this coating as no ab- 
normal slowing of the reaction is observed even to- 
wards the end of an experiment. Numerous experi- 
ments were made with this ore. The effect of vary- 
ing initial chlorine concentration is shown in Fig. 5. 

All evidence points to the primary reaction being 
similar to that of galena at higher temperatures;’ 
namely, the formation of sulfur monochloride. This 
substance is mainly hydrolyzed, although some is 
oxidized directly by chlorine to give sulfate. The 
sulfur formed on hydrolysis dissolves in the excess 

“monochloride but the coating remains liquid, al- 
though very viscous, even when consisting mainly 
of elemental sulfur. In this respect sphalerite is un- 
like galena where the coating solidified into hemi- 
spheres of sulfur-lead sulfate mixture before the 
completion of most experiments. The coating on the 
sphalerite particles wetted the surface and did not 
contract into blobs as was the case with lead sulfide. 

Sphalerite differs from galena in several other 
important respects. Temperature changes had no 
marked effect on the sulfur-sulfate ratio and mono- 
chloride is probably the primary product at both 
7 and 50°C. There is evidence that hydrolysis and 
direct attack of the monochloride layer is at a mini- 
mum at low temperature and progressively in- 
creases as the temperature is raised. At pH 2.8 the 
monochloride layer was very much hydrolyzed and 
began to solidify towards the end of the run. On the 
other hand, at a high acidity the sulfur monochlo- 
ride hydrolysis was markedly inhibited and direct 
attack by chlorine was appreciable. Finally, the 
formation of sulfur was not zero order with respect 
to chlorine, as was the case with galena under cer- 
tain conditions. However, an increase in initial chlo- 
rine concentration did not increase the sulfur 
formed in a given time in a directly proportional 
manner, and the ratio of sulfur to sulfate decreased. 
There is evidence that the direct attack of the 
monochloride layer by chlorine increased markedly 
as the chlorine concentration increased. 

At 25°C, with less than about 15 x 10°M chlorine, 
the formation of sulfur from sphalerite obeyed a 
parabolic law of the form 

N; = constant x t” 


normally encountered with film diffusion kinetics, 
Fig. 7. With both high chlorine concentration and 
high temperature the sulfur curves were nearer to 
those to be expected were the formation governed 
by the transport-controlled consumption of chlo- 
rine (cf. the copper ores). The ore surface was not 
completely covered by a film in these experiments. 
In the experiment at high pH the sulfur curve 
obeyed the “self-stifling” type of equation found to 
represent the sulfur formation on galena under most 
conditions. 
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Chalcopyrite and Arsenopyrite—The behavior of 
these ores does not correspond exactly to any of the 
three categories described in the foregoing although 
the consumption of chlorine is transport-controlled. 
The polarographic analysis for copper in the pres- 
ence of an equal quantity of iron, used with the 
chalcopyrite experiments, was not too satisfactory 
and we suspect that, making allowances for possible 
errors from this source, the behavior of chalcopyrite 
is quite similar to that of sphalerite with rather less 
hydrolysis of the monochloride coating and a greater 
direct attack by chlorine on the ore surface to pro- 
duce sulfate. 

The behavior during the first 5 to 10 min of the 
reaction of chlorine with arsenopyrite was anoma- 
lous in all experiments, there being little loss of 
chlorine but considerable dissolution of the ore. This 
indicated the presence of a considerable layer of 
partially oxidized material on the ore surface. The 
purity of the ore used was inferior to the other 
minerals used in this investigation. The ore is pre- 
dominantly a sulfate producer like pyrrhotite and 
pyrite but we suspect that some sulfur is formed 
directly, as with the copper ores, and some of the 
reaction products may be occluded on the ore sur- 
face. The effect of temperature is not marked but, 
like galena, the sulfate-sulfur ratio increased as the 
temperature decreased. 


Discussion 


Nature of the Primary Reactions—Neglecting cer- 
tain obvious side reactions and the effect of impuri- 
ties, there appear to be three primary reactions 
possible with the sulfide minerals under study. 

With the two copper sulfides Cu.S and CuS the 
primary reaction produces elemental sulfur. This 
cannot arise from the hydrolysis of a sulfur chloride 
as no sulfate is formed and it is to be inferred that 
no free sulfur chloride can be produced at any stage 
in the reaction. 

The two iron minerals FeS and FeS, give only 
sulfate. This ion cannot arise from the hydrolysis of 
sulfur chlorides as no sulfur is formed and, if sul- 
fur chlorides are produced, they must be oxidized 
rapidly to sulfate without any accumulation being 


Finally the mineral sphalerite, ZnS, galena under 
most conditions, and the complex mineral chalco- 
pyrite (which has a sphalerite structure in which 
Cu* and Fe replace the zinc) behave as if sulfur 
monochloride were a primary product. This is sup- 
ported by the appearance of the ores and the ratio 
of sulfur to sulfate, which is near that to be ex- 
pected if the sulfur were formed largely as a hy- 
drolysis product of the monochloride. 

The reason for this complex behavior is obscure 
and cannot be related simply to the lattice arrange- 
ments or spacings in these sulfides. The dissociation 
energies either to gaseous or hydrated ions can be 
correlated roughly with the solubilities of the min- 
erals in acid‘ but, if grouped under this criterion, 
pyrite and chalcopyrite should behave like the cop- 
per sulfides, which is not the case. Thermodynam- 
ically, sulfate is the stable end product of all possi- 
ble reactions‘ and one concludes that the preferred 
reaction steps leading to the three main kinetic end 
products must depend to a large extent upon the 
chemical nature of the cations produced in addition 
to any effects from the structures and bond energies 
of the sulfides themselves. 

Thus the presence of iron, as a hydrated and 


JUNE 1958—377 


possible. 


chloride complexed ferric ion, is the only factor 
common to the surface of pyrrhotite, pyrite, and 
arsenopyrite during the reaction with chlorine. As 
ferric chloride is one of the few metal chlorides re- 
ported to give compounds with sulfur chlorides’ it 
may be possible that any sulfur-chlorine species 
formed on the surface of these minerals can be 
complexed with adjacent ferric-chlorine species and 
thus removed from surface forces at the ore-solu- 
tion interface and rapidly hydrolyzed and oxidized 
to sulfate. The behavior of pyrite does not appear to 
be unique, as was assumed in our first paper.’ 

Kinetic Mechanisms—lIn all experiments the con- 
sumption of chlorine by sulfide ores has been found 
to be first order and, with the exception of galena, 
the rate is transport-controlled. 

The kinetics of the formation of reaction products 
are generally straightforward and of the mathe- 
matical form to be expected from an exponential 
decrease of oxidant. Only when an adherent layer 
of products covers the ore surface do matters be- 
come more complex. Except for chalcopyrite, where 
only a few experiments of relatively poor preci- 
sion have been made, the examples of this type of 
reaction are restricted to sphalerite and galena. 
These two ores will be discussed together. 

The coating with sphalerite is liquid, spread uni- 
formly over the ore surface and can be seen to grow 
in thickness during the course of an experiment. 
The chlorine kinetics show that throughout each 
experiment chlorine is depleted rapidly at the 
surface of the coating. Therefore it must partition 
into the coating and be transferred to the ore sur- 
face at least as rapidly as it is transported across 
the Nernst layer from the bulk of the solution to 
the solution-coating interface. Similarly the zinc 
ions liberated by oxidation of the ore must be trans- 
ported away from the surface to the coating-solu- 
tion interface relatively rapidly. The kinetics of 
sulfur formation (hence of the growth of the coat- 
ing) are approximately parabolic in some of the 
sphalerite experiments, Fig. 7, although the rate of 
growth depends somewhat upon the initial level 
of chlorine concentration used in the aqueous phase. 

By contrast the coating found in the galena ex- 
periments, described in detail in a previous paper,” 
can be seen by microscopic examination to build 
up rapidly during the first few minutes of an ex- 
periment and then stay approximately constant in 
thickness over most of the surface. Additional sulfur 


MOLS. S per 


0) 2 4 6 8 10 12 
t* (mins) 

Fig. 7—Parabolic plots of sulfur formation on sphalerite at 


pH 1. 25°C. Line 1, 5.5 x 10°M initial chlorine. Line 2, 
13.9 x 10°°M initial chlorine. 
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chloride, as it is formed, piles up into small hemi- 
spherical blobs which increase in size and finally 
solidify as sulfur is deposited. Kinetic studies have 
shown that the chlorine, which must again have 
partitioned into the coating and been transferred to 
the ore surface, is transported through the coating 
more slowly than it moves across the Nernst layer 
from the bulk of the solution up to the solution- 
monochloride interface. Hence an appreciable con- 
centration of chlorine collects at this interface and 
results in the over-all kinetics of chlorine consump- 
tion having the characteristics of partial chemical 
control. The kinetics of sulfur formation are those to 
be expected from a constant rate of formation sub- 
sequently decreased by the “self-stifling” action of 
the products formed. The activation energy govern- 
ing this rate is high and has the same value as the 
activation energy governing the slow step in the 
chlorine consumption. 

The underlying causes of the behavior described 
in the foregoing can only be deduced in outline. The 
outstanding problem in accounting for the kinetic 
behavior of both these ores is the mechanism by 
which the metal ions are transported through the 
sulfur-sulfur monochloride layer into the aqueous 
phase. The solubility of zinc or lead chlorides in 
pure sulfur monochloride is low, although the pres- 
ence of chlorine, sulfur, hydrochloric acid and per- 
haps water in the layer on the ore surface may 
affect its solvent properties greatly. The thickness 
of the Nernst layer surrounding the ore particles is 
not known but is probably of the order of 10° cm at 
300-rpm stirring rate. The thickness of the mono- 
chloride layer on the ore surface is undoubtedly less 
than this for most of the reaction with sphalerite so 
that the observed rapid transport in this layer can 
be accounted for without assuming unreasonably 
large diffusion coefficients for chlorine or metal 
salts in the monochloride. 

Practical Applications—Assuming that sulfide 
ores, slurried in brine, are oxidized by chlorine lib- 
erated anodically at about the same efficiency as 
that obtained in commercial chlorine cells, then a 
pound molecule of divalent metal sulfide would re- 
quire about $0.50 of power for its oxidation to sul- 
fur or some $2.00 if the oxidation went to sulfate. 

Practical difficulties can be foreseen with ores 
where monochloride deposits are formed on the sur- 
face, as for example sphalerite, and for economical 
reasons the process would appear to be at its best 
for copper ores, especially chalcocite, bornite, and 
covellite where the reaction stops largely at the sul- 
fur stage. Chalcopyrite presents the complication of 
giving some sulfate and a monochloride layer as 
well as necessitating the oxidation of an equivalent 
amount of ferrous iron to ferric iron during the 
liberation of the copper. Cementation of copper 
from the anolyte or precipitation of hydrated cop- 
per oxide by sodium hydroxide could be used to re- 
cover this metal. 

Probably the most useful application of the tech- 
nique, however, would be for the small-scale treat- 
ment of the more valuable minerals such as pent- 
landite (which qualitatively seems to behave like 
FeS), and for the local working up of difficult ‘“‘mid- 
dlings” which have adverse effects on the economy 
of a particular flotation process. In all instances, the 
presence of much pyrite, pyrrhotite or arsenpyrite 
would have to be guarded against as these ores give 
useless oxidation products and are wasteful of much 
power. 
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The Preparation and Properties of Europium 


A quantity of 70.4 g of europium metal of high puri i i 
purity was prepared by heating Eu,0, with lan- 
thanum metal in vacuo at 1200°C. The following properties were determined: ; ; 


Melting point 


826: 


Boiling point (calculated) 


1489°C 


Lattice constant at 298°K (bcc lattice) 


4.5820 + 0.0004A 


Density at 298°K (calc), g per cu cm 


Heat of sublimation at 298°K, cal 


42,066 + 75 


Compressibility at 300°K, sq cm per kg 


6.99 x 10° 


Electrical resistivity at 298°K, ohm-cm 


Temperature coefficient of electrical resistance at 298°K 
Coefficient of thermal linear expansion 293 to 1053°K 


Change of volume on melting, pct 


Loe (2C) 


The vapor pressure was determined as a function of temperature. The resulting data were fitted to a 


straight line, yielding the expression 


lo 
T 


— 8982 + 16 


+ 8.160 + 0.027 


Europium reacts rapidly in moist air, following a linear law, Eu(OH).-H.O resulting. 


by F. H. Spedding, J. J. Hanak, and A. H. Daane 


N the study of the rare earths at the authors’ 

laboratory, methods have been devised for pre- 
paring pure rare earths and many of their prop- 
erties*” have been determined. Very little informa- 
tion is found in the literature on the properties of 
europium metal, which is the scarcest of the natu- 
rally occurring rare earths. Since we have recently 
prepared europium in appreciable quantities, we are 
in a position to describe the method of preparation 
and some of the properties of this metal. 

Metallic europium was first prepared by Klemm 
and Bommer* who heated a mixture of potassium 
and EuCl, in vacuo, and obtained a mixture of euro- 
pium metal and KCl. Trombe* electrolyzed a molten 
salt bath containing NaCl, KCl and EuCl, and col- 
lected the europium in a molten cadmium electrode 
as a cadmium alloy. The cadmium was subsequently 
removed by distillation but the properties of the 
residue indicate that pure europium was not ob- 
tained. McCoy® attempted to prepare europium by 
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distilling mercury from europium amalgam, but the 
stability of the Eu-Hg intermetallic compounds pre- 
vented a complete separation of the two elements. 
The preparation of very pure europium was sug- 
gested by previous work in this laboratory*® in 
which ytterbium and samarium were prepared by 
heating the respective sesquioxides with lanthanum 
metal turnings to 1450°C in vacuo and distilling 
ytterbium and samarium from the mixtures. Subse- 
quently, small test experiments showed that euro- 
pium also could be prepared by this method. A more 
detailed version of this method was used in the 
work described in this paper. 

Klemm and Bommer*® found by X-ray analysis 
that the metal had a body-centered cubic (bcc) 
structure with a lattice constant a, = 4.582 + 0.002A 
(converted from kX units), with a bulk density of 
5.30 g per cucm. They found europium to be weakly 
ferromagnetic. Spedding, et al, found a, to be 4.606 
+ 0.001A. Barrett® showed that the bec structure 
persists throughout the temperature range 5 to 
300°K with a at 5, 78, and 300°K being 4.551 + 
0.003, 4.551+ 0.004 and 4.577 + 0.001A, respectively. 
Trombe‘ described europium as being iron gray, 
malleable, about as hard as neodymium and not at- 
tacked by cold water. He estimated the melting 
point to be between 1100 and 1200°C. Previous 
work in this laboratory indicated that the pure 
metal corrodes rapidly in air and reacts with cold 
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water about as fast as does calcium. Warf and 
Korst"” found that europium and ytterbium form 
saline hydrides and deuterides which are isostruc- 
tural with the alkaline-earth hydrides. They also 
found that these two elements are soluble in liquid 
ammonia, yielding characteristic blue solutions. 


Experimental 


Preparation of Europium Metal—Because of the 
reactive nature of europium, it was desirable to con- 
struct an apparatus in which the metal could be pre- 
pared and some of its physical properties could be 
determined without exposing the metal to air. A 
diagram of this apparatus is shown in Fig. 1. The 
heart of the apparatus is the reduction chamber (c) 
consisting of two concentric tantalum cylinders 
welded together. The reduction charge (d) was con- 
tained in the annular cavity as indicated. The euro- 
pium metal was collected in the tantalum crucible 
(f) which contained a thermocouple (i) for thermal 
analysis. A resistance furnace (g) around this cruci- 
ble controlled the temperature during the thermal 
analyses. These parts were contained in a silica tube 
(b) which was cooled by means of a water jacket 
not shown. 

The reduction was carried out as follows: A com- 
pressed mixture of 86.5 g of Eu,O,; and 73 g of lan- 
thanum turnings was placed in the reduction cham- 
ber and heated gradually to 1000°C, with the pres- 
sure being maintained below 1 xX 10* mm Hg. As 
the temperature increased to 1100°C, signs of dis- 
tillation were noticed, and at 1200°C droplets of the 
metal were observed refluxing down the sides of the 
vessel, appearing as darker streams on the red-hot 
walls of the vessel. The metal vapor condensed in 
the lower part of the inner cylinder and at intervals 
this metal was melted down into the crucible by ad- 
justing the height of the induction coil. The yield in 
this reducton was 70.4 g, representing 95 pct con- 
version. The progress of the reduction was followed 
by taking cobalt-60 radiograms of the apparatus. 
These radiograms clearly showed the position and 
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Fig. 1—Apparatus 
16" jae for preparation 
of europium. 
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amount of the product metal. The total time for the 
outgassing and the reduction was 8 hr. 

Melting Point—The melting point of europium 
was determined by observing the freezing arrests 
in thermal-analysis curves obtained using the fur- 
nace just described, with an argon atmosphere in 
the furnace to prevent excessive distillation of the 
europium. The chromel-alumel thermocouples used 
in these measurements were prepared from spools of 
calibrated wire. As a result of several measurements 
in which different heating and cooling rates were 
used, the melting point of europium was found to be 
826 + 10°C. This rather large uncertainty of 10°C 
in the melting point is due both to the relatively 
small size of the metal sample, and also the furnace 
design which did not permit optimum conditions for 
the thermal analyses. 

Coefficient of Thermal Linear Expansion—The co- 
balt-60 radiograms taken at various temperatures 
served as a means of determining a rough average 
value of the coefficient of thermal expansion. The 
radiograms taken at 20 and 780°C made it possible 
to calculate the volume of the metal at each tem- 
perature from the diameter of height of the image 
of the metal. The coefficient of thermal expansion a 
was calculated from the equation 


Woes =F 3at) [1] 


where V is the calculated volume at the indicated 
temperature and t is the temperature difference. 
The value of a was found to be (26+4) x 10° 

Change of Volume on Fusion—Using the forego- 
ing value of a, it was possible to calculate a rough 
value of the volume of the solid metal at its melt- 
ing point. Then by using the volume of the molten 
metal at 855°C and estimating a value of the co- 
efficient of thermal expansion of the liquid metal 
(a very small value), the volume of the liquid metal 
at its melting point was calculated. The change of 
volume on fusion was found to be + 4.8 + 0.8 pct. 

Electrical Resistivity—The electrical resistivity of 
europium was measured in a vacuum over the tem- 
perature range 28 to 208°C. The apparatus built and 
described by Spedding, et al,” was used in this work. 
The sample was obtained by extruding a wire of 
europium metal at room temperature. The average 
diameter of the sample was 0.3197 cm and the dis- 
tance between the electrical probes was 7.28 cm. Be- 
fore each measurement the sample was equilibrated 
at a given temperature to obtain reproducible re- 
sults. At higher temperatures there was found a 
residual emf in the sample which persisted after the 
current was turned off even though the temperature 
difference between the probes was negligible. The 
measured emf across the sample was corrected for 
this residual emf. The data for the resistivity of 
europium are plotted in Fig. 2.* Attempts to meas- 


* The supporting data for Figs. 2, 3, and 4 may be obtained by 
ordering Document #5505 from the American Documentation 
Institute, Auxiliary Publication Project, Photoduplication Service, 
Library of Congress, Washington 6, D. C., remitting $1.25 for micro- 
film or $1.25 for photocopies by check or money order payable to 
Chief of Photoduplication Service, Library of Congress. 


ure the resistivity at higher temperatures in an 
argon atmosphere were not successful owing to the 
prohibitive rate of sublimation of the sample. 

For comparison, the electrical resistivity of ytter- 
bium metal was measured and was found to be 27.0 
x 10° ohm-cm at room temperature. 

Vapor Pressure—The modified Knudsen effusion 
method described by Daane” was used in the deter- 
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Fig. 2—Electrical resistivity of europium. 


mination of the vapor pressure of the metal. In this 
method, weight loss from the effusion vessel is 
measured by means of a quartz-fiber balance which 
is placed inside the vacuum system. Since euro- 
pium is quite volatile at fairly low temperatures, it 
was possible to use a resistance furnace outside the 
vacuum system; this furnace was equipped with a 
precision temperature control circuit’ which main- 
tained the temperature to within 0.5°C over a 12-hr 
period. The vapor pressure was calculated from the 
equation 
17.14 W ( 
At M [2] 
where W is the loss of weight, in grams, of the metal 
from the effusion vessel in t seconds, A is the area 
of the orifice in the effusion vessel, T is the absolute 
temperature and M is the atomic weight of euro- 
pium. P, the vapor pressure, is given in units of mm 
Hg. The area of the orifice was 0.02172 + 0.00011 
sq cm as determined by photographic comparison 
with a standard block gage. The thickness at the 
orifice was 0.00625 cm. The values of log P versus 
1/T are plotted in Fig. 3. 

The data were fitted to a straight line by the 
least-squares method. The following equation was 
obtained 

— 8982 + 16 


log P = + 8.160+0.027 [3] 


The heat of sublimation calculated at 798°K from 
the slope of the line is 41,101 + 75 cal. This value 
at 298°K is 42,066 cal if one uses the estimated heat- 
capacity data of Stull and Sinke.* Since the experi- 
mental heat of vaporization was not available, it 
was not possible to calculate the normal boiling 
point directly. If one takes the estimated value of 
the heat of fusion“ as 2500 cal, the heat of vaporiza- 


tion becomes 38,601 cal, from which the extrapo-., 


lated boiling point is 1,762°K. 

The deviation indicated for the slope in Equation 
[3] is the probable error (i.e., 0.675 of the standard 
deviation). The deviation in the intercept is the sum 
of the probable error and the known systematic 
errors. 

All vapor-pressure data contain the correction 
due to the ratio of the orifice height and its radius. 
This ratio was 0.0756, from which the Clausing 
factor becomes 0.946. In addition, there was a cor- 
rection of 0.5 pct owing to lack of saturation of the 
gaseous phase in the cell; this was calculated from 
the evaporation area of the specimen and the orifice 
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Fig. 3—Vapor pressure of europium. 


area. Hence all values of the vapor pressures were 
corrected by the factor 1/(0.964 x 0.995). 

X-Ray Measurements—The lattice constant was 
measured by means of a focusing back-reflection 
camera 120 mm diam. The sample was prepared by 
vacuum distilling 0.5 g of europium onto a 20-mil 
curved tantalum plate. The Bradley and Jay ex- 
trapolation” of the 521 and 530 doublets was used to 
obtain the lattice constant. The value of the con- 
stant obtained at 25°C was 4.5820 + 0.0004A. 

The density, atomic radius and the atomic volume 
calculated from this lattice constant are 5.245 g per 
cu cm, 1.9841 + 0.0002A and 28.982 cu cm per mole, 
respectively. 


Compression Measurements*—The compression 


* The authors are indebted to Dr. C. A. Swenson and to Mr. R. 
Herman for their kind assistance in obtaining these data. 


measurements on europium were made at 300 and 
77°K, with applied pressures reaching 12,410 kg 
per sq cm. The data are plotted in Fig. 4. The com- 
pressibilities were calculated from the slopes of the 
compression curves at zero pressure, and their val- 
ues were found to be 6.99 x 10° and 5.36 x 10° sq 
cm per kg at 300 and 77°K, respectively. The aver- 
age coefficient of thermal linear expansion was de- 
termined at the same time for this temperature 
range and was found to be 25 x 10° deg”. This 
value was obtained at the ‘‘zero” pressure of the 
apparatus, which is 155 kg per sq cm. 

Corrosion Properties—Europium metal is attacked 
rapidly by moist air at room temperature and yields 
a yellow compound, which upon long standing be- 
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Fig. 4—Atomic volume of europium as a function of pres- 
sure according to C. A. Swenson and R. Herman. 
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Fig. 5—Corrosion of europium. 


comes white. Apparently water is necessary for this 
process since a quantity of the metal left in a drying 
oven overnight at 110°C acquired only a dark coat- 
ing. The metal reacts violently with cold water, 
evolves hydrogen and forms a yellow compound 
which is fairly soluble in water and which turns 
white upon standing, with the evolution of gas. 
After such a reaction the solution had a pH of 
about 10. 

To study this yellow compound two samples of 
shredded metal (particle size about 10 mg) weigh- 
ing 96.8 and 104.6 mg, respectively, were placed in 
air free of carbon dioxide, and saturated with water 
vapor at room temperature. The crucibles contain- 
ing the metal were weighed at intervals; the gain 
in weight versus time is plotted in Fig. 5. The first 
steep slope in each case corresponds to the conver- 
sion of the metal to the yellow compound. This re- 
action between the metal and the gas obeys the 
linear law 

W=kt+C [4] 


given by Gulbransen,” where W is the weight of re- 
acted metal, t is the time and k and C are con- 
stants. The second slope corresponds to subsequent 
formation of the white compound. By extrapolating 
the top line to zero time in each case, it was possible 
to find the gain in weight necessary for the forma- 
tion of the yellow compound. For samples I and II 
these gains were 34.2 and 35.7 mg, respectively, Fig. 
5. The yellow color of the compound and the fact 
that it reacted with nitric acid, evolving gas, indi- 
cated the presence of the Eu” ion. Assuming that the 
compound contained only Eu, O and H, as supported 
by the observations just described, the most likely 
empirical formulas were Eu(OH).:-H.O or EuO- 
2H,.O. The infrared spectra obtained by the KBr- 
pellet method indicated the presence of hydroxyl 
bonds. Hence it was concluded that the empirical 
formula of the compound is Eu(OH),-H.O. 

The density of this compound was found to be 
3.9+0.2 g per cu cm. From this value the molar 
volume was found to be 53 + 3 cu cm per mole. 

General Characteristics of Europium—The metal 
is almost as soft as lead. A pressure of 18,000 psi 
was required to extrude it into a wire 1% in. diam 
at room temperature. The metal has a normal, gray, 
metallic appearance but soon acquires a yellow 
cast. It can be cut with a knife or a razor blade. At- 
tempts to draw a wire through a die failed, indi- 
cating low tensile strength. 

Purity—The original oxide from which the metal 
was prepared contained between 0.1 and 1 pct of 
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Sm.O,, as indicated by the spectrographic analysis. 
The analysis performed on the product metal indi- 
cated only faint traces of Sm, Yb, Ca and Fe. La and 
Ta were not detected. 


A sample of the metal weighing 0.1431 g upon » 


ignition yielded 0.1659 g of the sesquioxide com- 
pared to the theoretical amount of 0.1657 g. 


Discussion 


Previous work done on europium and ytterbium 
indicates that these two elements are more closely 
related to the alkaline-earth metals than they are to 
the other lanthanons. This similarity is attributed to 
the fact that europium and ytterbium possess diva- 
lent states by virtue of the stability of their half- 
filled and filled 4f shells, respectively, and is ap- 
parent when one examines such properties as the 
atomic volume, crystal structure, volatility, valency 
in compounds and solubility in liquid ammonia. The 
results obtained in this work furnish further evi- 
dence for this relationship. The melting points of 
europium and ytterbium are in the range of the 
melting points of the alkaline-earth metals. Ytter- 
bium is about as volatile as europium and calcium. 
Reference to Table I shows that the heats of sub- 
limation of europium and ytterbium are the lowest 
of those of the lanthanons, but are comparable in 
magnitude to those of the alkaline earths. The coeffi- 
cients of expansion of calcium, europium and ytter- 
bium are comparable. Further similarity between 
these two rare earth metals and the alkaline earth 
metals is seen in the compressibiltiy. 

In reactivity, europium behaves like an alkaline- 
earth metal. Barium in water vapor was found to 
form a compound of the same stoichiometry as 
Eu(OH).-H.O in a reaction which, as in the case of 
europium, follows linear kinetics.” Ytterbium, on 
the other hand, is quite stable in air and reacts 


Table I. Tabulation of Some Properties of the Lanthanons 
and the Alkaline Earths 


Temper- 
ature Co- 
Coeffi- Heat Compressi- efficient of 
cient® of of Sub- bility¢ Resistivity¢ Electrical 
Expansion  limation Sq Cm (at 0°C) Resistance 
Ele- (at 400°C), (at 298°K), per Kg x10, (at 0°C) 
ment x106 K-Cal x106 Ohm-Cm x108(°C)-1 
La 8 87.62 4.06 62.4 2.18 
Ce 7 3.87 76.7 0.87 
Pr 6 85.30 3.67 
Nd 8 76.7% 3.19 71.8 1.64 
Sm 49.94 3.71 88.0 1.48 
Eu 26¢ 42.1¢ 6.99¢ 81.3¢7 4.80¢+ 
Gd 8 Tidatt 2.58 140.5 1.76 
134.5 0.91 
Tb 10 
Dy 12 71.44 2.74 56.0 1.19 
Ho 2.66 87.0 
Er 72.61 2.63 107.0 2.01 
Tm 57.54 2.72 79.0 1.95 
Yb 31 40.04 8.00 27.0¢+ 1.30 
Lu 70.6f 2.32 79.0 2.40 
95.4f* 
Ca 229 37.9% 5.697 3.8) 
Sr 35.4% 8.187 239 
Ba 37.9% 10.19 60% 


« See reference (19). 

» See reference (1). 

¢ See reference (20). 

4 See reference (21). 

e This paper. 

f Preliminary data from D. E. Hudson and co-workers of this lab- 
oratory, values not reduced to 298°K. 

9 See reference (22). 

nh See reference (14). 

+ See reference (23). 

j See reference (18). 

k See reference (24). 

* Above 1300°K. 

252°C: 
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only slowly with water. Both europium and ytter- 
bium are very soft and malleable and in this respect 
they also bear a closer resemblance to the alkaline 
earths than to the lanthanons. The resistivities of 
europium and ytterbium differ sharply. The re- 
sistivity of ytterbium is the smallest of the lanthan- 
ons, and is of the same order as that of strontium 
with which ytterbium is isostructural. Europium 
bears some resemblance in this property to the iso- 
structural barium. The temperature coefficients of 
electrical resistance also differ for europium and 
ytterbium. The value of this coefficient for europium 
is much higher than those of the rest of the lan- 
thanons. Resistivity measurements performed on 
99.96 pct pure calcium show a transition from fcc to 
bee at 464°C.* The slopes of the resistivity curves 
of the two crystalline forms differ appreciably at 
this temperature. The temperature coefficients of 
electrical resistance calculated from these slopes at 
464°C are 0.00164 for the fcc form and 0.00315 for 
the bee form. A comparison of the values of the 
temperature coefficients of electrical resistance 
shows marked similarity between fcc calcium and 
fee ytterbium and also between the bec calcium and 
bee europium. For the comparisons of these prop- 
erties of the lanthanons; see Table I. 

In preparation of the pure metal it was found that 
the starting materials need not be extremely pure. 
The common contaminant of europium, namely sa- 
marium, was eliminated almost completely in this 
process because samarium is considerably less vola- 
tile than europium and also because Sm,O; requires 
a somewhat higher temperature to achieve reduc- 
tion. Very pure lanthanum metal was used as the 
reductant in this work, but our experience in the 
preparation of samarium and ytterbium has shown 
that vacuum-cast commercial misch-metal can be 
used successfully as a substitute for the more ex- 
pensive lanthanum, and should serve equally well 
for the preparation of europium. One should beware 


of the presence of calcium in either of the reactants, 
as it will follow the europium and appear as an im- 
purity in the product metal. 
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The Elevated-Temperature Characteristics of 
Internally Oxidized Titanium-Cerium Alloys 


Solid-solution titanium-cerium alloys, cold-rolled to 0.010 in. thickness, and an- 
nealed, were internally oxidized to produce a fine dispersion of CeO: in the titanium 
matrix. The oxidized alloys were cut into sheet stress-rupture specimens and tested for 
rupture life at 426°C, 538°C, and 648°C. There was noted an improvement in strength 
over that of pure titanium, the internally-oxidized alloys showing curves with a much 
flatter slope on the log stress—log rupture life plot, characteristic of the stable metal- 


metal oxide class of alloy. 


by Jr and Nv =Grant 


URING the past 3 to 4-year period, consider- 
D able interest has been aroused by the potential 
offered by alloys based on the ultra fine dispersion 
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of a hard insoluble phase in pure metals or solid- 
solution alloys for use at high temperatures. The 
impetus to the development and study of such alloys 
was provided by Irmann’’ through the success of 
the SAP alloy (pure aluminum containing about 12- 
14 volume pct of Al,O,). Subsequent studies have 
thrown light on the true potential of this class of 
alloys in the remarkable stability of the structure 
after long-time exposure at high stresses and high 
temperatures.”” 

While success has been demonstrated in the spe- 
cial case of the Al-Al,O, alloys, and more recently 
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with alloys prepared by mechanical mixing of fine 
oxides with pure metal powders,’ the potential of- 
fered with solid-solution systems in which the sol- 
ute can be oxidized through internal oxidation*® has 
only been partially demonstrated in so far as actual 
alloys are concerned. 

Systems capable of undergoing beneficial internal 
oxidation for high-temperature strengthening must 
meet the following requirements: 1) the alloy 
should be a solid solution initially; 2) the solute 
element must have a significantly higher free energy 
of formation of the oxide than the solvent, in fact, 
the solvent should have a measurable oxygen solu- 
bility at some high temperature; 3) the oxide of the 
solute element must be essentially insoluble in the 
solvent at fabrication and application temperatures. 

Titanium, which has a high affinity and solubility 
for oxygen (about 15 pct by weight), appears well 
suited as the base metal for an internally oxidizable 
system, provided that a solute element can be found 
which will oxidize to a stable refractory oxide. The 
work of Taylor,’ on titanium-rare-earth alloys, has 
shown that additions of Misch metal to titanium 
melts resulted in alloys of lower hardness than those 
without rare-earth additions. It is Taylor’s belief 
that there is deoxidation of the titanium by the 
rare-earth elements, with lanthanum providing the 
greater part of the deoxidation. Recent work by 
Chapin and Liss* on deoxidizing agents for titanium 
reported that only gadolinium and thorium deoxi- 
dize titanium. These results are not compatible with 
Taylor’s results, for Misch metal does not contain 
enough gadolinium and thorium to account for the 
noted decrease in hardness. The reason for this dis- 
crepancy is not clear, but the free energy of forma- 
tion of La,O, per mole of oxygen is almost the same 
as the free energy of formation of ThO., and it ap- 
pears that lanthanum can deoxidize titanium. 

The works of Taylor,’ and Chapin and Liss* in- 
dicate that some titanium-rare-earth alloys might 
lend themselves to internal oxidation strengthening, 
particularly those containing thorium, gadolinium, 
or lanthanum. On the basis of present knowledge, 
however, none of these three elements is suitable. 
Thorium and lanthanum have been reported to have 
little or no solubility in titanium; and there are no 
data on the solubility limit of gadolinium in titanium 
(but its present cost would rule it out in any case as 
a practical system). The only rare-earth element 
with a known solubility in titanium is cerium. Its 
free energy of oxide formation is lower than that of 
any of the above three elements mentioned, and prior 
studies suggest limited use as a deoxidizer. 

On the other hand, the free energy of formation of 
CeO, is not the limiting factor in considering the 
utility of cerium for internal oxidation. Cerium, in 
or out of solution in titanium containing dissolved 
oxygen, in time will form CeO,. This is so because 
cerium has limited solubility for oxygen and at the 
same time will remove oxygen from solution in solid 
titanium. 

With these thoughts in mind experiments were 
undertaken to internally oxidize titanium alloys 
containing cerium in solid solution. 


Materials 
The alloys for the study were prepared from high- 
purity electrolytically reprocessed sponge from the 
Bureau of Mines and 99.9+ pct pure cerium from 
Research Laboratory of Colorado. Two compositions 
were used, Ti-0.20 pct cerium, and Ti-0.70 pct ce- 
rium, 0.70 pct being the maximum solubility of ce- 
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rium in alpha titanium Fig. 1.* Alloys were melted 


* Data recently communicated by E. M. Savitskii and G. S. Bou- 
chanov (‘Phase Diagrams of Ti-La and Ti-Ce,” Jour. Inorganic 
Chem, vol. 2, no. 11, 1957, Russian Acad. Sciences) show much 
wider solubility than Fig. 1—5.4 pet Ce at 880°C vs 0.75 pct in 
Fig. 1. 


as 100-g buttons in a tungsten-are furnace under a 
positive pressure of argon. Cerium was charged into 
the melt in the form of cubes. Each cube was pol- 
ished on all sides on fine silicon-carbide paper just 
prior to melting to minimize the addition of cerium 
as cerium oxide. The actual and nominal composi- 
tions of each alloy are given in Table I. Control but- 
tons of pure titanium also were made from the 
sponge, and the impurity level of this material is 
also reported in Table I. 


Test Procedure 

The buttons were cold press-forged to 50 pct re- 
duction and then were cold-rolled to 0.010 in. thick- 
ness, using a series of 14 passes with no interstage 
anneal. The rolled strips were sheared into pieces 
1 in. x4 in. To recrystallize and solutionize any ce- 
rium which might be out of solution, the pieces were 
stacked in groups of 20, with a strip of pure molyb- 
denum between each piece to prevent welding during 
heating, clamped between two heavy plates of ti- 
tanium, and heated at 850°C for 2 hr in a vacuum 
of 0.25 microns. The pieces were quenched from 
850°C by flushing purified helium through the vac- 
uum chamber at a rate of 200 cfh. 

Several means were available for oxidizing the 
sheets internally. To prevent the build-up of an 
oxygen concentration gradient or an oxygen barrier, 
it was felt that a very slow rate of oxygen solution 
was necessary. The simplest means available ap- 
peared to be utilization of a known leak rate of a 
vacuum system. The recrystallized pieces were sus- 
pended in a vacuum furnace by fine titanium wire 
and heated at 850°C under a vacuum of 10 microns. 
The sheets of 0.2 pct cerium alloy were held 2 hr 
and those of the 0.7 pct cerium alloy were held 4 hr. 
All specimens were furnace-cooled under vacuum. 


Table I. Nominal and Actual Chemical Composition of Alloys 


Ce Oz No Ho Fe C 
Ti-Ce No. 1 Nom 0.20 
Act 0.20 
Ti-Ce No. 2 Nom 0.70 
Act 0.68 
Ti 0.071 0.007 0.0013 0.062 0.031 
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Fig. 2—Dispersion 
of CeO, in 
equiaxed alpha 
matrix of 
internally oxidized 
T-0.2 pct Ce 
alloy. Larger size 
particles of CeO, 
probably found in 
or from the melt— 
etched. X2500. 
Reduced approxi- 
mately 26 pct for 
reproduction. 


Samples were taken from each alloy group and 
brominated at 200°C. At this temperature, titanium 
reacts with bromine vapor to form TiBr, gas which 
can be flushed from the system by passage of he- 
lium. The residue of this reaction contains all the 
unreacted compounds plus any nonvolatile bro- 
mides. Thus CeO, particles in the alloy would re- 
main as CeO, and any elemental cerium in the alloy 
would convert to CeBr;, which also would remain in 
_the residue. Titanium can never be removed com- 
pletely by bromination at this temperature. Since 
dissolved oxygen is not removed, titanium will be 
removed only as long as it is in excess of the amount 
necessary to form TiO. 

Stress-rupture specimens 4 in. x 1 in. with a 2-in. 
gage length and a 0.354-in. gage width, meeting 
ASTM requirements, were stamped out of the 4-in. 
x l-in. sheets by means of a punch and die. Speci- 
mens were tested on standard creep-rupture frames. 
Owing to the thickness of the sheets, actual loads 
were small and direct bottom loading was used 
rather than beam loading. Specimens were tested at 
three temperatures—426, 538, and 648°C, (800, 
1000, and 1200°F); and at stresses selected to yield 
rupture-life values of less than 1 to 300 hr. 

Specimens for microscopic analysis were taken 
from both untested and broken specimens. Chemical 
analysis of the material showed no increase in oxy- 
gen dissolved in titanium. Actually there was a de- 
crease from 0.071 to 0.067 oxygen in the 0.7 pct ce- 
rium, and from 0.071 to 0.069 in the 0.2 pct cerium 
alloy. This difference is within the experimental 
error of the vacuum-fusion method, and is not an 


Fig. 3—Dispersion 
of CeOz in 
equiaxed alpha 
matrix of 
internally oxidized 
Ti-0.7 pct Ce 
alloy. Note smaller 
number of large 
particles than in 
0.2 pct Ce alloy— 
etched. X2500. 
Reduced approxi- 
mately 26 pct for 


indication of a true decrease of oxygen dissolved in 
the titanium. 

In fact, since some oxygen probably was removed 
in melting the alloys, by deoxidation of titanium 
with cerium, and because the vacuum-fusion ana- 
lytical method also reduces some of the oxides, the 
oxygen values must be accepted only as reference 
points. The analytical procedures, having been 
checked and accepted in the past, must be viewed as 
being experimentally reliable. It would appear that 
oxygen, dissolved in titanium, ultimately encounters 
cerium and forms CeO,. Presumably, if there is 
enough cerium present. some unknown fraction of 
the oxygen continues to diffuse until it forms CeO.. 
The rate of this process and its cessation are as yet 
not understood. 

Test Results 


Microstructures of Internally-Oxidized Alloys— 
The microstructures of the internally oxidized alloys 
were composed of equiaxed alpha grains with a 
dispersion of both fine and coarse extra phase par- 
ticles within the grains and at grain boundaries. The 
dispersion, although concentrated somewhat prefer- 
entially at grain boundaries, appears to be well dis- 
tributed as shown in Fig. 2. Furthermore, there is no 
particle-size gradient across the specimen. The ap- 
pearance of coarse particles is felt to be due to the 
introduction of some cerium as CeO, into the melt 
on the surface of the cerium charge. The volume of 
coarse particles in the 0.2 pct cerium alloy, Fig. 2, 
is greater than in the 0.7 pct cerium alloy, Fig. 3, for 
reasons not fully explainable. However, the total 
volume of particles is greater for the 0.7 pct alloy, as 
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expected. Note in particular the ultra fine grain size 
shown in Fig. 2 and 3. 

Identification of Phases in Internally Oxidized Al- 
loys—X-ray patterns from the bromine residue of 
the two alloys show lines for TiO. and CeO, only. 
There were no lines for CeBr;, indicating the virtual 
absence of elemental cerium in the structure. Ce- 
rium in solid solution with the titanium would con- 
vert to CeO, during bromination in like manner to 
the formation of TiO.. 


Stress-Rupture Tests—The results of the stress- 
rupture tests of the internally oxidized material are 
plotted in Fig. 4 and 5, using the log-log plotting 
convention. Stress-rupture results for the pure ti- 
tanium material also are plotted in both figures for 
comparative purposes. Average ductility values are 
listed in Table II for each temperature for the two 
alloys and pure titanium. 

In general, the oxidized titanium-cerium alloys 
are superior to the pure titanium at all stresses and 
temperatures employed and show improved rupture 
ductility. It is to be noted that some of the difference 
in rupture-life values must be attributed to a grain- 
size effect, for cerium acts as a grain refiner in tita- 
nium. The only instability encountered over the 
range of stresses and temperatures employed is the 
equi-cohesive break. The change of slope of the plot 
at the equi-cohesive break is much greater for the 
pure titanium than for the internally oxidized mate- 
rial; for this reason the degree of improvement is 
greater beyond the equi-cohesive break. Examining 
Figs. 4 and 5, it is noted that at 426°C the internally 
oxidized cerium alloys do not show an equi-cohesive 
break out to about 500 to 1000 hr, whereas the pure 
titanium shows such a break at about 60 hr. At 
538°C both cerium alloys show an equi-cohesive 


Table II. Average Elongation Values in Stress Rupture 


Elongation 
(in 1In.), 
Alloy Temp, °F Average Pct 
Pure Ti 426 23 
648 32 
Ti-0.2 Ce 426 31.5 
538 48.5 
648 40 
Ti-0.7 Ce 4.26 34.5 
538 49 
648 45 
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break. At 648°C the equi-cohesive break occurs at 
very short rupture times for the cerium alloys, as it 
does for pure titanium (estimated to occur at 0.01 
hr or less). The really important difference, aside 
from the fact that the internally oxidized alloys are 
considerably stronger than pure titanium is the flat 
slope of the log stress-log rupture life curves of the 
oxidized alloys, a characteristic typical of the stable 
metal-metal oxide type of alloy.*”® 

Considering the impurity level of the titanium 
and the fact that sheet specimens were employed, 
plots of the pure titanium are not much different 
from the prior results of Grant and his co-workers.” 

Although equi-cohesive breaks are evident in the 
plots of these materials, there is no general mani- 
festation of brittle fracture by the specimens tested 
at stresses below the equi-cohesive break. With only 
a few exceptions, all specimens exhibited a ductile 
fracture, characterized by good elongation and a 
shear-type fracture. The fracture is identified as a 
shear type since the fracture path makes an angle 
of approximately 45° with the long axis of the spec- 
imen. Owing to the necessity of bottom loading, 
elongation could not be measured during testing. 
Microexamination of the fracture surfaces of these 
bars shows that prior to the equi-cohesive break 
the fracture is ductile. Beyond the equi-cohesive 
break the fracture still has a ductile appearance, 
but small voids or cracks, such as are shown in Fig. 
6, appear in the vicinity of the fracture. These voids 
or cracks are indicative that beyond the equi-co- 
hesive break rupture is preceded by the formation 
of intergranular microcracks. 


Fig. 6—Void 
formation at 
fracture edge in 
Ti-0.7 pct. Ce 


life 104.15 hr at 
6000 psi and 
538°C. X500. 
Reduced approxi- 
mately 26 pct for 
reproduction. 
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Fig. 7—Micro- 
structure of Ti-0.7 
pct Ce after 396 
hr at 538°C and 
a stress of 5000 
psi. X2500. Re- 
duced approxi- 
mately 26 pct for 
reproduction. 


A few specimens did show a brittle type of failure, 
but with high total elongation. All of these speci- 
mens were tested at 648°C and had a rupture life of 
more than 10 hr. These specimens were coated with 
a deposit of TiO,. 

Earlier investigators have observed recrystalliza- 
tion during testing in pure or commercially pure ti- 
tanium at temperatures of 538°C or higher. This ob- 
servation also was made for all of the materials 
tested in this program. The microstructure after 
testing at these temperatures consists of recrystal- 
lized alpha grains, characterized by irregular grain 
boundaries and a substructure within the grains. A 
point of interest in these microstructures was the 
distribution of the dispersed phase, which no longer 
exists primarily at grain boundaries but rather is 
found distributed running through grains and across 
boundaries. Fig. 7 is typical of this type of structure. 
Note that the grain size is still very fine. The fact 
that the particles have not coalesced materially after 
long times at temperatures shows the stability of 
CeO, and the absence of elemental cerium in the 
structure. 

Discussion 

The results of the internal oxidation study of ce- 
rium in titanium are of much interest since they in- 
dicate that significant benefits in the strength of ti- 
tanium can be achieved for service above 500°C. 
The benefits noted in the present instance were not 
spectacularly large compared to pure titanium, 


nevertheless significant and useful improvements 
were noted. In addition, the characteristic of a fiat 
slope on a log stress-log rupture time plot has dem- 
onstrated that the alloy has gained time-tempera- 
ture stability. 

In part, the results obtained in this study are due 
to a relatively coarse CeO, particle and dispersion. 
Lower oxidation temperatures must be tried to pro- 
duce more and much finer CeO, particles to achieve 
a small interparticle spacing if high strength is de- 
sired. Further work also should consider a more oxi- 
dation-resistant solid-solution-alloy base of tita- 
nium. 

Because of the probable greater solubility of gad- 
olinium and its higher free energy of formation of 
the oxide, this binary system also should be inves- 
tigated. 
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Uranium-Columbium Alloy Diagram 


A phase diagram of the uranium-columbium alloys is presented. The apparatus and 
the procedures used in obtaining the data are described. Data from which the diagram 
was drawn are given in tabular and graphic form. 


by B. A. Rogers, D. F. Atkins, E. J. 


Bebe use of uranium in the production of energy 
from nuclear fission has given considerable im- 
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petus to the investigation of the metal and its alloys. 
Accordingly, information concerning the phase dia- 
grams of binary alloys of uranium with other ele- 
ments is of interest to metallurgists engaged in nu- 
clear-engineering activities. As a contribution to the 
knowledge of the binary alloys, the authors have at- 
tempted to establish the diagram of the uranium- 
columbium system. 

The reports of laboratories engaged in work for 
the Manhattan Engineering District and the U. S. 
Atomic Energy Commission contain a number of 
references to work on uranium-columbium alloys. 
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Fig. 1—Phase diagram of uranium-columbium alloys accord- 
ing to Sawyer. 


For the most part, these reports give unrelated, al- 
though important, facts about the physical and me- 
chanical properties and the resistance to corrosion 
of the alloys. Among the comments made are refer- 
ences to the sluggishness of transformation of alloys 
containing more than a few percent of columbium. 
One report’ gives values for the lattice parameters 
of quenched alloys that are close to those obtained 
in the present investigation. 

In addition to these reports, a publication by 
Sawyer, contains a nearly complete diagram which 
has been redrawn and is presented as Fig. 1. A par- 
tial diagram has been proposed by Saller and Rough.* 
It differs from Sawyer’s diagram by having a eutec- 
toidal horizontal instead of a peritectoidal arrange- 
ment for the beta-gamma transformation. Recently, 
Van Thyne and McPherson‘ have studied the rates of 
transformation of the 10 and 20 pct columbium al- 


loys after they were cooled rapidly from 1000 to 
500°C. 


Preparation of the Alloy 

The Raw Materials—The uranium used in prep- 
aration of the alloys was “biscuit” metal made by 
the Mallinckrodt Chemical Works by a process de- 
veloped at Iowa State College.’ A partial analysis of 
the metal is given in Table I. Columbium was ob- 
tained as sheet material from the Fansteel Metal- 
lurgical Corp. Analysis of this material for several 
elements gave the results indicated in Table II. 

Melting—Melting of the alloys was performed in 
a laboratory furnace of the water-cooled copper- 
crucible, tungsten-electrode type. Small lumps of 
uranium and clippings from columbium sheet were 
placed in the depressions in the copper hearth and 
melted under helium. Before melting an alloy 
charge, the operator melted a scavenger charge of 
zirconium to absorb as much oxygen and nitrogen as 
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Table |. Composition of Uranium Used in Preparation of Alloys 


Element Ppm 
Carbon 130 
Nitrogen 35 
Beryllium“ 330 
Calcium4 trace 
Magnesium? trace 


« By spectrographic analysis. 


Table II. Composition of Columbium Used in Preparation of Alloys 


Element Ppm 
Carbon 1000 
Iron 9 
Titanium 75 
Silicon present 
Tantalum2 present 
Copper present 


« From spectrographic examination. 


possible from the helium. The resulting button- 
shaped ingot was about 1-1/2 in. diam by 5/16 to 3/8 
in. thick. Buttons usually were melted four times 
in an effort to obtain homogeneity of composition. 
They weighed from 80 to 160 g, depending mainly 
upon composition. Very few chemical or spectro- 
graphic analyses were made. In all instances, the 
alloy compositions specified are intended composi- 
tions. 

Fabrication—Fabrication was performed only for 
the preparation of specimens for measurement of 
properties. The major fabricating operation was the 
preparation of wires for measurements of the 
change in electrical resistance with temperature. 
Fabrication began with the cutting of slabs from the 
central portion of the buttons. If the columbium 
content was below 1 pct the slabs usually could be 
swaged cold directly to wires after an initial an- 
nealing treatment. For higher columbium contents, 
the slabs were ground to the form of rough cylin- 
ders, encased in steel jackets and swaged at about 
725°C to rods approximately 3/16 in. diam. After 
the jackets had been removed, the rods were cleaned, 
heated under a vacuum of 1 to 3 x 10° mm Hg to 
about 750°C and allowed to cool slowly. After this 
treatment some rods could be swaged cold directly 
to wires of 0.8 mm diam, but those with the higher 
columbium percentages required one or two inter- 
mediate annealing treatments. Alloys containing up 
to 15 pct columbium could be swaged to wires by 
the procedure outlined. 


Homogenization and Heat-Treatment — Ingots 
(buttons) containing from 20 to 60 or 70 pct colum- 
bium were excessively inhomogeneous both physi- 
cally and chemically. Metallographic examination 
indicated that the center portion of these ingots was 
soft and somewhat porous. The alloys were not re- 
sponsive to heat-treatments at temperatures up to 
1400°C and they could not be rolled or swaged suc- 
cessfully either hot or cold. However, they could be 
reduced 25 or 30 pct in thickness by hot-pressing in 
steel jackets and if, after this treatment, they were 
held for 2 hr at a temperature within 50 to 100°C 
below their melting points, they became satisfac- 
torily homogeneous as judged from microscopic ex- 
amination. 

Wires intended for use as specimens for electrical- 
resistance-temperature measurements were heat- 
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treated to bring them into the low-temperature 
condition, a + y:. For this purpose, they were heated 
in a vacuum of about 1 or 2 x 10% mm Hg to 800°C, 
cooled to about 500°C and held in the range of 500 
to 600°C for 40 to 45 hr. 

With one exception, the 53 pct Cb alloy, which 
was pressed and homogenized as described, speci- 
mens for dilatometric measurements were not fab- 
ricated. Their heat-treatment consisted of being 
cycled two or three times from about 450 to 750°C 
before data were taken. This operation required 3 
or 4 days and was intended to improve the homo- 
geneity of the specimens. 

Filings to be used in making X-ray powder pat- 
terns were heat-treated in the following manner. 
The filings were contained in small tantalum boats 
inside a silica tube extending into a tube-type fur- 
nace. If the high-temperature state of the alloys was 
to be retained, the furnace was rolled quickly from 
its position surrounding the silica tube and a blast 
of air directed onto it. This procedure was capable 


COLUMBIUM, 


of reducing the temperature of the powders from 
1100°C to a black heat in about 1 min, a rate of 
cooling sufficiently rapid for the sluggish alloys be- 
ing investigated. Temperature of the powders was 
measured by a Pt/Pt-Rh thermocouple of which the 
hot junction lay inside the silica tube and adjacent 
to the tantalum boxes. Pressure in the silica tube 
was maintained below 10° mm Hg. 
Heat-treatment for metallography was limited to 
the quenching of small specimens. For this purpose, 
the specimen was spot-welded under argon to the 
junction of a Pt/Pt-Rh thermocouple which was 
then suspended vertically within a silica tube ex- 
tending into a tube-type furnace. The head through 
which the thermocouple wires passed was provided 
with a thin glass window sealed on with a silicone 
vacuum grease. Above this was a reservoir that 
could be filled with water. When the specimen was 
ready to be quenched, the reservoir was filled with 
ice water and the glass broken with a rod with the 
result that the silica tube was filled with water al- 
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Fig. 2—Uranium-colum- 
bium phase diagram as 
drawn from data of this 
investigation. 
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Table III. Temperatures of Transformation as Determined from 
Dilatometric Measurements 


Temperatures of Crossing Lines Indicated, °C 


Melt Cb, 
No. Pet BC* BD FG CD DE AD AEG GH_ 
= 0 669 — — — — = 776 — 
w 669 671 = 776 = 
= 1145 0.375 — 761 — 
= TSS = = — 754 
1115 1.250 645 1664 = 733 
é 1120 1.50 = == 730 
Liste 20 = = 716 
GAS = 659 — 
1099 7.0 = 650 == 661 
NOT TO SCALE 1154 50¢ — 
COMPOSITION «See Fig. 3 for meaning of designations BC, etc. All readings 


Fig. 3—Auxiliary uranium-columbium diagram for use in 
describing changes in solid alloys. 


most instantaneously. At the same time the furnace 
was lowered rapidly away from the tube. 


Apparatus and Procedure 

Five types of observation were made in obtaining 
the data for the diagram. Two types of examina- 
tions, X-ray and metallographic were made with 
commercial equipment. The X-ray apparatus was 
arranged for taking powder patterns from filings of 
the, usually, homogenized alloys. It was designed to 
use a camera of 114.6 mm diam in which the film 
was placed in the asymmetric, or Straumanis, posi- 
tion. The tube had a copper target from which the 
Ka radiation was taken to have a mean wave length 
of 1.542A. 

Metallographic apparatus consisted of standard 
polishing apparatus and a Vickers projection micro- 
scope. Most of the final polishing was performed 
with diamond paste. Samples usually were etched 
electrochemically in a solution composed of 5 parts 
H;PO,, 5 parts glycol and 8 parts ethyl alcohol, but 
when this procedure did not give satisfactory results 
use was made of ionic bombardment,’ or vacuum- 
cathodic etching. 


780 
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Fig. 4—Large-scale diagram of uranium-rich eutectoidal area. 
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taken with rising temperature and at 6°C per hour unless otherwise 
stated. 

+ Rate of rise = 12°C per hr. 

¢ Rate of rise = 13°C per hr. 

@ Rate of rise = 10°C per hr. 


Special types of apparatus were used for: 


1) Determination of melting points. 

2) Dilatometric measurements. 

3) Electrical resistance-temperature measure- 
ments. 

The apparatus for determining melting points was 
so constructed that the filling of a small hole in an 
electrical resistance-heated specimen could be ob- 
served through an optical pyrometer. Such appa- 
ratus has been described previously by Carlson, 
Dickinson, Lunt, and Wilhelm’ and by Williams.® 
Most of the dilatometric measurements were made 
with the vacuum electronic unit described by 
Dooley and Atkins; a few curves were taken with a 
unit based on use of a 60-cps linear differential trans- 
former. Electrical resistance-temperature measure- 
ments were made with an arrangement of the kind 
described by Rogers and Atkins” except that the 
current and potential leads were welded to the 
sample as separate wires and the thermocouple was 
welded on in such a way as to be independent of 
the leads. 


Data for the Diagram 

The experimental information that led to the 
diagram of Fig. 2 can be presented most advanta- 
geously by reference to the diagram itself. However, 
in order that the diagram should not appear clut- 
tered, points obtained by dilatometric measurement 
and by metallography have been omitted from the 
figure. The small, lettered diagram, Fig. 3, will be 
helpful as a connection between the description and 

The solidus and liquidus temperatures usually 
were obtained on homogenized specimens. Points for 
the solidus line are reliable, especially so, near the 
ends; those for the liquidus line are less reliable 
but are not simply estimates. Some difficulty was 
encountered in duplicating melting temperatures of 
alloys of intermediate composition unless the speci- 
mens had been homogenized properly in the manner 
described under ‘Fabrication.” Points on the liq- 
uidus line were obtained in the following way. Dur- 
ing the course of a run, temperatures were read on 
the hole in the specimen and on the surface near the 
hole. Because of the black-body conditions within 
the hole, the temperatures read with the pyrometer 
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a) Quenched from 645°C. X1600. 


c) Quenched from 656°C. X500. 


Fig. 5—Alloy containing 6 pct Cb quenched from three temperatures. Etched electrolytically with 5 parts HsPO,, 5 parts glycol, 
and 8 parts ethyl alcohol. Reduced approximately 13 pct for reproduction. 


sighted on it were taken as true temperatures, 
whereas readings made with the pyrometer aimed 
beside the hole were taken as apparent tempera- 
tures. True temperatures were then plotted against 
apparent temperatures to make a curve by which 
one temperature could be converted to the other. An 
extrapolation of this curve was used for correcting 
the temperatures read on the surface of the speci- 
men after the hole filled at the beginning of melting. 
Readings on the surface were continued until a 
specimen was melted through completely and the 
corrected temperature of this event was assumed to 
be the liquidus temperature. 

The Uranium-Rich Eutectoidal Area—In this area, 
shown on an enlarged scale in Fig. 4, the lines have 
been placed mainly on the basis of the anomalies 
observed in the electrical resistance-temperature 
curves. However, the data from the dilatometric 
curves are generally in good agreement as is evident 
from Table 3. Microscopic examination was con- 
sidered to be the most reliable method for determin- 
ing the boundaries of the alpha and beta solid- 
solution areas. Hence, in case of contradiction be- 
tween microscopic results and resistance measure- 
ments as occurred in one instance, the microscopic 
evidence was accepted. For example the resistance- 
temperature curves suggest that the line AD should 
intersect the line CE at about 0.75 pct Cb but met- 
allography indicates that 0.5 pct Cb is a more prob- 
able point of intersection. 

The placing of the eutectoidal composition at 6.2 
pct Cb on the basis of electrical resistance measure- 
ments appears to be confirmed by the series of three 
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photomicrographs in Fig. 5. Fig. 5(a) has small 
areas that are not completely eutectoidal. This con- 
dition probably means that the 93 hr during which 
the specimen was held in the range from 502 to 
645°C—the last 10.5 hr at 645°C—is not sufficient 
to produce equilibrium in so sluggish an alloy. An- 
other specimen of the same alloy quenched from 
643°C after 4 hr below the eutectoidal temperature 
had much larger undecomposed areas. 

The solvus line CFK that bounds the region of 
alpha solid solution has been placed in the position 
shown because of photomicrographic results such as 
those shown in Fig. 6. This figure indicates that the 
solubility of columbium in alpha uranium is more 
than 0.25 pet at 659°C and less than 0.25 pct at 
572°C. A specimen quenched from 638°C also 
showed definite indication of a second phase; hence, 
the solvus line has been drawn to pass to the left of 
the point (638°C, 0.25 pet Cb). X-ray powder pat- 
terns taken on filings of 0.25 pct and 0.50 pet Cb 
alloys cooled slowly to room temperature showed 
the same d-values as the unalloyed uranium within 
the limits of error of measurement. Hence, as far as 
may be judged from lattice measurements, the solu- 
bility is zero at room temperature. Actually, a slight 
solubility, insufficient to exert an influence on the 
d-values, probably does exist. 

Region of the Decomposition Loop—As indicated 
by the legend in Fig. 2, the loop GHJ, Fig. 3, was 
determined from resistance-temperature measure- 
ments and from X-ray diffraction patterns. In addi- 
tion, dilatometric curves were obtained on the 50 
and 53 pet Cb compositions. 


Fig. 6—Alloy containing 0.25 
pct Cb quenched from two 
temperatures. Reduced approx- 
imately 14 pct for reproduc- 
tion. 


a) (Left) Quenched from 
659°C. Etched by ionic bom- 
bardment. X300. 


b) (Right) Quenched from 
572°C. Etched electrolytically 
with 5 parts HsPO., 5 parts 
glycol, and 8 parts ethyl al- 
cohol. X500, 


JUNE 1958—391 


b) Quenched from 649°C. X1600 


Table 4. The Lattice Parameters and Compositions of the Phases of the Decomposition Loop 


Lattice Parameters in A for Alloys of Cb Content, 


Avg Val of Comp? of 
Temp of 20 Pet 25 Pet 30 Pet 40 Pct Lat Par, A Phase, Cb Pct 
Quench, °C v1 v2 v1 v1 v2 v1 v1 v2 
975 3.390 
950 3.403 3.406 3.374 3.406 3.374 24.5 oy 
925 3.409 3.379 3.415 3.369 3.412 3.374 22.0 aed 
900 3.424 3.414 3.370 3.420 3.366 3.417 3.368 19ST 4 > 
875 3.420 3.417 3.369 3.421 3.366 3.370 3.419 3.367 19.0 ban 
850 3.426 b 3.427 3.364 3.430 3.360 3.369 3.428 3.362 15.8 45. 
800 3.433 3.362 3.441 3.363 3.440 3.355 3.367 3.440 3.360 11.5 46.2 
700 3.449 3.363 3.449 3.360 3.453 3.356 3.444¢ 3.360 3.449 3.360 8.4 46.2 
« Derived with aid of Fig. 7. 
> Lines too faint in index. 
¢ Lines were very faint. 
COLUMBIUM,% acceptable although they show more variation than 
60 70 80 90 100 
is desirable. Also the compositions for the 700°C 


X- SAMPLES HOMOGENIZED 
o-SAMPLES NOT HOMOGENIZD 


LATTICE PARAMETER,A 


50 60 
COLUMBIUM, 


Fig. 7—Lattice parameter-composition curve of uranium- 
columbium alloys quenched from 1100°C. 


Resistance measurements were particularly useful 
near the ends of the loop, that is, near G and J. No 
particular comment is required on specimens near 
G. Alloys in the vicinity of point J were too brittle 
to be swaged into wires but had to be ground by 
hand from homogenized slabs. They were shorter 
and thicker than the swaged wires but their re- 
sistance was sufficient to give the required accuracy. 
The two alloys containing 50 and 53 pct Cb, partic- 
ularly, yielded data that were helpful in determin- 
ing the end of the eutectoidal horizontal, point J. Asa 
faint but definite transformation could be detected 
at 648°C in the 50 pct Cb alloy, whereas no evidence 
of transformation was found in the 53 pct Cb alloy, 
the end of the horizontal was set at 51.5 pct Cb. The 
dilatometric cuves gave confirmation of these results 
as the curve for the 50 pct Cb alloy indicated a sharp 
increase in height at 648°C whereas no change was 
observed in the curve of the 53 pct Cb specimen. The 
50 pct Cb specimen had not been homogenized prop- 
erly and undoubtedly gave a more pronounced 
change of length than would have been observed in 
a specimen that did not contain regions of lower 
columbium content. 

X-ray diffraction patterns were most useful near 
the central part of the loop. In the first stage of the 
X-ray work, a lattice parameter-composition curve 
for alloys in the gamma condition was obtained as 
exhibited in Fig. 7. This curve made possible the 
determination of the compositions of the two phases, 
y and y,, into which the gamma phase decomposes 
over the range from 6.2 to 51.5 pet Cb. Specimens of 
powder were held for lengths of time ranging from 
60 hr up to more than 500 hr at temperatures from 
700 to 975°C. The results of the lattice determina- 
tions are shown in Table 4, along with the composi- 
tions read from Fig. 7. In general, the results are 
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powders are lower than would be expected from the 
results obtained by electrical-resistance measure- 
ments and dilatometric curves. 

Solvus line JL has proven difficult to determine. 
X-ray powder patterns were in agreement with a 
position to the right of 50 pct Cb but were not suffi- 
ciently consistent to permit the establishment of 
points on this branch. A 50 pct Cb metallographic 
specimen that had been held 1000 hr at 625°C 
showed a continuous narrow network of second 
phase in the grain boundaries. 


Summary 

The investigation of the uranium-columbium al- 
loys has yielded a phase diagram supported by a 
considerable accumulation of data. The diagram is 
based on measurements taken with rising tempera- 
ture because the sluggishness of transformation in 
alloys of intermediate composition made accurate 
measurement of effects difficult when the tempera- 
ture was decreasing. The diagram resembles Saw- 
yer’s in some respects but differs in details. 

Among the features of the diagram are the droop 
of the solidus line in the intermediate region and the 
accompanying rise near the columbium end. Two 
eutectoidal arrangements develop as a result of the 
two transformations in uranium. Columbium is only 
slightly soluble in alpha uranium at elevated tem- 
peratures and almost completely insoluble at room 
temperature. Its maximum solubility in beta ura- 
nium is not much larger than its maximum in alpha. 
The extreme sluggishness of the intermediate alloys 
makes the position of solvus line, JL, bounding the 
columbium-rich area difficult to determine in prac- 
tical heat treating times. 
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The System Mercury-Thorium 


The phase equilibria of the Hg-Th system over the composition range 0-100 pct Th 
and temperatures up to 1000°C have been studied for a small-volume, closed system. The 
solubility of Th in liquid Hg is about 5 pct at 300°C and decreases sharply with decreas- 
ing temperature. Two intermediate phases occur, Hg;Th and HgTh. The structures of these 
are hexagonal (nonideally close-packed) and face-centered cubic, respectively. The HgTh 
phase decomposes eutectoidally at 400°-500°C. The solubility of Hg in solid thorium 


seems to be negligible. 


by R. F. Domagala, R. P. Elliott, and W. Rostoker 


A FULL-phase diagram for this system would 
have to be defined on temperature-composition- 
pressure co-ordinates. This paper describes the 
pseudo phase diagram of a closed system, that is, 
where the alloy enclosed in a small volume equili- 
brates with a vapor pressure of mercury dictated by 
composition and temperature. Because of the ex- 
perimental difficulties in studying a system of this 
nature, many of the phase relations can only be 
sketched. 
Alloy Preparation 

Alloys over the full range of composition were 
made from triple distilled mercury and one of two 
grades of thorium. For the bulk of the work, a cal- 
cium-reduced metal in sintered pellet form of re- 
ported 99+ pct total thorium content was used. Arc- 
melted specimens of this thorium gave a hardness of 
135 VPN. The microstructure showed small primary 
dendrites of ThO,. A number of alloy compositions 
were made with a high-purity, iodide-decomposi- 
tion thorium metal. The arc-melted hardness of a 
button of this material was 35 VPN. Although the 
microstructure of the arc-melted specimens showed 
no dendrites of ThO., there was definite evidence of 
an unidentified phase enveloping the grain bound- 
aries. There were no distinguishable differences be- 
tween the constitution of alloys made with the two 
grades of thorium metal. 

Under normal conditions thorium is not wetted by 
liquid mercury. The film of ThO, on all thorium 
metal cannot be penetrated by either liquid or va- 
porous mercury. It was therefore necessary to com- 
minute thorium in the presence of mercury under 
such conditions that oxide films could not reform on 
the newly exposed metal surfaces. This was accom- 
plished by the use of a high-speed, carbide-tipped 
rotary cutter incorporated in a chamber purged 
with argon and connected at the bottom to a de- 
mountable Vycor bulb containing a weighed amount 
of mercury. This experimental device is fully de- 
scribed in a separate paper.’ Alloy compositions were 
calculated by weighing the empty bulb, the bulb 
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containing the mercury, and the bulb containing the 
mercury and the thorium chips. Many alloys were 
analyzed chemically for thorium and/or mercury 
after subsequent homogenization; the agreement be- 
tween analyzed and calculated compositions was in- 
variably very close. Bulbs containing the requisite 
amounts of mercury and fine thorium chips were 
clamped off, removed to a sealing unit, evacuated 
and sealed. 

Amalgamation under these conditions proceeded 
rapidly even at room temperature. To insure homo- 
geneity, the specimens were annealed to 300-400°C. 
Alloys containing less than 30 pct Th remained 
pasty after all treatments, indicating an equilibrium 
condition of liquid plus solid. Alloys with more than 
30 pct Th were transformed into a dark powdery 
product. These latter specimens were annealed for 
times of up to 1 week to complete interdiffusion. 

Many of the alloy compositions are pyrophoric. 
On exposure to air they oxidize with considerable 
evolution of heat to a mixture of ThO, and free 
mercury. It was mandatory that alloy specimens be 
handled in a “dry box” purged thoroughly with 
argon. All X-ray diffraction specimens were pow- 
dered, screened, and sealed in capillary tubes within 
the dry box. 


Experimental Procedures 

Thermal analysis experiments, useful only in the 
mercury-rich region of the system, were conducted 
with the alloys in their original containers. A re- 
entrant thermocouple well formed an integral part 
of the bulb. These bulbs were heated in a silicone oil 
bath and cooled in a dry ice-acetone mixture. The 
rates of heating and cooling were slowed by im- 
mersing the specimen bulb in a larger tube contain- 
ing silicone oil. This provided a suitable thermal lag. 
In all tests, pure mercury was run as a basic 
standard. 

While the invariant reaction at about the melting 
point of mercury was detected by thermal analysis, 
the heat effect at the liquidus was not sufficient to 
produce an inflection in the cooling curve. It was 
necessary to determine the liquidus temperatures at 
the mercury-rich end of the system by “breaks” in 
electrical resistivity versus temperature curves for 
individual alloys. The apparatus for this purpose 
consisted of a pyrex tube about 2 in. diam and 12 in. 
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long fitted with a ground-glass stopper at the top. 
Two hollow fingers extending from the bottom of 
the tube were connected by a 1-mm-bore capillary 
tube. Tungsten wires were inserted into the bot- 
toms of the fingers and also at the sides of the 
fingers up to the entrance of the capillary tube. The 
alloy was introduced into the container in sufficient 
quantity to complete the capillary bridge. A protec- 
tive argon atmosphere was admitted into the tube 
and the unit hermetically sealed. 

Resistivity measurements by the potential-drop 
method were made at 50° increments from room 
temperature up to 300°C. 

The solid, powdery specimens containing more 
than 30 pct Th could not be fused at temperatures 
as high as 1000°C. X-ray diffraction techniques were 
used to define the phases present. Debye-Scherrer 
powder patterns were taken in a 14-cm camera 
using CuKa, radiation (1.54050A). Exposure times 
of 6 to 12 hr were necessary. 

Almost all of the X-ray diffraction patterns 
showed lines of ThO., often with intensities as great 
as the major alloy phases. It was first thought this 
indicated that the precautions in the preparation of 
sealed capillaries were inadequate to protect against 
reaction with air. That this was not the case is indi- 
cated by the following experiments: Fine filings in 
substantial quantity were prepared from an arc- 
melted ingot of calcium-reduced thorium. A pow- 
der pattern of these filings showed only trace lines 
of ThO,. The powder was then annealed in an evacu- 
ated Vycor bulb at 1000°C. The powder pattern of 
the annealed material showed strong lines of ThO, 
giving every indication of being present in an 
amount almost as much as the metal. The annealed 
powder was then arc-melted and a microexamina- 
tion revealed that the amount of primary dendrites 
of ThO, was indistinguishably different from the 
original arc-cast metal. Furthermore, the hardness 
of this ingot was slightly lower than the original. It 
is apparent that the ThO., is a thin “‘skin” on the sur- 
faces of the particles of thorium and that in this su- 
perficial position they contribute far more diffract- 
ing power than their volumetric proportion would 
indicate. 

All of the alloys of mercury and thorium dis- 
sociate in vacuum at or near the boiling point of 
mercury and, in a dynamically evacuated system, 
enrich in thorium to the terminal solid solution. In 
spite of the dissociating tendencies it was possible 
to anneal solid specimens containing more than 30 
pet Th at all temperatures up to 1000°C in sealed 
Vycor bulbs without danger of bursting. 

Homogenization and annealing procedures for al- 
loys greater than 30 pct Th were as follows: Alloys 
containing 40, 50, 60, 70, 80 and 90 pct Th were pre- 
pared by the bulb-grinding technique. Each bulb 
was annealed at 400°C for 1 week. The bulbs were 
then broken open in the dry box and subdivided 
into four or more separate Vycor bulbs. These bulbs 
were clamped, removed to a sealing unit, evacuated 
and sealed. Anneals were then conducted at 600, 800 
and 1000°C, for times of 20, 5 and 2 hr, respectively. 


The Phase Diagram 
The liquidus and solidus at the mercury-rich end 
of the system are presented in Fig. 1 with the perti- 
nent experimental data. A peritectic reaction: L + 
Hg,Th > Hg,, occurs at a temperature estimated at 
—32°C. The peritectic reaction shows some hys- 
teresis, the average temperature on cooling being a 

few degrees lower than on heating. 
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The first intermediate phase occurs at about 30 pct 
Th and is probably Hg, Th (27.8 pct Th). This phase 
gives a diffraction pattern which can be indexed on 
a hexagonal lattice yielding a unit cell: a = 3.361A; 
c = 4.905A; c/a = 1.460. A tabulation of observed 
lines is given in Table I. This compound is reported 
in the literature.” The size of the unit cell indi- 
cates that there can be no more than two atoms per 
unit cell, and the absence of lines of the type (hkl) 
with 1 odd suggests a disordered state. The lattice 
parameters of the Hg,Th phase were identical on 
either side of the 30 pct Th composition which sug- 
gests that the single-phase field has a very restricted 
homogeneity range. This is in contradiction to the 
work of Baenziger, Rundle, and Snow.” 

The results of X-ray diffraction analysis of the 
solid Hg-Th alloys are summarized in Table II. A 
new set of lines was discovered in samples annealed 
above 400°C which belong to a face-centered cubic 
structure with a lattice parameter, a = 4.80A. Weak 
superlattice lines were frequently found in these 
patterns. The phase was deduced to be HgTh (53.6 


Table I. Summary of d-Values for HgsTh 


Hg3Th 
hep c/a = 1.460 


hkl d(obs), A 
100 2.904. 
101 2.491 
002 2.449 
102 1.874 
110 1.678 
200 1.452 
103 1.423 
201 1.395 
112 1.385 
202 1.250 
004 1.226 
104 1.129 
210 1.101 
203 1.088 
211 1.072 
212 1.003 
114 0.990 
300 0.970 
204 0.937 
105 0.930 
213 0.913 
302 0.902 
220 0.841 
124 0.818 
205 0.814 
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280 
260 
240 
220 
60 


Table Il. Summary of X-Ray Data for Thorium-Rich Alloys 


Temp, Composition, Pct Th 
Cc 40 50 60 70 80 90 
400 ThHg; ThHg; ThHg; ThHgs ThHgs Th 
hH 
600 ThHgs ThHg ThHg ThHe 
800 ThHg Th ThHg 
1000 ThHg ThHg Th Th Ry 
Th ThHg; ThHg 


ThHg; 


Table III. Summary of d-Values for HgTh 


HgTh 


fec a = 4.80A 

hkl d(obs), A 
2.760 
200 2.395 
2104 2.125 
211¢ 1.954 
20 1.685 
300, 2214 1.596 
1.510 
311 1.450 
222 1.385 
3204 1.330 
321 1.290 
1.200 
411, 1115 
1.103 
4210 1.046 
3324 1.023 
422 0.980 
5104 0.943 
521¢ 0.884 


« Superlattice lines. 


pet Th) since line intensities were maximum at 
this composition. A summary of the observed lines 
of this phase is given in Table III. 

Except for one anomalous instance, the HgTh 
phase was not found in alloys annealed at 400°C. 
Conversely, alloys with 50 pct Th or more, annealed 
at 600°C, did not exhibit the Hg,Th phase. This sug- 
gests that the HgTh phase undergoes a eutectoid 
transformation between 400-600°C. The eutectoid 
transformation is probably very sluggish. Samples 
of the 60 pct Th alloy annealed at 600°C for 20 hr 
to produce HgTh and then re-annealed at 400°C for 
1 week showed only weak evidence of the occur- 
rence of Hg;Th. Since the rate of amalgamation is 
rapid even at room temperature, there is little rea- 
son to believe that the original anneal of 1 week at 
400°C was not sufficient to achieve equilibrium at 
that temperature. 

The lattice parameter of thorium coexistent with 
either HgTh or Hg.Th is the same as for the pure 
metal; hence, it may be supposed that there is very 
little solid solubility for mercury. The proposed 
phase diagram in its entirety is shown in Fig. 2. 
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Summary 


In summary, the following are the significant 
aspects of the Hg-Th system: 

a) A solubility of about 5 pct Th in liquid mer- 
cury at 300°C decreasing to a negligible solubility at 
the peritectic temperature. 

b) A peritectic reaction L-+Hg,Th> Hg,, at 
—32°C. 

c) An intermediate phase Hg,Th occurring at 
about 27.8 pct Th having a hexagonal nonideally 
close-packed structure with c/a = 1.46 

d) A second intermediate phase HgTh occurring 
near 50 pct Th having an ordered face-centered 
cubic structure. The indications are that this phase 
undergoes a eutectoid transformation: HgTh~> 
Hg.Th + Th somewhere between 400° and 600°C. 

e) A low solid solubility of Hg in Th. : 

f) A tendency for both intermediate phases to 
dissociate in a dynamic vacuum. Phases are, how- 
ever, stable to 1000°C in a small closed system. 
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Shock-Induced Martensitic Transformation 


Small particles, 10-20 microns diameter, of a 28.6 atom pct nickel, balance iron alloy, have been 
supercooled 186°C with respect to bulk alloy M. temperature. Particles exhibit a marked me- 
chanical shock sensitivity while being held in a supercooled state. The tendency for shock to induce 
martensitic transformation appears to be a maximum at — 140 to — 160°. Slow cooling of par- 
ticles in mechanical contact with one another results in extensive martensite formation. This is prob- 
ably the same effect as the catalytic effect observed in polycrystals where martensite formation in 


one grain induces transformation in other grains. 


by R. E. Cech and D. Turnbull 


S a result of extensive research over the past 
decade on the martensitic transformation, a 
much better though not complete understanding of 
the transformation has resulted. Recent reviews by 
Bilby and Christian' and Kaufman and Cohen’ have 
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covered the significant work of this period. The re- 
searches to date show that nucleation of marten- 
site generally occurs at structural singularities. It 
has not been determined, as yet, how the singu- 
larities bring about nucleation. They could serve as 
built-in embryos which require only growth to be- 
come critical size nuclei. Alternatively, the singu- 
larities could modify the bulk free energy of the 
material in small regions and thereby markedly 
increase the probability of nucleation in those re- 
gions. Experiments in this laboratory have been 
directed towards an examination of the intrinsic 
behavior of metals, free of singularities, with re- 
spect to the martensitic transformation. The tech- 
nique, which consists of subdividing the metal to 
localize singularities in a fraction of the particles, 
has been applied successfully to studies of the liq- 
uid-solid transformation.’ It is hoped that measure- 
ments of the characteristics of martensite transfor- 
mation in singularity-free metal will permit de- 
ductions regarding the role played by singularities 
in the transformation. 


Experimental 


In an earlier report the transformation character- 
istics of small particles of a 29.2 atom pct nickel- 
iron alloy which contain martensite nucleating 
singularities were described.* It was pointed out 
that a small fraction of the particles could not be 
induced to transform to martensite on quenching 
to the lowest temperature used (—196°C). If some 
of the particles were free of singularities, they 
would be retained with the untransformed fraction. 
Consequently, further studies have been concen- 
trated on this fraction. 

Tron-nickel alloy cast spheres (28.6 atom pct 
nickel) were prepared in the manner described 
earlier. The particle-size range was held to 10 to 20 
microns diameter. After forming, the particles were 
annealed at just under the melting point to remove 
unwanted strain-free alpha phase and to grow out 
grain boundaries to form strain-free gamma single 
crystals. The cause of these extraneous effects and 
treatments for removing them are described else- 
where. The powder was then quenched into liquid 
nitrogen and held 1 min so as to induce transforma- 
tion in those particles containing potent martensite 
nucleating singularities. The powder was then re- 
moved from the liquid nitrogen by a glass-sheathed 
magnet. Transformed particles were separated 
physically from the particles containing no marten- 
site by a magnetic separation at 200°C—slightly 
above the gamma-phase curie temperature but well 
below the martensite curie temperature. The trans- 
formed fraction was discarded. A surprisingly large 
amount of powder (about 1/5) remained untrans- 
formed after the severe (—196°C) quenching treat- 
ment. Since bulk alloy M, for 28.6 atom pct nickel 
alloy is —10°C, an undercooling of 186°C below 
M, has been experienced by the untransformed frac- 
tion of the powder. This indicates that if singular- 
ities are present, they are of minor potency in bring- 
ing about martensite formation. 

The gamma-phase powder remaining after the 
magnetic separation was subjected to subzero iso- 
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thermal treatments at —111, —135, —157 and 
—196°C. Powder specimens were dispersed in a de- 
war of Freon 11, Freon 12, or liquid nitrogen, de- 
pending upon the temperature of treatment. After 
a predetermined time at temperature, the powder 
was collected on the magnet and up-quenched in 
alcohol to room temperature. A magnetic separation 
followed by a weight determination of the marten- 
sitic and untransformed fractions served to measure 
the fraction of sample undergoing transformation 
during the subzero treatment. Sensitivity of the 
method of measurement was 0.1 pct of sample. 

In highly subcooled single-crystal spheres the 
martensitic transformation, once initiated, proceeds 
over a period of about 1 min, forming approximately 
80 pct martensite. The transformation kinetics, as 
best as can be determined, are similar to those de- 
scribed by Machlin and Cohen’ in their study of iso- 
thermal martensite in iron-nickel alloys. The time 
for complete transformation is somewhat shorter 
in the case of these particles as compared to Machlin 
and Cohen’s results, however. 

The following results are concerned only with the 
initiation of the martensitic transformation in single- 
crystal spheres of Fe-Ni alloy. Results are expressed 
in terms of weight percent of particles in which the 
martensitic transformation was initiated by a given 
treatment. 


Results 


On holding powder specimens isothermally at 
—111, —135, —157 and —196°C for times ranging up 
to 30 min, linear transformation rates of 0.11, 0.21, 
0.28 and 0.04 pct of sample per min, respectively, 
were observed. The results have been plotted on a 
time-temperature-transformation diagram as frac- 
tion (X) of specimen transformed for X = 0.001, 
0.01 and 0.05, Fig. 1. A few runs to 60 min at 
—157°C produced transformation in about 15 pct of 
the specimen. 

Further investigation disclosed that transforma- 
tion was not due to true thermal nucleation but 
rather to a shock-induced nucleation. During sub- 
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Fig. 1—Susceptibility of 38.6 at. pct nickel-iron alloy par- 
ticles to shock-induced martensite formation. 
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Table |. Treatments Causing Martensite Nucleation 


Percent of Powder 
Undergoing 
Martensitic 


Treatment Transformation 


1 hr —157°C, constant stirring of dispersed powder 17 

1 hr —157°C, no stirring of dispersed powder 2 

1 hr room temperature; constant stirring of dis- 3 
persed powder followed by 1 hr —157°C; no 
stirring of dispersed powder 

Slow cool and reheat (40°C per min) + 1 min at 
—169°C of closely packed powder under alcohol 

Slow cool and reheat (40°C per min) + 1 min at 10 
—196°C of spheres dispersed in alcohol 


73, 41, 39 


zero isothermal holding the bath was stirred manu- 
ally at a slow rate. It is believed that vibration oc- 
curring during this stirring was transmitted through 
the liquid to the particles. This vibration caused the 
particles to transform to martensite. Powder speci- 
mens carefully dispersed onto the inner walls of the 
dewar and held for times up to 60 min at subzero 
temperatures without any induced vibration showed 
almost no transformation. A constant amount of 
transformation (2 pct) which was independent of 
thermal treatment occurred in all specimens as a 
“result of handling. In all cases this amount was sub- 
tracted from the total formed in a treatment. 

It was demonstrated that the vibration did not 
introduce any permanent nucleating singularities in 
the particles. A specimen dispersed in Freon 11 near 
room temperature was stirred for an hour in the 
same manner as in the previously described subzero 
treatments. It was then dispersed in Freon 12 at 
—157°C and held for 1 hr without vibration. This 
specimen remained untransformed except for the 
increment formed by handling. 

In another experiment it was found that parti- 
cles packed closely together under alcohol in the 
bottom of a test tube would transform to a large 
extent upon slow cooling to —196°C, holding iso- 
thermally a short time and warming slowly. The 
particles, being spheres of almost equal size settle 
spontaneously to a density of about 34 that of the 
ideal density of closely packed spheres. It is reason- 
able to assume that each particle is in physical con- 
tact with at least three others. Transformation by a 
burst in one particle can then induce a shock wave 
in the others which causes them to burst in turn. By 
slow cooling and isothermal holding of settled pow- 
der specimens up to 73 pct of the powder could be 
transformed to martensite. Similar slow cooling 
treatment of dispersed particles produced transfor- 
mation in only 10 pct of the particles. It is probable 
that even this small amount of transformation was 
due to the method of dispersal. The powder was sus- 
pended in alcohol inside a test tube by stirring until 
the alcohol viscosity became great enough to hold 
the powder suspended. 

Table I summarizes the treatments which led to 
the conclusion that martensite nucleation occurring 
at subzero temperature in these particles must be 
shock-induced. 

Discussion 

It is known that athermal martensite-transforma- 
tion kinetics are altered by the application of both 
elastic and plastic strains. The present results in- 
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dicate that strains caused by external vibrations 
also can induce the formation of isothermal marten- 
site. The vibration must be applied below the bulk 
M, temperature. This suggests that it is elastic strain 
which causes the particles to transform. Plastic 
strain cannot be ruled out, however. If it is the ki- 
netic aspect of deformation, i.e., motion of disloca- 
tions, or the transient high density of dislocations 
during deformation which triggers martensite, it 
would be necessary to deform the material below 
the bulk M, temperature to start the transformation. 
The latter possibility is thought to be unlikely, how- 
ever, in view of the well-known effect of plastic de- 
formation in raising the M, temperature. 

The results summarized in Fig. 1 indicate that 
there is a temperature of maximum susceptibility to 
vibration-induced martensite formation between 
—140 and —160°C. This is consistent with the result 
derived by Fisher that a homogeneous nucleation- 
frequency for martensite formation in iron-nickel 
alloys should be amaximum at about —130°C. 

It is possible that the C-curve of shock sensitiv- 
ity is a spurious result which may be a consequence 
of boiling liquid nitrogen having a lower shock- 
transmitting ability than Freon. This possibility was 
not tested because of the unavailability of suitable 
refrigerants for the temperature range —157 to 
196°C. 

Further experiments directed towards determi- 
nation of homogeneous nucleation frequencies of 
martensite should be conducted on an alloy lower 
in nickel than that presently reported such that 
AFv for forming martensite will be greater than 
that of the present alloy. Also, experiments must be 
conducted on powders in a well-dispersed state and 
in a system free of external shock and vibration so 
as to prevent shock-assisted martensite nucleation. 


Summary of Findings and Conclusions 

1) Particles 10 to 20 microns in diameter of a 
28.6 atom pct nickel-iron alloy can be cooled up to 
186°C below the M, temperature of bulk alloy with- 
out undergoing a martensitic transformation. 

2) Particles which have resisted transforming in 
a direct quench are transformed isothermally at a 
temperature below M, by slight vibrations. 

3) Susceptibility to vibration-induced transfor- 
mation is a maximum at a temperature of —140 to 
—160°C. 

4) The initiation of the martensitic transforma- 
tion isothermally in 28.6 pct nickel-iron particles 
under quiescent conditions occurs at an immeasur- 
ably small rate. An alloy having a higher M, tem- 
perature is required for studies of thermal nuclea- 
tion of martensite in this system. 
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Crystallographic Orientation Relationship Between 
Ni and Ni Oxide and Between Co and Co Oxide — 


Oxidized cobalt powder is known to have a magnetic hysteresis loop which is asym- 
metric with respect to the magnetization axis. The experiment described herein shows 
that the orientation relationship between the basal plane of hexagonal cobalt and the 


oxide which forms upon it at 400°C is 


{111 doxtae/ / {00.1 


This orientation relationship allows a magnetic interaction between the antiferromagnetic 
oxide and the ferromagnetic substrate which could account for the offset hysteresis loop. 
Oxidized nickel powder has a symmetrical hysteresis loop and so is apparently not in- 
fluenced by any magnetic interaction between metal and oxide. The orientation of the 
oxide (cubic) was found to be identical with that of the nickel substrate when the oxide 
forms on a polished surface parallel with {111} Ni. 


by J. B. Newkirk and W. G. Martin 


N 1956 W. H. Meiklejohn and C. P. Bean dis- 

covered that fine particles of cobalt which had 
been prepared in a certain way have a magnetic 
hysteresis loop which in a strong field is asymmetric 
relative to the magnetization axis.’ The cobalt pow- 
der exhibited this unusual magnetic property only 
after it had been oxidized in air or oxygen; it lost 
the shifted hysteresis loop when the oxide was re- 
duced in hydrogen. X-ray and neutron diffraction’ 
experiments showed the presence of cobaltous oxide 
(CoO) and hexagonal cobalt in samples exhibiting 
the biased hysteresis loop and specifically showed 
no indication of any other compound with the ex- 
ception of mercuric oxide.* The magnetic hysteresis 


* The mercuric oxide is a residue of the powder preparation 
method and is thought to have no magnetic effect. 


loop becomes symmetrical above the Neél tempera- 
ture (paramagnetic state) of CoO. Therefore, it was 
concluded that the anomalous magnetic behavior is 
associated with the influence of cobaltous oxide 
upon the metallic cobalt. 

It has been proposed that crystallographic co- 
herency may exist between the cobalt and a plane 
of some antiferromagnetic material which has un- 
balanced spin distribution and sufficient magnetic 
anisotropy to hold its spin in the direction which 
existed when the specimen was cooled. CoO has 
these properties. Therefore, Roth’ has suggested that 
cobaltous oxide may form with a {111} plane paral- 
lel and coherent with the basal plane of the hexa- 
gonal cobalt metal and proposed that, as conse- 
quence of the antiferromagnetic interaction between 
CoO and the underlying cobalt, the magnetization 
direction in oxidized fine Co particles may be ro- 
tated from the easy c-direction.’ Such a relationship, 
he proposed, would explain the observed magnetic 
effect in oxidized cobalt powder. 

The main purpose of this study was to determine 
the orientation relationship, if any, between the 
basal plane of cobalt and the oxide which forms 
upon it. Attempts to produce a film of CoO which 
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was strong enough to be handled were not success- 
ful. However we did succeed in making a film of 
CoCo.0, which was strong enough to be removed 
from the cobalt substrate and mounted on an elec- 
tron-microscope grid. Because of the close struc- 
tural similarity of CoO and CoCo.O, we believe the 
orientation relation found for CoCo.O, on cobalt 
probably also holds for CoO on cobalt. 

The epitaxial relationship of NiO and Ni also was 
investigated. To date no shifted hysteresis loop has 
been observed with nickel powder. However, the 
similarity of atomic array in cobalt and nickel leads 
to the prediction that a {111} of NiO may be 
parallel with a {111} of nickel. 


Experimental Method 


Cobalt-Cobalt Oxide—A coarse-grained specimen 
of a (hexagonal) cobalt was prepared by allowing 
a large crystal of fec cobalt to transform slowly at 
400°C. The crystal was then cut to expose a surface 
parallel with the basal plane. A back reflection 
Laue X-ray photograph showed that the 00.1 plane 
was within 2° of the cut surface. The surface was 
mechanically polished and then electropolished in 
85 pct orthophosphoric acid after which the crystal 
was held for 30 min at 400°C in air. During this 
heat-treatment the surface darkened slightly due to 
the oxide film which formed. 

_ The film was not thick enough to give an X-ray 
diffraction pattern, even by a glancing-angle tech- 
nique. Glancing-angle electron diffraction was not 
possible either, owing to the interference of the 
electron beam with the high magnetic fields which 
exist at the 00.1 surface of the cobalt. However, it 
was possible to make an electron-diffraction photo- 
graph of the oxide film by stripping it from the co- 
balt substrate using the method described later. By 
maintaining reference marks carefully, it was pos- 
sible to preserve the orientation relationship be- 
tween the stripped film and the substrate on which 
it was formed. 

The oxidized surface of the crystal was first 
covered with a 1 pct solution of collodion (cellulose 
nitrate) in amyl acetate. When the film was dry, 
small rectangles were scored on the surface with a 
needle point. The specimen was then repolished 
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Fig 1—Sequence of photographs showing that {111}cocos0,//{00.1}co and <110>cocos0,//<11.0>>co. Relative orientation of 


oxide and metal substrate is maintained in a to f. a) Photomacrograph of coarse-grained Co specimen. X5. Reduced approxi- 
mately 32 pct for reproduction. b) X-ray back reflection Laue photograph; c) oxide film removed from specimen surface; d) 
transmission electron-diffraction micrograph of preceding film; e) transmission electron-diffraction photograph; f) analysis of 


preceding diffraction photograph. 


electrolytically in phosphoric-acid solution for 3 
min at 1-% volts, after which treatment the collo- 
dion-backed oxide film could be floated from the 
metal surface with hot water. The individual films 
having characteristic shape were then picked up on 
a fine copper grid for further study by electron mi- 
eroscopy and diffraction. The orientation relation- 
ship between the oxide and its substrate in the plane 
of the surface could be retained through the shapes 
of the oxide patches and characteristic matching 
marks on the metal. The sequence of steps in which 
a reference direction was maintained from the orig- 
inal cobalt crystal to the final identification of the 
oxide film is given in Fig. 1 (a-f). The diffraction 
spots in Fig. 1(e) can be indexed according to the 
diagram in Fig. 1(f). Observed d-values for this 
pattern and those for cobalt oxides calculated from 
X-ray diffraction observations are given in Table I. 

At X10,000 the film appeared to contain resolved 
granules of irregular shape. 

Nickel-Nickel Oxide—The test for orientation re- 
lationship between Ni and its oxides was similar to 
that applied for cobalt-cobalt oxide. A nickel crystal 
was cut to expose a {111} plane parallel with the cut 
surface. This surface was electropolished and then 
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the crystal was oxidized for 30 min at 400°C in air. 
The oxide coating which formed was covered with 
collodion and was scribed into characteristically 
shaped patches to facilitate removal and to aid in 
later identification of reference directions. After 
considerable experimenting, it was found that the 
nickel-oxide film could be removed from the metal 
base by soaking the crystal about 16 hr in a satu- 
rated solution of iodine in ethyl alcohol. The small 
films found floating in the solution were then picked 
up on a copper grid and were washed thoroughly 
in alcohol. The orientation relation in the surface 
plane was maintained in the same manner as for 
cobalt-cobalt oxide. 

The electron-diffraction pattern with a <110>n: 
direction identified is shown in Fig. 2. The d-values 
corresponding to the observed diffracted rays re- 
corded in Fig. 2 are given in Table II. 


Discussion of Results 
Crystal Structures of Cobalt, Nickel and Their 
Oxides—The a form of cobalt has a hexagonal close- 
packed structure with a= 2.514A and c= 4.105A 
at room temperature. The basal plane, therefore, 
presents a hexagonal array of atomic sites. Ni, hav- 
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Table I. Comparison of Observed d-Values with those Determined from X-Ray Measurements 


Observed Values 
From Electron- 


d-Values Obtained From X-ray Measurements” 


Diffraction Plates Co203 CoO 
d (A) I d (A) I hkl d (A) I hkl d (A) if hkl 
c= 4.68 8 111 21 90 10.1 2.45 67 111 
4.062 vw — 200 87 100 00.2 2.12 100 200 
2.817 M 2.86 20 220 .33 100 10.2 1.50 100 220 
2.430 Ss 2.43 100 311 -78 100 11.2 1.28 40 311 
Diffuse Vw 2.34 222 63 90 20.2 1.23 40 222 
1.987 M 2.02 13 400 OT 50 21.0 1.06 10 400 
331 39 90 22.1 0.98 10 331 
1.806 WwW — 420 0.95 30 420 
1.627 Vw 1.65 4 422 0.87 20 422 
1.537 M 1.56 25 333 0.82 7 333 
1.409 Ss 1.43 30 440 
1.348 
1.265 Vw 1.24 2 533 
1.217 1.22 
1.119 1.08 1 
1.058 1.06 4 
1.036 1.01 1 
0.996 
0.945 


N 
o 


= 0.05833. 
L = 52.15 cm = sample to plate distance. 
« Data taken from ASTM crystallographic card-index file. 


ing a face-centered cubic lattice with a, = 3.524A, 
contains {111} planes made up of hexagons with 
Ni atoms at the centers and corners. 

CoO and NiO have the NaCl-type structures as 
shown in Fig. 3. This structure can be described as 
alternate layers of oxygen and metal atoms which 
are arranged in hexagons with interatomic spacing 
a,/\/2. The layers are parallel with {111} planes of 
the cubic lattice. Co,;0., more commonly written 
CoCo.0,, has the spinel type structure shown in Fig. 
4(a). Certain {111} planes of this structure, Fig. 
4(b), also contain atom sites in hexagonal array 
with the interatomic distance 2.865A. 

The interatomic distances in the planes with hex- 
agonal symmetry are summarized in Table III for 
Co, Ni, NiO, and CoCo,.O,. Also listed are the dis- 
registries between the unstrained oxides and their 
metal substrates, calculated on the basis of room- 
temperature parameters. Since the lattice constants 
of the oxide at 400°C are not known, it is assumed 
for simplicity that the expansion coefficients of the 
metals and their oxides are the same and the dis- 
registries, calculated for coherency at room temper- 
ature, also apply at 400°C where the specimens used 
for this diffraction study were oxidized. 


Fig. 2—Transmission electron-diffraction photograph of NiO 
film. 
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Fig. 3—Crystal 
structure of CoO 
and NiO (NaCl 
type). 


@ METAL ATOMS 
© _ OXYGEN ATOMS 


The observed diffraction patterns of both the co- 
balt and the nickel oxides are made up of rings, 
some of which have regular intensity maxima in 
certain locations. This indicates that part of the 
oxide is randomly oriented and part has a preferred 
orientation. The preferred orientation conforms 
with that dictated by the criterion of least disregis- 
try of low-index conjugate planes as predicted by 


Table Il. Comparison of Observed d-Values with those Calculated 
from X-ray Measurements of a Nickel-Oxide Specimen 


Observed Values 
From Electron- 


Diffraction Plate X-Ray Diffraction Data® 


d (A) I d (A) I hkl 
2.383 M 2.410 91 111 
2.056 M 2.088 100 200 
1.463 Ss 1.476 57 220 
1.253 MW 1.259 16 311 
1.198 MW 1.206 13 222 
0.956 M 0.958 7 331 
0.924 M 0.9338 21 420 
0.848 M 0.852 15 422 
0.803 WwW 0.804 ¥f 511 


«Data taken from ASTM card file. 
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Fig. 4—(a) Crystal structure of CoCo:O; spinel. (b) Same as (a), but oriented to emphasize a {111} plane. 


Table Ill. Comparison of Interatomic Distances in the 
__Close-Packed Planes of Co, Ni and their Oxides 


(00.1)co (111)nNi (111)coo (111)Nio (111) c000,0, 


Interatomic -dis- 
tance, A 2.51 2.49 3.00 2.95 2.87 


Percent disregis- 


16.1 15.6 12.3 
strate 
Roth, Le, {Lit} and 


O55: 

Several attempts were made to produce a surface 
layer of CoO which could be identified as such. 
However, it was necessary to oxidize the metal at 
a temperature at least as high as 400°C in order to 
form an oxide layer thick enough to handle within 
a reasonable time period. The diffraction patterns 
obtained from films formed at this temperature in- 
variably corresponded to that of CoCo,O, and not 
to CoO (Table I). Even the conditions specified by 
Phelps et al,® for producing CoO gave an oxide 
whose diffraction pattern is clearly identified with 
the spinel structure of CoCo.O,. It is possible that 
an unobserved thin layer of perhaps isolated but 
oriented particles of CoO normally form between 
Co and CoCo.O,. A polyphased oxide-layer structure 
is frequently seen on metals which are heated in an 
excess of oxygen. The compositions of the phases 
become richer in metal atoms as the metal-oxide 
interface is approached. Thus the outside oxide may 
be the oxygen-rich CoCo,O, phase while the oxide 
next to the metal has the CoO structure which is 
relatively richer in metal. The underlying CoO 
would provide the antiferromagnetic material in the 
orientation needed by the current theory to explain 
the offset magnetic-hysteresis loop. In any case, the 
structures of CoO and CoCo.Q, are so similar that it 
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is probably justified to assume that the orientation 
relation which has been found between Co and 
CoCo,O, also exists for Co and CoO. 


Summary and Conclusions 

A, crystal of hexagonal cobalt, cut to expose a 
surface parallel with the crystallographic basal 
plane, was oxidized for 30 min in air at 400°C. The 
oxide could be observed by means of transmission 
electron diffraction of the removed film and was 
found to have the structure of CoCo.,O,. Some of the 
oxide was oriented at random and some had a defi- 
nite preferred orientation which was identified as 


{111} {00.1 


A crystal of Ni was cut to expose a surface paral- 
lel with a {111} plane. This surface was then elec- 
tropolished and oxidized at 400°C. The oxide had 
the structure of NiO, some of which was oriented 
at random but most had an orientation identical 
with that of the Ni substrate. The preferred orienta- 
tion was identical with that found for NiO on a 
{111} surface of Ni by Lawless, et al." 


Acknowledgments 


The authors have had valuable discussions with 
W. H. Meiklejohn regarding the theory of magnetic 
interaction between the metals nickel and cobalt 
and their oxides. The electron-diffraction photo- 
graphs were made by E. Alessandrini and R. Skoda. 


References 


1W. H. Meiklejohn and C. P. Bean: Physical Review, February 1, 
1957, vol. 105, pp. 904-913. 
2W. L. Roth: Private communication. 
3R. T. Phelps, E. A. Gulbransen, and J. W. Hickman: Industrial 
pee engineer ig Chemistry, Anal. Ed., 1946, vol. 18, pp. 391-400. 
. R. Lawless, F. W. Young, Jr., and A. Ty. Gwanthmey: Journal 
ay Chine Physique, 1956, vol. 53, pp. 667-674. 


Discussion of this paper sent (2 copies) to AIME by Aug. 1, 1958, 
will appear in AIME Transactions, Vol. 212, 1958. 


JUNE 1958—401 


A Boron Steel for Deep Drawing 


Boron has been used to produce nonaging low-carbon sheet steel. Retention of the 
necessary minimum amount of about 0.006 pct partially killed the steel. Amounts Se 
ing about 0.012 pct increased the degree of deoxidation, piping tendencies, and possibil- 


ity of hot tearing in primary rolling. Semik 


illed practice resulted in good ingot yields and 


satisfactory surface quality. Aluminum added with the boron provided a protective de- 
oxidizer. Good drawability was indicated by performances of the steel in a limited num- 


ber of deep-drawing trials. Some problems wit 


h hot-tearing and boron-analysis procedures 


were overcome. Metallographically, the boron semikilled steels revealed some structures 


not usually found in plain low-carbon steels. 


by L. R. Shoenberger 


N 1943 Low and Gensamer’ reported that strain 

aging, which hardens and embrittles ordinary 
low-carbon rimmed steel, was due to nitrogen and 
carbon, and that oxygen played a relatively unim- 
portant role. Since then, many investigators have 
substantiated their findings and indicated that nitro- 
gen is particularly potent. 

Commercially, today’s most widely produced non- 
aging sheet steels for deep drawing are either alu- 
minum killed or vanadium rimmed types. The dif- 
ference in deoxidation practice, alone, is evidence 
that oxygen is apparently not an important consid- 
eration in control of strain aging. The fact that ni- 
trogen is important is apparent in the consideration 
that has been given, knowingly or unknowingly, to 
the amount combined with aluminum and vana- 
dium. Patents were granted to Hayes and Griffis’ for 
the processing of aluminum-killed steel, and to Ep- 
stein® for the manufacture of vanadium rimmed ma- 
terial. Certain prescribed steps in producing these 
steels can be correlated with the formation of the 
respective nitrides within certain temperature 
ranges below the usual hot-finishing temperatures. 
The potential nonaging properties of either type can 
be reduced or suppressed by cooling too rapidly to 
permit the aluminum or vanadium to combine with 
nitrogen. Subsequent subcritical annealing of the 
cold-rolled strip, however, normally forms the ni- 
trides and produces the resistance to strain aging. 

Titanium-killed nonaging steel, described by 
Comstock,’ forms a nitride in the molten state and is 
essentially nonaging throughout its processing. Zir- 
conium-killed steel, which was investigated briefly 
by the author,* appeared to have similar nitride- 


* Unpublished work. 


forming characteristics. It is known’ that chromium 
can produce nonaging rimmed steel, but relatively 
little is known of the potentialities of some of the 
other nitride-forming elements such as boron, sili- 
con, columbium, and cerium. 

In attempting to develop a new nonaging cold- 
rolled sheet steel with good drawability, the follow- 
ing factors were considered pertinent. Such a steel 
would necessarily have a low carbon content and 
therefore have a relatively high degree of oxidation 
when made in a basic open-hearth furnace. If the 
denitriding element were also a deoxidizer, a part 
of the addition would be lost as oxide. The degree 
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of deoxidation would determine whether the steel is 
rimmed, semikilled or killed, and also could be ex- 
pected to have an important bearing on ingot yields 
and ultimate surface quality. 

Assuming that the pattern for the production of 
cold-rolled sheets would not be changed to any 
great extent, the nitride must form in the molten 
steel, in hot rolling, in subsequent cooling, or in 
annealing. The nitride, once formed, should resist 
dissociation and be stable in the final product. Usu- 
ally an excess of the nitride-forming element is re- 
quired to combine with sufficient nitrogen. If the 
element used is a strong ferrite strengthener, a small 
excess may markedly decrease drawability. With 
aluminum and vanadium, about 0.03 to 0.05 pct in 
the steel is preferred. Epstein has said’ that about 
0.30 pet chromium is required. Titanium nonaging 
steels are hard unless a sufficient amount (about 
0.30 pct) is added also to combine with the carbon. 
The cost of the necessary amounts of these latter 
two elements discourages commercial acceptance. 

Silicon was considered as a possible nitride 
former, but since amounts up to 0.10 pct in rimmed 
and semikilled steels do not induce marked resist- 
ance to strain aging, larger amounts are apparently 
required, which would tend to harden and strengthen 
the ferrite. Of the other elements mentioned, all but 
boron are expensive heavy-metal elements. Stoichi- 
ometrically, almost an equal weight of boron would 
be required to combine with the nitrogen—ordi- 
narily about 0.003 to 0.006 pct in scrap-practice 
open-hearth steels. Boron is a slightly stronger de- 
oxidizer than carbon but is less powerful than zir- 
conium, aluminum, or titanium. Thus a rimmed- 
steel practice might be possible. There is much in 
the technical literature concerning the hardenability 
effects of minute amounts of boron in killed steels 
but very little about its behavior in low-carbon ma- 
terial—particularly as a ferrite strengthener. The 
available data indicated a need for better informa- 
tion concerning the effects of boron in low-carbon 
strip steels. 

Experimental Work 

Development of a Boron-Treated Nonaging Strip 
Steel—Initial attempts to produce a boron-rimmed 
strip steel employed 3-ton basic open-hearth heats 
which could be teemed into molds large enough to 
sustain a normal rimming action. Boron as ferro- 
boron was added to the ladle in small amounts be- 
cause of the reported hot-short character of alumi- 
num-killed heat-treating grades containing more 
than. about 0.005 pct boron. Actually, the amounts 
used, i.e., ¥% and % lb per ton, would be large for 
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an aluminum-killed steel but were considered small 
in these experimental heats, since these quantities 
were expected both to deoxidize the steel and pro- 
duce nonaging characteristics under conditions 
where the efficiency of the ferroboron addition was 
unknown. When these attempts failed to produce a 
nonaging sheet steel, apparently because the boron 
was depleted by oxide formation, % lb per ton was 
tried. One of these heats which rimmed only slug- 
gishly proved to be nonaging. Further attempts to 
duplicate the heat, however, gave erratic results. 
When rimming action was good the steel aged. 

At this point, a slightly larger amount of boron 
with a portion as ferroboron in aluminum cups was 
tried to make a boron semikilled steel of somewhat 
lower carbon (0.04 pct) than that previously used. 
The cold-rolled sheets were nonaging and excep- 
tionally soft despite the relatively small ferrite 
grain size. The ductility of the material proven to be 
satisfactory in a number of deep-drawing trials. 

In making additional heats the variation in degree 
of oxidation in such low-carbon steel caused diffi- 
culty. After the ladle addition of ferroboron and 
aluminum, only less than about % lb per ton of 
aluminum could be added to the mold to produce 
the desired semikilled ingots with convex tops. If 
more was required to prevent mold action it was an 
indication that the boron had been depleted by de- 
oxidation. Increased carbon content produced harder 


steels. A tentative boron-aluminum practice was 
then set up and 40-ton pilot heats were made to es- 
tablish the most effective steel-making procedure. 
The base analysis specified was C 0.03-0.05 pet; Mn 
0.22-0.32 pct; P 0.01 pct max; S 0.025 pct max. A 
major part of the pilot heats had ladle additions of 
%4 lb per ton boron as 17 pct ferroboron plus % lb 
per ton of aluminum. Aluminum shot was added as 
required to produce convex ingot tops. 

Altogether, twelve 3-ton heats were made in a 
basic-open-hearth furnace at the Research Labora- 
tory and twenty 40-ton heats were made in a simi- 
lar mill furnace. Many of these represented inten- 
tional variations in deoxidation practice or analysis. 
In the initial attempts difficulties were encountered 
in semikilling heats with mold additions alone. Cal- 
cium boride was tried in place of ferroboron, but 
proved a difficult addition because the particles were 
small and the material had a low density. Better re- 
sults were obtained by impelling particles into the 
pouring stream while teeming. Eventually it was 
found that the efficiency of a boron mold addition 
was roughly three times that of a ladle addition. 

Chemistry—Aluminum contents were normally 
under 0.010 pct. Analytically, however, it was diffi- 
cult to determine the amount of boron in the steels 
produced. At the time, the laboratory was not 
equipped to make accurate boron determinations by 
wet methods. The standard spectrographic procedure 
proved unsatisfactory for such low-carbon material. 
A modified spectrographic procedure was developed, 
however, which gave reproducible relative results 
and was used during most of the experimental work. 
Later a standard wet-analysis method was employed 
to determine the boron in some of the 40-ton heats. 
Comparisons indicated that values determined by the 
wet method were usually about 0.002 to 0.003 pct 
higher than those by spectrographic means. 

Acid-soluble-nitrogen analyses by the conven- 
tional micro-kjeldahl method of the nonaging steels 
gave results of 0.003 pct or less, which was at least 
half of the total amount present. This indicated a 
large proportion of the nitrogen was combined as 
an acid-insoluble nitride. There was also evidence 
that a small part of the nitrogen would combine with 
some of the residual aluminum. 

Fig. 1 shows a plot of boron values from various 
heats made and indicates that a minimum boron 
content of about 0.006 pct is required. 

Processing—Boron semikilled ingots are now 
slabbed without difficulty, but at first, hot shortness 


Table I. Mechanical Properties of Some Typical Boron Strip Steels 


YP or Est ; Yield Total Unif Hardness Olsen Avg Total 
Heat Prop Lim, Psi Ult Str, Psi Elong, In. Elong, Pct Elong, Pct Re Cup, In. Gage, In. Boron, Pct 
Hot Rolled 
A 32,100 47,400 0.024 39 
B 32,400 46,700 0.036 34.5 23 49 — 0.104 0.007 
31,000 47,700 0.035 36 23 0.090 0.008 
D 31,700 46,800 0.032 37 23 as 0.111 0.0075 
E 32,200 46,800 0.025 39.5 25 ae 0.113 0.007 
A 26,400 39,500 0.060 42, 
B 29,600 40,600 0.065 39.5 27 —_ 0.036 Ghee 
Cc 30,200 42,400 0.080 39.5 26 40 0.046 
D 29,200 40,900 0.090 45 31 
E 29,400 40,900 0.095 43 30 — 0. ; 
0 40,800 0 42 27 
B eeaoH 42,400 0 38.5 27 34 0.440 0.036 0 ads 
(S 22,500 41,700 0.005 40 27 28 0.465 0.041 0. eae 
D 25,500 42,200 0 41 27 35 0.490 0.048 0.0! 
E 24/400 41,200 0 42 28 36 0.485 0.048 0.007 


* Early experimental heat. Boron analysis results considered unreliable. 
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Fig. 2—Relative hardenabilities of some boron semikilled 
heats. Average total boron content (pct): Heat 311739, 
0.0087; Heat 311742, 0.0048: Heat 311966, 0.0075; Heat, 
311967, 0.007. 


was encountered in rolling some of the ingots into 
slabs. Large deep tears were scattered over surfaces 
and edges of slabs rolled from various heats. The 
condition was particularly severe in heats with rela- 
tively high boron contents (up to 1 lb boron per ton 
was tried). Some steels with heavy mold additions of 
ferroboron that apparently segregated to about .03% 
also were torn badly. Later, however, when the in- 
creased efficiency of boron as mold addition was re- 
alized, ingots were treated successfully with “gun” 
additions of calcium-boride particles or ferroboron 
with aluminum. 

The tearing tendency caused by possible hot short- 
ness was avoided by decreasing soaking-pit temper- 
atures to about 2300°F. At no time was the condi- 
tion found after reheating slabs for hot-strip rolling. 
This follows, since reheating temperatures seldom 
exceed 2300°F. Investigation indicated that a liquid- 
boron phase was formed at the higher temperatures 
normally used for slabbing low-carbon steel, par- 
ticularly when boron content is relatively high. 

The slabs were hot rolled to various thicknesses 
from 0.070 to 0.100 in. and then cold reduced to 18 


steel. Equiaxed ferrite structure is indistinguishable from 
ordinary low-carbon rimmed or semikilled steel at this mag- 
nification. Ferrite grain size normally ranges from 6 to 8 by 
ASTM standards. Nital etch. X100. Reduced approximately 
28 pct for reproduction. 
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and 20-gage 0.0478 to 0.0359 in. material. Accord- 
ing to hot tensile tests the hot-rolled boron semi- 
killed strip was nonaging whether it was spray 
cooled or hot coiled. This indicated a relatively high ; 
temperature of nitride formation, since spray cooling - 
in both aluminum killed and vanadium rimmed 
steels tends to suppress the formation of nitrides. 

Since spray cooling to about 1100°F coiling tem- 
perature minimizes scale formation and hence per- 
mits faster acid pickling this practice was generally 
used, although later metallographic work indicated 
a slightly higher coiling temperature might produce 
a softer final product. 

The boron strip steels were cold reduced 50 to 
60 pct and subcritically box annealed in the same 
manner as ordinary deep-drawing steels. Temper 
rolling 3% to 1% pct removed the yield point in the 
annealed coils without appreciable work hardening. 
The incidence of surface defects was generally nor- 
mal for a low-carbon semikilled steel. 

Mechanical Properties—Table I shows the me- 
chanical properties of some experimental heats of 
boron semikilled strip steel which were considered 
properly teemed and of a desirable composition. The 
exceptional softness and ductility of the final product 
is apparent. A similar effect of softening by boron 
has been reported by Crafts and Chadwick* in low- 
carbon steels treated with silicon and boron. 

The strain aging of cold-rolled boron strip steels 
was evaluated by strain line testing’ after acceler- 
ated aging in a gradient furnace. Boron semikilled 
steel was nonaging from the standpoint of being sta- 
ble in extended storage of deep-drawing sheets at 
ambient temperatures before fabrication. In general, 
test values of 300 to 400°F were obtained, which is 
above the 200 to 300°F range generally considered 
the transition from aging to nonaging-type sheet 
steels. 

The relative hardenabilities of various boron strip- 
steel heats were determined from plots of Rockwell 
B hardness values obtained in testing end-quenched 
L-bar Jominy specimens, Fig. 2. At the hard end, 
values of 90 to 100 Rs were often observed in the 
boron steels, but similar positions rarely exceeded 
80 Rg in ordinary strip steels. This also proved to be 
true of heats that were treated unsuccessfully with 
boron, and thereby provided a means of determining 


Fig. 4—Microstructure of hot-rolled boron strip cooled by 
runout-table sprays. lron-carbide platelets appeared within 
the grains of rapidly cooled ferrite. Nital etch. X1000. Re- 
duced approximately 28 pct for reproduction. 
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Fig. 5—Microstructure of hot-rolled boron strip cooled rela- 
tively slowly. Iron-boride chains often appear within the 
ferrite grains, probably as a result of precipitation at prior 
austenite grain boundaries. Nital etch. X1000. Reduced ap- 
proximately 28 pct for reproduction. 


the adequacy of the addition, since only those heats 
with relatively high hardenability in slab samples 
developed nonaging characteristics. 

Successful boron treatment of low-carbon steel 
that resulted in nonaging steel also produced a defi- 
nite increase in hardenability. Untreated low-carbon 
steel or one in which insufficient boron was recov- 
ered had lower Rg hardenability such as that repre- 
sented by heat 311742. In these instances boron con- 
tent was less than 0.006 pct. 

Metallography—Typically, the microstructures of 
cold-rolled and annealed boron strip steel showed 
relatively small ferrite grain—about No. 7 or 8 
size by the ASTM standards, Fig. 3. There was little 
to distinguish the structure from that of ordinary 
annealed low-carbon strip steel, except possibly a 
tendency to contain slightly more finely divided 
inclusions. 

Metallographic studies indicated that many of 
these particles were iron borides scattered by the 
cold working and probably unaffected by the sub- 
critical anneal. In the hot-rolled strip it was pos- 
sible to develop iron-carbide needles by fast spray 


Fig. 6—Microstructure of boron semikilled slab steel. Slowly 
cooled low-carbon steel frequently produces cementite in 
grain boundaries and partially enveloping pearlite colonies. 
Photomicrograph also shows iron borides formed next to non- 
metallic inclusions. The borides are attacked rapidly by nital 
etchants. Nital etch. X1000. Reduced approximately 16 pct 
for reproduction. 
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cooling, Fig. 4, or iron-boride patterns when cooling 
was slow, Fig. 5. These patterns at X1000 were 
chains of minute inclusions apparently precipitated 
at the former austenite grain boundaries and ap- 
peared mainly through the centers of the subsequent 
ferrite grains. For best results in the final product 
it seemed that both conditions should be avoided by 
an intermediate degree of cooling after hot-strip 
rolling. 

In slow-cooled slab samples, the boride chains 
were larger and easily identified. They apparently 
were deposited in prior austenite grain boundaries 
and proved good indications that the steel would be 
nonaging in its final state. No boron-nitride inclu- 
sions have yet been identified as such in these low- 
carbon steels. The pearlite colonies in slab samples 
were frequently contained partly by carbide en- 
velopes, Fig. 6. 

Summary 

Approximately 2/3 to 3/4 lb per ton of boron as 
ferroboron or calcium boride was used as a ladle 
addition to produce nonaging semikilled sheet steel 
of low carbon content for deep drawing. The semi- 
killed practice was improved by using about % lb 
per ton aluminum as a protective deoxidizer. The 
resultant steel contained 0.006 to 0.012 pct boron. 
Steel with a lesser boron content usually strain 
aged. Larger boron contents showed increasing pip- 
ing and hot-tearing tendencies, although there was 
no evidence that excessive boron appreciably hard- 
ened the ferrite. 

Processing of the boron semikilled slabs gener- 
ally paralleled that of ordinary rimmed steel. The 
sheet product was essentially nonaging and pos- 
sessed mechanical properties favorable to deep 
drawing. 

Metallographic work indicated that the boron 
steel contained numerous fine iron-boride particles 
well dispersed by hot-strip rolling and apparently 
not harmful to the drawing characteristics. Slab- 
steel samples showed evidence of iron-boride pre- 
cipitation in austenite grain boundaries. This was 
found to be an indication of effective boron treat- 
ment. Another indication of successful treatment 
was a markedly increased hardenability when boron 
content was sufficient eventually to produce non- 
aging characteristics. 
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Work-Hardening in the Latent Slip Directions 
of Alpha Brass During Easy Glide 


Stress-strain curves were obtained for single crystals of alpha brass in tension and in direct 
shear. Specimens were strained various amounts in a given slip direction, unloaded, and immediately 
strained in a second slip direction 60°, 120°, or 180° from the original slip direction. Crystals 
strained in tension and direct shear had comparable critical resolved shear stresses and stress-strain 
curves. The density of slip lines in direct shear and in tension was essentially the same. The stress- 
strain curves obtained in shear were independent of initial orientation, choice of {111} slip plane, 
choice of <110> slip direction, prior annealing temperature, and rate of cooling after annealing. 
There was no recovery after annealing for 4 hr at room temperature or 200°C; recovery was observed 
after 4 hr at 400°C. The crystals showed no asterism and mechanical properties were completely re- 
coverable up to 20 pct strain. It was found that there is a barrier to slip in all latent close-packed 
directions, and that the magnitude of these barriers, evaluated at 3 pct strain, is proportional to prior 
strain and independent of the choice of latent direction in the {111} plane. The formation of Cottrell- 
Lomer barriers is discussed as a possible explanation for the hardening of the latent systems. 


by W. L. Phillips, Jr., and W. D. Robertson 


N idealized concept of plastic deformation indi- 

cates that a single crystal should yield at some 
stress that is dependent on crystal perfection and it 
should then continue to deform plastically by the 
process of “easy glide,’ which is characterized by a 
linear stress-strain curve and a low coefficient, 
do/dE, of work-hardening. Hexagonal metal crys- 
tals generally conform to this ideal concept of lami- 
nar flow. In face-centered cubic metals the range of 
easy glide is always restricted in magnitude and it 
is strongly dependent on orientation, composition, 
crystal size, shape, surface preparation, and temper- 
ature. Since one of the principal differences between 
the two crystal systems, both of which deform by 
slip on close-packed planes, is the existence of sec- 
ondary (latent) slip planes in the face-centered 
cubic crystals, it has been proposed that the trans- 
ition from easy glide to turbulent flow, characterized 
by rapid linear hardening, is due to slip on second- 
ary planes intersecting the primary plane.** How- 
ever, the characteristic differences between indi- 
vidual face-centered cubic metals remain to be 
explained; in particular, it is not clear why the 
range of easy glide should vary so greatly in differ- 
ent metals and alloys similarly oriented for single 
slip. 

An investigation and comparison of different 
metals with respect to latent hardening on the pri- 
mary slip plane should provide some of the in- 
formation required to specify the necessary and 
sufficient conditions governing the transition from 
easy glide to turbulent flow. But, in order to ac- 
complish this purpose, plastic strain must be pro- 
duced by simple shear in a chosen plane and in a 
predetermined direction by some form of directed 
shear apparatus, the results of which must be corre- 
lated with the corresponding tension experiments. 
Two such experiments have been performed pre- 
viously with zinc and with aluminum. 

Edwards, Washburn, and Parker’ and Edwards 
and Washburn’ found that the strain-hardening co- 
efficients in two latent directions in the basal plane 
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of zinc were the same as in the primary direction. 
However, to initiate and propagate slip in either 
the [2110] or the [1210] direction, following primary 
slip in the [1120] direction, it was necessary to in- 
crease the stress above that required to continue 
slip in the primary direction; when the direction of 
shear was reversed 180 deg plastic strain began at 
a much lower stress than that required to initiate 
slip in the original direction and the stress to propa- 
gate slip in the reverse direction was lower than 
the stress to continue slip in the forward direction, 
indicating a permanent loss of strain-hardening. 

Rohm and Kochendorfer® observed softening in 
aluminum for all latent close-packed planes and 
directions. They also found that the critical resolved 
shear stress obtained from their direct shear ap- 
paratus was 50 pct lower than the value obtained 
from conventional tension tests, that the stress- 
strain curve was linear at 50 pct plastic strain, and 
that slip lines were not visible at strains less than 
30 pct. 

At present it is uncertain whether these diverse 
results correspond to real differences in work-hard- 
ening characteristics of the close-packed planes of 
aluminum and zinc or to differences in experimental 
technique. In view of Read’s analysis” of the stress 
distribution in the experimental arrangement of 
Rohm and Kochendorfer, there is some reason to 
question the significance of the latter results. In 
order to resolve this problem it is necessary to re- 
valuate the direct-shear technique and either re- 
peat the previous measurements or investigate a 
third system. The latter-choice seemed most likely 
to produce significant results with respect to work- 
hardening, and accordingly, it was decided to ex- 
amine the hardening characteristics of the latent 
slip directions in alpha-brass. The choice of alpha- 
brass was dictated by the fact that easy glide is 
more extensive in this alloy than in any other face- 
centered cubic metal or alloy and, presumably, 
more nearly like the idealized hexagonal system. 


Experimental Procedure 


Crystals were made in graphite by the Bridge- 
man method in the form of cylinders, % in. diam 
and 8 to 9 in. long. Material for the crystals was 
70/30 brass containing the following impurities: 


Transactions of The Metal- 
lurgical Society of AIME 


| 
| 


RODS 


‘ | SHEAR PLATES 


Lb 
= 


GUIDE RODS 


a b c 


Fig. 1—Front and side views, a and b, of apparatus used 
for testing crystals in direct shear and a schematic diagram, 
c, of strain-measuring assembly. 


0.015 pet Pb, 0.010 pct Fe, 0.020 pct Ni, 0.020 pct Sn, 
and 0.005 pet Se and Te. One crystal was analyzed 
over its entire length and the variation in zinc, from 
top to bottom, was 0.5 pet. The average analysis of 
all ten crystals used in this work was 72.08 pct + 
0.75 pct copper. Crystals were homogenized for 24 
hr to minimize transverse concentration gradients 
and, to prevent loss of zinc and oxidation, crystals 
were wrapped tightly in brass foil of the same com- 
position during heat-treatment. Following the an- 
neal, crystals were etched to the required size in 
nitric acid. 

After determining the orientation of a crystal 
with respect to a {111} plane by the Laue back- 
reflection X-ray technique, cylindrical collars of 
hard-brass tubing were cut at an angle to corres- 
pond with the trace of a selected plane. The two 
collars were placed over the ends of the crystal and 
held in position with Sauereisen cement cured at 
90°C, leaving a %-in. gap outlining the plane of 
shear. The gage length of the crystal was made as 
short as possible to obtain a ratio of maximum shear 
stress to maximum tensile stress of about 4°; the 
minimum length was defined by the precision with 
which the crystals could be oriented; a shorter gage 
length might have placed a slip plane in a position 
where it would be prevented from shearing by the 
brass collars. After a specimen was mounted in the 
grips its orientation was rechecked and in all cases 
it was within 4° of the desired orientation. 

The shearing apparatus, a modification of one 
used by Conrad and Robertson,” is shown in Fig. 1. 
Cylindrical crystals were held by the circular brass 
holders at the angle required to bring a particular 
plane of shear into the vertical position. The crystals 


Fig. 2—Original 
orientation of 
single crystals 
studied in shear 
and original and 
final orientations 
of crystals 8 and 
10 extended in 
tension. 
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were clamped in position by set screws passing 
through the circular holders and bearing on the 
collars cemented to the crystals. These holders could 
be rotated inside the shear plates to bring the de- 
sired slip direction into the direction of shear. These 
holders were held in place by set screws passing 
through the shear plates. The moving grip was con- 
strained to the plane of shear by four guide rods. 

Strain was measured by a 0.0001 in. dial gage 
actuated by the rod connected to the moving grip of 
the shear apparatus, Fig. lc. The strain sensitivity 
was approximately 4x10. 

Specimens were loaded at room temperature at a 
constant rate by a lever device designed by Reed- 
Hill.” The load was applied by pouring sand into a 
container at a constant rate of 0.065 lb per sec. 

Experiments in which crystals were strained in 
tension were made with a screw-type, Rheile ten- 
sile testing machine at an extension rate of 0.025 
ipm. To insure that the deformation was uniform 
along the gage length, specimens were examined by 
the back-reflection method at five different locations 
and all patterns agreed within the limits of the 
technique, about 2 deg. In most specimens the Laue 
patterns showed double diffraction spots character- 
istic of lineage structure with an angular spread not 
greater than 2 deg. 


Experimental Results 

Since the results of testing in direct shear are still 
open to question, the following experiments were 
made to determine the reproducibility and other 
characteristics of the procedure. Ten crystals were 
used and their orientations are shown in the stereo- 
graphic triangle of Fig. 2. 

Stress-strain curves for crystals of similar orien- 
tation, extended in direct shear and in tension, are 
shown in Fig. 3. Both the slope and the length of 
the easy glide range in tension and in shear are in 
good agreement and they compare favorably with 
independent work.” “ No significant asterism was 
observed up to 25 pct shear strain and both the posi- 
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Fig. 3—Stress-strain curves of brass crystals of similar 
orientation and composition extended at room temperature 
in tension and shear. 
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Fig. 4—Three successive stress-strain curves for the same 

specimen, No. 4, showing complete recovery of mechanical 

properties by annealing 4 hr at 720°C before each test. 
\ 


tion and sharpness of Laue reflection spots remained 
unaffected during easy glide. 

A virgin crystal, after a homogenizing anneal, was 
strained 20 pct in the [101] direction. This crystal 
was removed from the apparatus and annealed for 
4 hr at 720°C, after which it was sheared in the 


[101] direction, with the identical results shown in 
Fig. 4. The crystal was removed, annealed again and 
sheared in the [101] direction, with similar results. 
It is thus demonstrated that the original mechanical 
properties are completely recovered by annealing 
for 4 hr at 720°C and, accordingly, a large number 
of tests may be reproducibly performed on the same 
specimen. The absence of recrystallization indicates 
that a state of laminar flow was obtained. 

In view of a possible change in substructure and 
crystal perfection resulting from intermediate an- 
nealing, specimens were strained after cooling in the 
furnace from 720° and 800°C and after air-cooling 
and quenching at a slow rate in oil. All stress-strain 
curves were identical within the limits of repro- 
ducibility. 

Since Rohm and Kochendorfer*’ found a change 
of critical resolved shear stress as a function 
of orientation, three different crystals (1,2,3) 
were sheared on the four {111} planes and in the 
three <110> directions. All results are included in 
a band in Fig. 5, in which the differences between 
separate curves are not considered significant. Thus, 
as anticipated, neither orientation nor choice of slip 
plane in brass has any significance in direct shear. 

Reproducibility of the stress-strain curve in suc- 
cessive tests with the same, or different, crystals is 


4 0) 0) T T T 


« SPECIMEN (IIT) 
SPECIMEN (IIT) (iO) 


>» SPECIMEN (LIT) COND 
SPECIMEN #2 (IIT) 7 
SPECIMEN #2 (ITI) 
+ SPECIMEN «2 (ITT) 
SPECIMEN #2 (111) Lilo) 
SPECIMEN #3 (JIT) CiOl] 
SPECIMEN #3 (ITI) 


RESOLVED SHEAR STRESS — PSI 


04 08 M2 16 .20 
SHEAR STRAIN - IN/IN 


Fig. 5—Stress-strain curves of three specimens (1, 2, and 3) 
sheared on various {111} planes and in various <110> 
directions. 
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Table |. Critical Resolved Shear Stress of Alpha-Brass 
Single Crystals 


Average CRSS, 
Pet Cu Diam, In. Psi+Pct Investigators 
72.1 Shear Present work 


0.5000 1670 
0.5000 1740 
0.3933 1980 
0.3933 1870 
0.5000 1870 


Present work 

Masima and Sachs1é 
vonGoler and Sachs!7 
Maddin, Mathewson, and 


72.1 Tension 
73.0 Tension 
75.0 Tension 
71.0 Tension 


Hibbard 

71.0 Tension 0.5000 1990 Martin1* 

71.0 Tension 0.5000 1820 + 1.50 Fenn, Hibbard, and Lep- 
per 

71.2 Tension 0.5000 1750 Treuting and Brick” 

82.0 Tension 0.2186 1850 + 9.70 Jamison and Sherill#* 

71.5 Tension 0.2186 1960 + 9.47 Jamison and Sherill?1 


conservatively estimated at a maximum deviation 
of +2 pct. Comparison with previous determinations 
of the critical resolved shear stress, measured in 
tension, is shown in Table I. Again the agreement is 
satisfactory and within the limits associated with 
compositional variation and crystal perfection. 

In order to evaluate recovery phenomena, partic- 
ularly with regard to subsequent unloading and 
reloading measurements in different directions, 
specimen 9 was strained at room temperature and 
unloaded for four periods of 2 hr each. After an- 
nealing at 720°C the specimen was again strained at 
room temperature with intermediate anneals of 4 
hr each at 200°C and similarly at 400°C. It is clear 
from Fig. 6 that no measurable recovery occurred, 
either at room temperature or at 200°C; recovery 
begins after 4 hr at some temperature in excess of 
200°C. Obviously, the necessary time delays at room 
temperature, associated with changing slip direc- 
tions, have no effect on subsequent measurements. 

Every attempt to cause slip to take the twinning 
direction <112>, instead of the close-packed <110> 
direction was unsuccessful. The crystals, instead of 
twinning, bent at a high stress (3000 psi) allowing 
{111} planes, other than the one for which the crys- 
tal was oriented, to come into action. In accord with 
the observations of VanHorn and Mathewson” on 
copper, twinning in brass evidently cannot be pro- 
duced by shear at room temperature. 


Hardening in Latent Slip Directions 
In order to evaluate the hardening characteristics 
of latent slp directions, crystals were sheared dif- 
ferent amounts in a <110> direction, rotated 60, 120 
and 180 deg, and sheared again without an inter- 
mediate anneal. Typical results are shown in Figs. 7 
and 8 after initial strains of 3 and 4 pct, respectively 
It is evident that an increment in stress is re- 
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Fig. 6—Stress-strain curves for crystal 9, aged for 4 hr 
at 20°, 200° and 400°C at each of the points indicated. 
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Fig. 7—Three successive stress-strain curves for crystal 5 
showing effect of shifting slip direction during testing to a 
new direction 60° from original slip direction after a strain 
of 0.03 in original direction. Complete recovery of mechani- 
cal properties was achieved by an anneal of 4 hr at 720°C 
before each test. 


quired to continue straining in any one of the two 
latent slip directions and also in the reverse direc- 
tion. In order to determine whether successive in- 
crements are cumulative, a crystal (7) was sheared 
2 pct in one direction; the crystal was rotated 60° 
and sheared an additional 3 pct with the expected 
increment in stress. The crystal was then rotated 
back to the original direction and sheared another 
3.0 pct. The total increase in stress, Fig. 9, was the 
same amount that would have been observed if the 
crystal had been sheared 5 pct in the original direc- 
tion and then rotated to a new direction; similarly, 
the increment after the second rotation from 60° 
was the same as that previously observed when the 
crystal was strained 3 pct and then rotated. 

The results for all three directions are sum- 
marized in Fig. 10 where the increment in stress 
after 3 pct strain, following a rotation to a latent 
slip direction, is shown as a function of prior strain. 
It is clearly evident that the stress increment is 
proportional to the prior strain and independent of 
the direction of strain. 

Since Scholl” found a large difference between the 
latent hardening values of aluminum crystals 
strained first in tension and then in shear, and those 
strained in shear only, one crystal (8) was strained 
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Fig. 8—Stress-strain curves for crystals 6 and 7 showing 
effect of shifting slip direction 120° or 180°, respectively, 
from original slip direction after a strain of 0.041 in original 
direction. 
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Fig. 9—Stress-strain curve for crystal 9 showing effect of 
shifting slip direction during testing to a new direction 
60° from original direction and then shifting back to origi- 
nal direction after an additional shear of 0.031 in the 
second direction. 


5.3 pct in tension and then sheared along the active 
slip plane at 60° to the active slip direction. It is 
evident from the data in Fig. 10 that there is no 
significant difference between tension-shear and 
shear-shear experiments. 


Metallographic Observations 


Electropolished crystals were examined with a 
metallographic microscope in a plane normal to the 
shear direction, after increasing amounts of strain. 
Clustered slip lines were observed at a shear strain 
less than 1 pct. Fig. 11 is a sequence of typical ob- 
servations following direct shear and showing the 
clustering of slip lines that is characteristic of brass. 
With increasing shear strain new slip lines and nar- 
row clusters tend to form close to existing clusters 
until the entire gage length is filled with slip bands. 
As in tension experiments, easy glide ends when the 
gage length is filled with macroscopic slip bands, of 
which Fig. 11(e) is a typical example. Thus, in 
every respect, the present observations indicate that 
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Fig. 10—Increase in shear stress measured at a strain of 
0.03 as a result of shifting strain direction to a new direc- 
tion 60°, 120° or 180° from original slip direction. The cumu- 
lative point was obtained from Fig. 9. The tension-shear 
point was obtained by extending the specimen 0.0325 in 
tension and then shearing in a direction 60° to original 
slip direction. 
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Fig. 11—Appearance of slip clusters 
after direct shear of a), 0.017, b), 
0.078, c), 0.113, d), 0.165, e), 0.220. 
Easy glide ends at 0.27. X400 (re- 
duced approximately 25 pct for re- 
production). 


the microscopic features of deformation in direct 
shear are the same as in conventional tension ex- 
periments. 

Three types of cross slip were observed: ‘“‘Promi- 
nent” and ‘‘intimate’”” Fig. 12 (a and b), respec- 
tively; and the type Fig. 12 (c), first described by 
Cahn™ and subsequently observed in aluminum” and 
in brass,” which appears in the vicinity of etch pits 
and which Kuhlman-Wilsdorf and Wilsdorf have 
shown to be confined to the crystal surface. It was 
found that specimens cut from the same crystal and 
subjected to exactly the same treatment showed 
markedly different amounts of cross slip but, in all 
cases, the intimate type predominated. The inci- 
dence of cross slip did not vary significantly along 
the gage length and, in particular, it was not con- 
fined to the ends near the grips where it has been 
attributed to bending caused by constraints near 
the grips in tension experiments.” 

It was significant that, even in shear experiments, 
cross slip appears in the range of easy glide and at 
very small shear strains, Fig. 11(b); undoubtedly 
this type of slip is more prevalent than is indicated 
by these observations with an optical microscope. 
Conjugate slip was not observed under any circum- 
stances in the easy glide range. 

Metallographic observations by Parker and Wash- 
burn” have indicated that slip lines formed during 


Fig. 12—Three 
types of cross 

slip produced in 
shear; a) intimate, 
X400; b) promi- 
nent, X400; c) 
surface, X900. The 
shear strain is 
0.113, 0.165, and 
0.03, respectively. 
Reduced approxi- 
mately 19 pct for 
reproduction. 
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glide in the primary direction in zinc freqeuntly 
disappear during strain in the oposite direction. This 
was not observed in the present experiments with 
brass in which an identifying scratch was made on 
the crystal and successive pictures taken before 
and after two successive reversals of slip. Fig. 13 
(a, b, and c) show the results corresponding to a 
primary strain of 18 pct followed by two reversals 
of 4 and 5 pct. Detailed examination of the speci- 
mens and photographs shows that each increment of 
strain in both forward and backward directions de- 
velops its own slip clusters and none of the pre- 
viously formed slip lines disappears; in fact, the 
distribution of new slip bands appears to be very 
similar to that observed when strain is continued 
in a single direction in tension or in direct shear. 


Discussion of Results 

The present results are so completely at variance 
with those of Rohm and Kochendorfer*’ that it 
seems unlikely the discrepancies can be wholly at- 
tributed to the existing differences between alpha- 
brass and aluminum. Thus, we find hardening in all 
latent directions instead of softening; we find the 
same yield stress in tension and in shear and the 
same type of stress-strain curve; finally, the density 
and distribution of slip clusters are similar in both 
types of experiment. It seems probable that thes 
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Fig. 13—a) Slip clusters after 18 pct strain forward; 
X400 (reduced approximately 31 pct for reproduction). 


extreme discrepancies between the two face-cen- 
tered cubic systems are not real and that Rohm and 
Kochendorfer measured the stress required for some 
unknown and complex bending process in long crys- 
tals with, as Read” suggests, results that are not 
significant with respect to easy glide. 

_ When the shortest possible gage length, within 
experimental limitations, is used, the agreement be- 
tween direct shear and tension experiments on brass 
is complete in every respect where comparison is 
possible. Thus, it appears that the technique is ap- 
plicable to the face-centered cubic system and ca- 
pable of yielding significant results on work-hard- 
ening in latent slip directions. 

The significant features of the foregoing results 
may be summarized in the following manner: 

1 The observation that an additional increment 
of stress is necessary to continue easy glide, when 
the direction of shearing is shifted either 60 or 120 
deg, indicates the formation of barriers in the latent 
slip directions during easy glide. 

2 Barriers of equal strength are formed in the 
reverse direction and also in the forward direction 
after one reversal. 

3 The characteristics of all barriers are the 
same; they appear at the smallest measurable strain; 
they increase in strength in proportion to strain; 
once formed, they are permanent in alpha-brass at 
room temperature. 

4 The strain-hardening coefficient, following a 
single change in direction, is the same as that in easy 
glide. 

With respect to the forward direction, it seems 
clear that some form of barrier must exist, or be 
created, otherwise strain on a single plane would 
continue indefinitely at a constant stress equal to the 
yield stress. It appears, on the other hand, that the 
creation of barriers is responsible for the continua- 
tion of slip on new planes when the stress to con- 
tinue shear on an operation plane becomes higher 
than on a neighboring plane; thus, the easy glide 
range of the stress-strain curve could be considered 
as a series of segments, each corresponding to the 
operation of successive slip planes. However, if this 
mechanism is correct, it is not at present clear why, 
when the direction is changed during easy glide, a 
greater increment of stress is required to continue 
slip; it would seem that slip should simply choose 
another plane and continue at the same stress, with- 
out a discontinuity. A possible explanation, which 
remains to be proved, is that the sideways propaga- 
tion of slip in Luder’s bands depends on the stress 
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b) after 4 pct strain in reverse; and c) after 5 pct strain in the forward direction. 


field created by dislocations piled against barriers 
on the operating plane; if shear is continued in the 
same direction a neighboring plane begins to oper- 
ate in a direction defined by the forces originating 
from the original group of dislocations piled against 
some barrier; if the shear direction is changed, a 
new set of planes begins to operate at a higher ex- 
aa stress without help from the original stress 
eld. 

The results indicate that, once slip starts in the 
direction defined by crystal orientation relative to 
the axis of stress, barriers are erected around the 
sources such that it is always easier to continue in 
the original direction because the barrier strength 
in other directions increases in proportion to strain 
and to the work-hardening in the forward direction. 
The barrier, as such, is not apparent until an at- 
tempt is made to change the slip direction. 

The nature of the barriers remains to be defined. 
The visible evidence of cross slip (between slip 
bands) at very small strain indicates that disloca- 
tions are active on latent planes. Also, it has been 
shown that all planes and directions in the plane are 
equivalent, Fig. 5, and, accordingly, it appears that 
the number and distribution of sources is the same 
on all planes. Under these conditions, the most ap- 
parent mechanism of barrier formation is the at- 
traction and combination of dislocations between 
the active plane and the intersecting latent planes 
in the manner proposed by Cottrell* and Lomer.” 
However, in the present case the barriers are formed 
during easy glide and before the cross-slip planes 
have actually cut across the active plane. Compared 
with the strength of the barriers created in the 
linear hardening range, those formed in the early 
stages of the easy glide range are relatively weak, 
which is consistent with the fact that the dislocation 
interaction is limited to the small number of dislo- 
cations associated with cross slip between closely 
spaced slip bands. 
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Marker Movement in K-Rb Interdiffusion 


Techniques for studying marker movement in K-Rb interdiffusion have been worked 
out. The results indicate that Rb diffuses faster than K and that the ring mechanism of 
diffusion cannot be the dominant one operating in this case or probably in cases involving 
other alkali metals, despite their low ion core repulsive energies. 


by Ling Yang, M. T. Simnad, and R. F. Mehl 


EVERAL theoretical attempts have been made in 

the past decade to elucidate the mechanism of 
diffusion in body-centered-cubic metals. No general 
agreement, however, has been reached by different 
authors. Zener, and later LeClaire,’ on the basis of 
a correlation between the entropy of activation for 
self-diffusion and the temperature dependence of 
the elastic constants, predicted that a ring mech- 
anism should operate in the diffusion of body-cen- 
tered-cubic metals. Paneth’ calculated the activa- 
tion energies of various ring, vacancy, and inter- 
stitial mechanisms for the self-diffusion in alkali 
metals and concluded that the most likely one was 
based on the linear motion of “crowdions,” which is 
in fact a different form of interstitial diffusion. 
Fumi,’ however, showed that the experimental val- 
ues of the activation energies for self-diffusion in the 
alkali metals could be better accounted for if the 
diffusion process in these metals was assumed to 
follow a vacancy mechanism. The same conclusion 
was reached by Kojima’ for the self-diffusion in 
lithium. 

Experimental evidences published during the past 
few years seem to exclude the ring mechanism as 
the predominating one in the diffusion of body-cen- 
tered-cubic metals. For instance, maker movement 
has been observed in £-brass, first in this laboratory® 
and later by Resnick and Baluffi.. Shewmon and 
Bechtold* also found marker movement in the body- 
centered-cubic system Ti-Mo and showed that the 
argument which led Zener and LeClair to favor 
a ring mechanism was not incompatible with a va- 
cancy mechanism. In spite of this, it seemed to the 
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authors that further experimental tests should be 
made by studying the Kirkendall effect in body- 
centered-cubic systems that characteristically have 
small ion core repulsion, such as the alkali-metal 
systems. Since the ion core repulsion term consti- 
tutes the main part of the activation energy needed 
for the rotation of a ring, such a test should be the 
most critical of all. The system K-Rb was chosen 
for experimental study because these metals form a 
continuous series of solid solutions. 


Experimental Investigation 

Owing to the extremely active nature of these two 
metals, a brass dry box (18x11x10 in.) was built 
for making the diffusion couple. It had a big lucite 
window on top, two side ports through which neo- 
prene-rubber gloves were inserted, and another side 
port covered with an optically flat-glass window for 
microscopic examination of the sample. Inside the 
box there were a circulating fan driven with a ro- 
tating horse-shoe magnet located outside the box, a 
heater used to generate potassium vapor for getter- 
ing the box, and a cold trap for keeping the inside of 
the box cool. 

Chemically pure grade K and Rb were triple 
distilled before they were transferred in vacuum 
into cylindrical steel molds kept in pyrex-glass am- 
pules, Fig. 1. The latter together with the tools 
needed for making the diffusion couple were put 
into the dry box. After the box was flushed with 
purified argon and gettered with potassium vapor, 
generated from a heated steel crucible inside the 
box, the glass ampules were broken and the mound 
on the top of the alkali-metal ingot was cut off with 
a razor blade to yield a flat surface. To make the 
diffusion couple, one K ingot and one Rb ingot were 
pushed out of the molds together with their steel 
supports by screwing a metal plunger into the bot- 
tom of each mold. They were then laid on a brass 
cradle inside the assembling carriage (shown sepa- 
rately in Fig. 2) with the flat faces opposite to each 
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To Alkali: Metal Source 


To Vacuum System 
-—— Pyrex Ampule 


+—— Alkali Metal Ingot 
Steel Mold (3/4 in.0.D.,3/8 |.D.,3/4 Deep) 
Steel Support (3/8 X 3/8) 


Fig. 1—Alkali-metal ingot in glass ampule. 


other. By turning the two screws on the assembling 
carriage, they were brought into contact at the place 
where a fine glass fiber (0.001 in. diam) was ce- 
mented to a side post on the carriage. The ingots 
became welded immediately as they came into con- 
tact, with the glass fiber at the interface. The fixed 
end of the glass fiber was then separated from the 
Carriage with a pair of small scissors and the diffu- 
sion couple with its brass cradle was laid against 
the window of the observation port. The distance 
between the glass fiber and the steel-Rb (or the 
steel-K) interface was followed with a travelling 
microscope which could be read to 0.005 mm. Be- 
cause of the difficulty in keeping the box continu- 
ously gettered for long periods of time, runs made in 
this way could only last 30 to 40 hr. For runs longer 
than these, the diffusion couple was placed in a glass 
test tube closed with a ground-glass joint and taken 
out of the box. The tube was sealed immediately, 
put on the cold stage of the microscope and the 
movement of the glass marker followed in the same 
way. The razor blade, the brass cradle and the as- 
sembling carriage were all degassed and sealed in 
evacuated glass tubes, taken out only after the dry 


Steel Supports 
ie / Glass Fiber 


Brass Cradle 


Assembly Carriage 


Fig. 2—Devices for making K-Rb diffusion couple. 
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Fig. 3—Marker movement in K-Rb interdiffusion. 


box was gettered. Otherwise couples with poor 
welds were obtained. The experimental techniques 
involved in making the diffusion couple were ex- 
ceedingly difficult and took a few years to perfect. 
No attempt has been made to determine the diffu- 
sion-penetration curve. 

Fig. 3 shows the results of three different runs, 
two at 20°C and one at 6°C. In the case of a ring 
mechanism, the two elements diffuse into each other 
at equal rate; therefore there should be no marker 
movement. In all cases, however, the marker moved 
towards the Rb; the amount of the movement was 
approximately a linear function of the square root 
of the diffusion time as in the usual case. It is thus 
clear that Rb diffuses faster than K and that the 
ring mechanism cannot be the dominant one oper- 
ating in this case despite the low ion core repulsive 
energies in alkali metals. 
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On a Mechanism of High Temperature Intercrystalline Cracking 


by C. W. Chen and E. S. Machlin 


JOURNAL oF Metats, July 1957, AIME Trans., vol. 209, p. 829. 


H. H. Bleakney (Dept. of Mines and Technical Sur- 
veys, Ottawa, Canada)—The work of Dr. Machlin and 
his colleagues at Columbia University is so scholarly 
that one hesitates to take issue with them. Neverthe- 
less the writer feels compelled to enter a demurrer to 
the mechanism of intercrystalline cracking proposed 
in this paper. The principal obstacle to its acceptance 
is found in its preoccupation with purely mechanical 
influences and its disregard for the chemical effect of 
impurities. The writer believes that the destruction of 
metallic cohesion by concentration of impurities at the 
grain boundaries is a necessary and sufficient condi- 
tion for the development of intercrystalline cracking; 
and he believes that discussion of the numerous me- 
chanical explanations proposed should wait until some 
valid objection to the chemical hypothesis has been 
advanced. 

It is nearly twenty years since Gillett“ drew atten- 
tion to the possibility that the chemical influence of 
precipitation might be the cause of intercrystalline 
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cracking. As early as 1935, Greenwood” remarked that 
grain-boundary precipitation of impurities in lead ap- 
peared to promote intercrystalline cracking. Again 
in 1939, Scott commented as follows on a paper by 
Thielemann and Parker:* “There are at least two 
familiar phenomena that can influence grain-boundary 
cohesion: 1) intergranular oxidation; and 2) grain 
boundary precipitation. An important consideration 
in this work, therefore, is to determine which, if either, 
of these factors is responsible for the low values of 
cohesive strength observed.” In 1952, the writer pre- 
sented evidence,” some original and some abstracted, 
which indicated that in copper, silver, aluminum, lead 
and iron, intergranular cohesion was a function of the 
purity of the metal. In 1954 Glen, discussing a paper 
by Ridley and Tapsell’* indicated his belief in a pre- 
cipitation mechanism for the intercrystalline embrit- 
tlement of molybdenum steel and suggested that with 
an absolutely pure metal it would be almost impossible 
to obtain an intercrystalline crack. This suggestion has 
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been thoroughly confirmed by experience with super- 
purity aluminum. 

The references cited above are just a few examples 
of a point of view entertained for many years by a 
respectable number of metallurgists. The validity of 
this point of view is emphasized by the well-known 
effect of grain boundary precipitation mentioned by 
Scott (loc. cit.). The influence of bismuth on copper 
is probably the best known example of the devastating 
effect which minute traces of one element may have 
on the cohesion of another. Nevertheless, these effects 
have not been adequately recognized by the exponents 
of the various mechanical hypotheses, of which the one 
under discussion together with contributions by Mc- 
Lean,” Nield and Quarrell,” and Balluffi and Seigle™ 
are the latest additions. By mechanical hypothesis, 
the writer means one which does not depend on the 
impairment of the cohesion of a metal by the influence 
of foreign atoms. In this discussion, such influence is 
regarded as being chemical. 

Another objection of mechanical hypotheses was 
voiced by Scott in his discussion of reference 16. In 
that discussion he also pointed out that a tensile 
strength of about 600,000 psi had been obtained experi- 
mentally for iron and he asked, “How, then, can the 
cohesive strength of iron, or iron-base alloys, be low- 
ered to less than 1/60 of its attainable room tempera- 
ture value simply by heating to, say, 500°C?” The 
writer has described evidence which shows that the 
actual stress at the point of incipient rupture of ductile 
metals, stressed in tension, has never been determined 
and is indeterminate by existing methods of testing.” 
It follows, therefore, that no valid evidence of a dis- 
crepancy between the theoretical and the experi- 
mentally apparent cohesive strengths of metals has 
ever been actually observed. On the other hand re- 
cent-tests* on metal whiskers have revealed tensile 
strengths of the order of magnitude predicted by 
theory. Hence any mechanical hypothesis must show 
cause for a stress concentration sufficient to impose 
the million or more pounds per square inch required 
to overcome the cohesion of the atoms at the point of 
fracture. In this context the contribution of Rhines, 
Bond and Kissel* should be noted. Those who pre- 
viously believed in the viscous grain boundaries and 
rigid grains postulated by Zener may remain uncon- 
vinced, but the onus is now on them to provide more 
credible evidence of these phenomena than that of Ke.” 

In sum it appears that numerous examples are 
known of metallic cohesion being destroyed by minute 
traces of impurities; that intercrystalline cracking is 
not found in high-purity metals such as lead and 
aluminum; and it is most difficult to explain the tre- 
mendous stress concentration required to overcome 
the powerful cohesion of metals under creep condi- 
tions where the effect of temperature is to relieve 
stress concentration. In view of these facts it seems 
that the development of an acceptable mechanical 
hypothesis of intercrystalline failure should be pre- 
ceded by a reason for rejecting the established and 
well-known influence of impurities as a sufficient cause 
of the phenomenon. 

The comments submitted above are general and ap- 
ply to all mechanical hypotheses. An observation more 
specifically pertinent to the paper under discussion 
concerns the atmosphere in which the tests were made. 
In the section headed “Bicrystal Experiments” the 
authors say, “At first the tests were conducted in 
nitrogen at 1200°F. It was found that the oxide pro- 
duced along the grain boundary obscured the results.” 
It has been shown” that a partial pressure of only a 
few microns of oxygen can seriously impair the grain 
boundary cohesion of copper in creep-rupture tests. 
A good grade of nitrogen would normally contain about 
0.1 pet O2. This content is very much more than suffi- 
cient to ensure that the atmosphere would not be 
neutral but actively hostile. 

E. S. Machlin (author’s reply)—Mr. Bleakney makes 
the following points: 1. The present paper is primarily 
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concerned with purely mechanical influences and dis- 
regards the chemical effect of impurities on intercrys- 
talline cracking. 2. The existence of chemical effects of 
impurities on intercrystalling cracking is well docu- 
mented. 3. Any mechanical hypothesis must neces- 
sarily explain how stresses greater than the fracture 
strength can be achieved and also how impurities act 
to decrease this fracture strength or otherwise make 
intercrystalline cracking occur more easily. 4. Tank 
nitrogen contains 0.1 pct O.. 


In answer, the present paper is preoccupied with 
purely a mechanical hypothesis for intercrystalline 
cracking because this mechanical hypothesis explains 
the authors’ experimental results. The authors, how- 
ever, are not aware of any chemical hypothesis to ex- 
plain their results. Mr. Bleakney’s discussion is not 
enlightening in this respect. He offers no such chem- 
ical hypothesis. 


Mr. Bleakney’s remarks concerning the existence of 
effects of impurities upon intercrystalline cracking are 
true. However, there are many ways by which im- 
purities can exert this effect other than by lowering 
the intercrystalline cohesion. For example, impurities 
can affect the rate of grain boundary sliding.” Im- 
purities can also, in the form of particles, provide extra 
jogs along grain boundaries where additional grain 
boundary voids can be formed.” Impurities can act to 
anchor grain boundaries against migration. When grain 
boundaries migrate readily during a rupture test, in- 
tercrystalline cracking is prevented because the bound- 
aries do not stay stationary long enough to develop 
voids.” Impurities can also, as Mr. Bleakney points out, 
affect intercrystalline cohesive strength. There are un- 
doubtedly a host of other ways in which impurities 
can exert purely mechanical effects. The ones itemized 
above have been observed experimentally in some re- 
cent research inspired by the mechanism reported in 
the present paper. 


It is believed that our mechanism which depends 
upon grain boundary sliding to develop enhanced 
stress in the vicinity of grain boundary jogs shows one 
way how stresses greater than the fracture strength 
can be reached along the grain boundaries. We have 
made sufficient observations of grain boundary sliding 
to be convinced of its reality.” 

As for the final point, we do not deny that tank 
nitrogen contains much oxygen. That is why we chose 
a reducing atmosphere for the large majority of our 
rupture experiments. Our opinions concerning the role 
of oxygen as well as other impurities have been dis- 
cussed above. 
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Preferred Growth Direction in Metals 


by W. A. Tiller 


JourNAL or Merats, July 1957, AIME Trans., vol. 209, p. 847. 


D. Walton (University of California), K. A. Jackson 
and C. Elbaum (Harvard University)—Dr. W. A. Tiller 
presents some interesting speculations about the pre- 
ferred growth direction of metals. There are, however, 
several objections to his theory. 

The basic premise of the author’s theory is that the 
solidification of lead takes place through the propaga- 
tion of {111} type platelets, although “platelets of the 
{100}, {110} and {311} types have also been observed on 
rare occasions.” Elbaum and Chalmers” have observed, 
however, that in lead (99.99+ pct pure), {100} plate- 
lets occur under identical conditions, and with essen- 
tially the same frequency as {111} platelets. This hap- 
pens whenever a {100} type plane is more nearly 
parallel to the solid-liquid interface than a {111} plane. 

The author implies that the conjugate platelet sys- 
tem is at the steepest angle to the growth direction if 
a {111} plane is parallel to the interface. It is true that 
a {111} interface has three, and a {100} interface has 
four conjugate platelet systems at a steep angle to the 
interface; but, for example, a {110} interface has two 
conjugate platelet systems perpendicular to the inter- 
face. 

Furthermore, there is no obvious reason why the 
presence of a solute should affect the nucleation on 
one conjugate system more than on another. Conse- 
quently, it is not clear why the {111} preferred orien- 
tation, that Rosenberg and Tiller” report for very high 
purity lead, should be eliminated by the addition of 
small amounts of alloying elements. 

The author’s attempt to correlate the preferred di- 
rection of growth with the morphology of the interface 
is commendable; however, some of the assumptions 
which he has made are contrary to available experi- 
mental evidence, and his arguments are incomplete. 


W. A. Tiller (author’s reply)—I readily agree with 
the point of view stated by Walton et al, ie., that the 


arguments presented in the paper under discussion are 
incomplete and that this is perhaps not the “whole 
story,” even though it is able to account for the obser- 
vations. We will not be able to get at the exact truth 
until we know more about the nucleation condition 
for platelets, their growth kinetics, the reason for 
large platelets, etc. 

The experience of the author, on zone-refined lead, 
does not indicate that {100} platelets occur with the 
same frequency as {111} platelets. On slightly impure 
lead, especially when a cellular interface is present, 
the frequency of occurrence of the {100} platelets is 
much higher. Perhaps the presence of solute has some 
effect, and most certainly the curvature of the inter- 
face has an effect, on the occurrence of the possible 
platelet systems. It appears that a more careful study 
of the morphology of platelets as a function of inter- 
face orientation and melt purity is needed before this 
point can be resolved. 

It was postulated that the presence of solute is able 
to eliminate the <111> preferred orientation because 
it passivates the conjugate platelet growth in the 
boundary groove. The build-up of solute in the groove 
eliminates either all or most of the supercooling that 
was present in the groove when the melt was pure. 
Eliminating the supercooling eliminates the need for 
the conjugate platelets in the boundary groove. How- 
ever, if conjugate platelets are operating in the groove, 
in the presence of solute, the edgewise growth of the 
platelets cannot occur rapidly due to the impedance 
of the solute build-up in the groove. These solute ef- 
fects tend to suppress and control the growth in the 
boundary groove so that the growth depends upon the 
diffusion of solute, rather than on the crystallographic 
features of the solid. 


16 C, Elbaum and B. Chalmers: Can. J. Phys., 1956, vol. 33, p. 196. 
17 A. Rosenberg and W. A. Tiller: To be published. 


Effects of Compression and Annealing on the Structure and Electrical Properties of Germanium 


by E. S. Greiner, P. Breidt, Jr., J. N. Hobstetter and W. C Ellis 


JouRNAL or MeErats, July 1957, AIME Trans., vol. 209, p. 813. 


G. A. Geach and A. T. Churchman (Research Lab- 
oratory, Associated Electrical Industries Ltd., Alder- 
maston Court, Aldermaston, Berkshire, England)—The 
work reported in this paper_on the deformation of 
germanium under compression is of particular interest 
to us. In this Laboratory we have examined the de- 
formation modes of germanium, silicon, indium anti- 
monide, gallium antimonide and zinc blende which 
have the diamond (A4) or B3 structures. (J. Franks, 
G. A. Geach and A. T. Churchman, Proc. Phys. Soc., 
1955, 68B, 111; A. T. Churchman, G. A. Geach and J. 
Winton, Proc. Roy Soc., 1956, 328A, 194). Deformation 
was obtained by making hardness impression at high 
temperatures. 

In addition to slip, we observed deformation twin- 
ning on {111} and {123} planes. In each material this 
took place on deformation at temperatures in the range 
0.43 to 0.73 of the absolute melting point. C. J. Gal- 
lacher (Phys. Rev. 1952, 88, 721) has reported audible 
clicks due to twinning which occurs on bending ger- 
manium at 450°C. 
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The temperature used by Greiner, Breidt, Hobstetter 


and Ellis in their experiments with germanium, 375°C 


(0.54 of the melting point) is within the range in 
which deformation twinning has been observed, al- 
though below that at which cracking ceases. 

It appears that hydrostatic compression, such as oc- 
curs about a hardness impression, is necessary for de- 
formation twinning to occur, and for this reason twin- 
ning does not occur appreciably on free surfaces such 
as those examined by Greiner, Breidt, Hobstetter and 
Ellis. 

P. Breidt, Jr. (formerly with Bell Telephone Lab- 
oratories, Inc., now with Dow Chemical Co., Midland, 
Mich.)—Studies subsequent to those described in the 
paper, using a method for etching localized areas have 
led to additional details of the relationship between 
slip lines and etch pits in indented germanium. The 
region around an indentation made at 575°C in a (111) 
surface of germanium was partially masked with a 
polystyrene base lacquer to permit the etching of 
selected areas. After etching with CP-4 and removal of 
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the lacquer, examination of the specimen revealed that 
some but not all, of the slip lines developed dislocation 
etch pits, and that some rows of pits developed by 
etching were not associated with visible slip lines. 
Examples of two of these observations can be seen in 
Fig. 10 which shows slip lines indicated by lines B-B’ 
and C-C’ that developed etch pits, and rows of etch 
pits indicated by lines D-D’ and E-E’ that are not as- 
sociated with visible slip lines. Other areas, not shown 
contain slip lines that did not develop etch pits. 

The above observations are in accordance with the 
dislocation mechanism of plastic flow: When slip oc- 


curs in the [110] direction on the (111) plane of a ger- 
manium specimen indented in the [111] direction, as in 
Fig. 10, no slip lines would be visible, since the Burg- 
ers vector is parallel to the surface of observation. 
Rows of pits would generally occur in this direction 
after etching where dislocation lines intersect the sur- 
face. This was observed. However, it is assumed that 


an etch pit forms only when a dislocation intersects 
the surface at an angle greater than some minimum 
value. If the angle of intersection is less than this mini- 
mum value, etch pits would not be observed. If slip 


occurs in either the (111) [101] or (111) [011] system, 
slip lines would be visible, and pits would occur for all 
orientations of dislocation lines except when the dis- 
locations intersect the surface at a small angle, as 
described above. Thus, slip lines would be observed 
with or without associated dislocation etch pits. Since 
all of the possible {111} slip planes are symmetrically 
located about the [111] direction, it follows that a sim- 
ilar argument would be valid for each of the three 


slip systems in (111) and (111) planes. 


Aging in Complex Commercial Ni-Cr Alloys Hardened with Titanium and Aluminum 


by R. F. Wilde and N. J. Grant 


JOURNAL OF METALS, July 1957, AIME Trans., vol. 209, p. 865. 


W. C. Bigelow and J. A. Amy (University of Michi- 
gan)—This is a very interesting paper, and provides a 
much-needed comparison of the structures and prop- 
erties of some of the current nickel-base alloys. One 
important point which was not resolved, however, con- 
cerns the occurrence of the y’ phase in the M-252 alloy. 
We have experienced difficulties similar to those de- 
scribed by the authors in detecting this phase by opti- 
cal microscopy and x-ray diffraction, but have found 
that the problem can be resolved by electron micro- 
scopic and electron diffraction techniques. 

Figure 10 shows an electron micrograph from a 
specimen of a commercial heat of M-252 alloy of the 
composition given in Table I, which was processed by 
heat treatment “A” of the authors (solution-treated 
2 hr at 2200°F, air cooled, aged 24 hr at 1600°F). The 
numerous small precipitate particles shown in this 
micrograph can be demonstrated to be 7’ particles by 
electron diffraction methods using extraction replicas® 
to isolate them from the alloy matrix. Figure 10b is an 
electron micrograph of such an extraction replica from 
the above sample, while Figure 10c is the diffraction 
pattern obtained from the particles within an area 
which included, but was slightly larger than, that 
shown in Figure 10b. The prominent diffraction spots, 
and the weaker diffraction rings, correspond to face- 
centered cubic reflections for a lattice with a, = 3.57 + 
0.01A. In addition, very much weaker spots with sim- 
ple cubic indices, which correspond to the super-lattice 
reflections expected for the ordered 7’ structure, were 
observed on the original diffraction negatives. Since 
these latter spots did not reproduce photographically, 
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Table |. Compositions of M-252 and Inconel-X Alloys (Wt pct) 


Element M-252 Inconel-X 
Ni 54.15 73.22 
Cr 18.70 14.97 
Co 9.70 — 
Mo 10.00 — 
2.71 2.38 
Al 0.96 0.78 
Fe 2.20 6.59 
Mn 0.82 0.56 
Ss 0.007 
Si 0.60 0.38 
Cc 0.16 0.04 
N * * 
Cu ie 0.03 
Ch 1.02 


* Not analyzed. 


their positions are indicated in the diagram of Figure 
10d. Similar patterns, but with different numbers and 
arrangements of spots, were obtained from other areas 
of the replica. Combining data from several of these 
patterns yielded a complete set of cubic reflections 
from 100 to 300. Additional strong face-centered cubic 
reflections of higher indices were also observed, but no 
attempt was made to observe higher simple cubic re- 
flections. The intensities and d values for the observed 
reflections are listed in Table II and are in good agree- 
ment with the values calculated and observed by the 
authors for 7’. 
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The difficulties which would be encountered in ob- 
serving the y’ particles in the optical microscope can be 
appreciated, since the size and separation of these par- 
ticles seldom exceed the resolution of this instrument. 
Furthermore, difficulties may be encountered in etch- 
ing specimens to reveal them properly for electron 
microscopy. It has been our experience that many of 
the standard etching reagents are unsatisfactory for 
this purpose.? The procedures used in preparing the 
micrographs shown here have been described in de- 
tail elsewhere.'!°" These methods have proved satis- 
factory for electron microscopic studies of several 
commercial alloys including Inconel-X, Waspalloy, 
M-252, and Udimet-500. The 7’ phase has been identi- 
fied in commercial heats of all of these alloys. It may 
be of interest to note that these studies have included 
experimental air- and vacuum-melted heats of some of 
these alloys, and have revealed no significant differ- 
ence in the precipitation of the y’ phase for these two 
methods. 

The difficulties in identifying the y’ phase in the 
M-252 alloy from the x-ray data probably arise from 
the high molybdenum content of this alloy. The in- 
creased amount of this element apparently increased 
the lattice parameter of the matrix phase so that it 
could not be distinguished from the 7’ phase on this 
basis. In addition, the molybdenum might have entered 
into the y’ phase, or decreased the solubility of other 
elements in the matrix causing increased amounts of 
them to enter into the y’ phase. Either effect would 
reduce the intensities of the superlattice reflections and 
make identification on this basis difficult. The electron 
diffraction method described here has an advantage in 
detecting these reflections because of its high sensi- 
tivity, and because the common crystallographic ori- 
entations of the y’ particles in the extraction replicas 
concentrate the superlattice reflections into spots 
rather than distributing them into rings. 

We are very much interested in the fact that the 
authors did not find CbC or CbN in the Inconel-X-550 
alloy. We have examined specimens of a heat of In- 
conel-X of composition substantially the same as that 
of Inconel-X-550 used by the authors (see Table I) 
and found CbN in specimens solution-treated 2 hours 
at 2050°F and air cooled, and also in specimens which 
were subsequently aged for periods up to 1000 hr at 
1200°, 1400°, and 1600°F.’** On the basis of our results 
we would have expected considerable amounts of CbN 
or Cb(CN) in the A50 and A250 specimens, unless the 
nitrogen content of the alloy was very low. Unfor- 
tunately neither our alloy nor the authors’ was ana- 
lyzed for nitrogen. 


H. J. Beattie, Jr. and W. C. Hagel (General Electric 
Co.)—The authors are to be commended for uncover- 
ing a specific electrolyte for the extraction of y’ from 
Ni-Cr alloys. On learning this, the discussers have ap- 
plied 20 pct H:PO, to Nimonic-80, Inconel-X, Udimet- 
500 and M-252. Although these results will be reported 
in detail elsewhere,“ some of the observations are per- 


Table II. Selected Area Electron Diffraction Data — 
for 7’ Phase in M-252 Alloy 


hkl d I* 
100 3.58A vw 
110 2.53 vw 
2.06 s 
1.79 s 
1.60 vw 
1.46 vw 
220 1.27 ms 
300 1.19 vw 
311 1.08 ms 
420 ms 


1.04 
a = 3.57 + 0.01A 


*s = strong, m = medium, w = weak, v = very. 
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a) Electron micrograph | 
from surface replica 
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b) Electron micrograph 
from extraction replica me 
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c) Selected area elec- 
tron diffraction pattern 
from area in b. 
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Fig. 10—Electron Micrographs and Selected Area Electron Diffrac- 


tion Pattern from 7’ Phase in M-252 Alloy, 


tinent to the authors’ work and are worth mentioning 


here. 
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In the first three of the aforementioned alloys, the 

only carbides present are TiC and Me:Ce; M-252 con- 
tains McC in addition. The residues electrolytically ex- 
tracted with H;PO: gave very intense principal x-ray 
lines and several superlattice lines for, y’ as well as 
additional weak lines due to TiC and M.C. Further 
work showed that MC, is chemically dissolved by 20 
pet H;PO,, at which time a gas-evolving reaction origi- 
nates from the residue. On the other hand, 10 pet HCl 
in alcohol as an electrolyte fails to separate y’ and pro- 
duces residues rich in M.;Cs. In such cases, a complete 
phase-extraction x-ray analysis requires the use of at 
least two different electrolytes. 
; It is, therefore, possible that the carbide prominent 
in the microstructure of the authors’ Inco-700, which 
failed to produce an x-ray pattern, was in fact MoC, 
that had been chemically dissolved during extraction. 
Previous experience with stain etchants has shown 
how unreliable they are for carbide differentiation; 
M::C. rather than M.C would be expected to occur in 
Inco-700 because of its relatively low molybdenum 
content.’ The occurrence of M.C and MC, together 
would be expected in Waspalloy. 

Since the composition of M-252 evidently lies near 
the boundaries of several phase fields, the aging re- 
actions which occur are extremely sensitive to com- 
position. The only consistency is the appearance of TiC 
and M.C, with the former going into solution at 1500- 
1600°F while other phases precipitate. These other 
‘phases, however, have a strong dependence on second- 
order variations in composition and melting practice. 
Under various conditions, many heats within the nomi- 
nal M-252 composition range have produced or failed 
to produce y’ and M.:C. on short-time aging (1-4); 


long-time aging may produce Laves phase“ a MLC of. 


contracted lattice (M.C),'’ sigma phase,” Ni;Ti” or mu 
phase.'* Contracted-lattice M;C’ and y’ appear to be 
mutually exclusive, and there is correlation between 
the choice of these two and the lattice parameter of the 
primary M.C. The latter dimension exceeds 11.05A 
when y precipitates, usually with MxC., but it is slightly 
under 11.00A when 7’ and M2:C. are absent and sec- 
ondary M.C’ is produced on extensive overaging. It 
would be of interest to know the lattice parameter of 


the M.C which the authors extracted from their M-252 
specimen. 

Thus, while the authors’ conclusion that 7’ does not 
appear in the M-252 alloy they studied is probably 
correct, it should not be generalized to include other 
heats of the same nominal composition. Representa- 
tive lattice parameters of the M-252 matrix and of 1’; 
when present, are respectively 3.589 and 3.596A." 

N. J. Grant (author’s reply)—We are extremely 
pleased to receive these two valuable discussions on 
our paper. Both of these discussions certainly estab- 
lished the fact that the 7’ phase can exist in an alloy 
of the composition shown by M-252. At this point it 
would be extremely interesting to try to determine 
why the electrolytic extraction technique which sep- 
arates the y’ phase in the low molybdenum alloys does 
not separate it in the high molybdenum alloys. 

Regarding the detection of CbC or CbN in the 
Inconel X-550 alloy, it is probable that there was not 
sufficient carbon and nitrogen to give a detectable 
amount of either of these phases. 


8R. M. Fisher: Electron Microstructure of Steels by an Extraction 
Replica Technique, Symposium on Techniques for Electron Metal- 
lography, ASTM Special Technical Publication No. 155, 1953, p. 49. 

®9W. C. Bigelow and L. O. Brockway: Etching Procedures for 
Electron Metallographic Studies of Heat-Resistant Alloys, Proceed- 
ing of the International Conference on Electron Microscopy, Lon- 
don, 1954, Royal Microscopical Society, London, 1956, p. 374. 

10 W. C, Bigelow, J. A. Amy, and L. O. Brockway: A Selective 
Etching Procedure for Identifying the y’ Phase of Nickel-Base 
Alloys by Electron Microscopy, Proceedings ASTM, 1956, vol. 56, 
p. 


uJ. A. Amy and W. C. Bigelow: Crystallographic Structure and 
Orientation of the y’ Phase in Four Commercial Nickel Base Alloys, 
WADC Technical Note 57-247, Wright Air Development Center, 
Wright-Patterson Air Force Base, Ohio, 1957. 

2W. C. Bigelow, J. A. Amy, and L. O. Brockway: Effects of 
High-Temperature Aging on the Development of Minor Phases in 
an Age-Hardening Nickel-Base Alloy. To be presented at IMD- 
AIME Meetings, November 1957. 

13, O. Brockway and W. C. Bigelow: The Investigation of the 
Minor Phases of Heat-Resistant Alloys by Electron Diffraction and 
Electron Microscopy, WADC Technical Report 54-589, Wright Air 
Development Center, Wright-Patterson Air Force Base, Ohio, 1955. 

14W. C. Hagel and H. J. Beattie, Jr.: The Evolution of Aging 
Structures During High-Temperature Exposure, IMD-AIME Sympo- 
sium, November 1957. 

15H. J. Beattie, Jr. and F. L. VerSnyder: The Influence of Mo- 
lybdenum on the Phase Relationships of a High-Temperature Alloy, 
Trans. ASM, 1957, vol. 49, p. 883. 

16H. J. Beattie, Jr. and F. L. VerSnyder: Microconstituents in 
High-Temperature Alloys, Trans. ASM, 1953, vol. 45, p. 397. 

17K, F. Becht and B. Tamanian: Discussion to Reference 2. 


Cube Texture in Copper 


JourRNAL or METALS, July 1957, AIME Trans., vol. 209, p. 836. 


Paul A. Beck (University of Illinois)—Dr. Liu’s work 
confirms Dr. Merlini’s data with regard to the tem- 
perature dependence of the annealing texture and I 
am pleased to note that, accordingly, Dr. Liu also ac- 
cepts the view®”” that the effect of increasing anneal- 
ing temperature in increasing the amount of cube tex- 
ture formed in cold rolled polycrystalline copper is a 
result of the growth of cube-oriented recrystallized 
grains at the expense of recrystallized grains of other 
orientations rather than of the increase with increas- 
ing temperature of the number of primary recrystal- 
lized grains of other orientations rather than of the 
increase with increasing temperature of the number of 
primary recrystallization nuclei in the cube orienta- 
tion, as suggested by Becker.“ 

Dr. Liu’s views on the subject of the formation of 
the cube texture in rolled polycrystalline copper ap- 
pear to be influenced by the view that the four orienta- 
tions of the main deformation texture components and 
the cube orientation are all mutually interrelated by 
crystallographically equivalent rotations around 
<111> axes and that, therefore, recrystallized grains 
in all five orientations may be expected to grow with 
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equal ease. With regard to the four main orientations 
of the deformation texture components, perhaps this is 
a fairly good approximation if one chooses to represent 


them, as does Dr. Liu, by the “modified (358) [532] 
orientations.” However, I believe it is not correct to 
say that recrystallized grains corresponding to one of 
the four main orientations of the deformation texture 
on the one hand, and to the cube orientation on the 
other hand are surrounded by a deformed matrix 
equally favorable for their growth. The cube-oriented 
recrystallized grains are related to all fowr main com- 
ponents of the deformation texture by [111]-rotations 
of approximately 40°. On the other hand, a recrystal- 
lized grain with an orientation similar to one of the 
main deformation texture components will sooner or 
later encounter regions in the surrounding deformed 
matrix with an orientation nearly identical with its 
own. In general, the mobility of boundaries between 
crystals of nearly the same orientation is very low. 
Recrystallized grains of an orientation similar to that 
of one of the deformation texture components will be, 
therefore, greatly hampered in their growth by the 
presence in the surrounding deformed matrix of re- 
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gions corresponding to this particular main deforma- 
tion texture component. This affords a simple explana- 
tion for the relatively large size of cube-oriented 
grains at the time primary recrystallization is com- 
plete, in comparison with recrystallized grains of the 
four other orientations considered. Thus, on subsequent 
grain growth, the relative prominence of the cube- 
oriented grains can further increase, as found by Mer- 
lini.“ 

Dr. Liu suggests that the cube texture formed in 
rolled polycrystalline copper is composed of four su- 
perimposed components of off cube orientations, each 
deviating from the cube orientation by about 8°, and 
falling off to half maximum intensity at about 10° or 
more away from the maximum (e.g. Figs. 5, 6, 7, 8 and 
9). That this suggestion is extremely unlikely may be 
concluded from the fact that the cube texture formed 
in polycrystalline copper is much more sharp than 
either one of its four assumed components. As seen 
for instance in Fig. 6 of reference (14), in the cube 
texture the intensity falls off to about 1/10 or less of 
the maximum value 10° away from the maximum. In 
fact the relatively broad maxima of the off-cube re- 
crystallization texture components and the relative 
sharpness of the cube texture in polycrystalline copper 
represent a very strong argument against such an 
“additive mechanism” for the formation of the cube 
texture, and in favor of a “subtractive mechanism,” 
such as is provided by the partially overlapping re- 
strictions on boundary mobility imposed by the various 
matrix texture components in accordance with the 
oriented growth hypothesis.” 

The clear-cut tendency of the rolled single crystal 
near the center of its thickness to develop three new 
deformation texture components (Fig. 4) approximat- 
ing those found in rolled polycrystalline copper is very 
interesting. One wonders whether the observed prefer- 
ence in the recrystallization texture for an orientation 
approximating the cube texture may be a result of this 
tendency. However, since the rolled surface layer was 
apparently not removed from the specimens, and the 
paper does not give a detailed picture of the effects 
on the annealing texture in deformed copper crystals 
of variations of the deformation texture from the sur- 
face toward the center, it seems that additional ex- 
perimental work with single crystals will be needed 
before conclusions carrying general significance can be 
drawn. 

C. Y. Liu (author’s reply)—There is no doubt that 
with increasing re-annealing temperature, the increas- 


ing amount of the cube component in a specimen, 
which had been completely recrystallized at previous 
low-temperature anneal, is a result of the growth of 
those cube grains which have existed in the specimen. 
This, however, does not imply 1) that the grain growth — 
mechanism would dictate the appearance of a recrys- 
tallization component and 2) that the cube grains also 
existed in an unrecrystallized specimen. In tracing the 
origin of cube recrystallization component from an un- 
recrystallized specimen after anneal, the writer could 
not find any consistent explanation based on the pres- 
ent concept of “oriented growth” hypotheses; a concept 
based on the “oriented nucleation” hypothesis was 
therefore suggested. As stated in the text, the nuclea- 
tion frequency increases with increasing annealing 
temperatures; it is not known what might have misled 
Professor Beck to the statement as appeared in the first 
paragraph of his discussion. 

The idea appeared in the second paragraph of Pro- 
fessor Beck’s discussion constitutes only a minor prob- 
lem according to the “oriented nucleation” hypothesis 
by employing the concept as shown in Fig. 15 in the 
text. However, a serious consideration should be given 
to his reasoning if one attempts to explain the origin of 
recrystallization component based only on the grain 
boundary mobility. Since the “oriented growth” hy- 
pothesis assumes the pre-existence of cube grains in 
the cold rolled specimens, the growth of the cube 
grains would then be greatly hampered by the pres- 
ence of other cube grains in the surrounding matrix. 
This is a situation exactly like a recrystallized grain 
with an orientation similar to one of the main deforma- 
tion texture component, as discussed by Professor 
Beck. Thus, Professor Beck’s discussion, in fact, as the 
writer sees it, refuted the validity of the “oriented 
growth” hypothesis. 

The writer is grateful that Professor Beck has 
pointed out the unlikeliness of one of the two possible 
relations between the off-cube and cube recrystalliza- 
tion components as suggested in the text. 


14°C. G. Dunn: Recrystallization Textures, in Cold Working of 
Metals, ASM, 1948, p. 113. 

16P. A. Beck: Orientation in Recrystallization and Grain Growth, 
The Physics of Powder Metallurgy. McGraw-Hill Book Co., Inc., 
1951, pp. 40-51. 

17 et A. Beck: Origin of the ‘‘Cube Texture” in Face-Centered 
Cubic Metals. AIME Trans., 1951, vol. 191, p. 474. 

18 J. J. Becker: ‘‘Oriented Growth’ in Primary Recrystallization. 
AIME Trans., 1951, vol. 191, p. 115. 

19H. Hu and P. A. Beck: Annealing Textures in Rolled Face-Cen- 
tered Cubic Metals. AIME Trans., 1952, vol. 194, p. 83. 

20P. A. Beck: Annealing of Cold Worked Metals. Advances in 
Physics (Phil. Mag. Supp.), 1954, vol. 3, p. 245. 


Temperature Dependence of the Hardness of Secondary Phases Common in Turbine Bucket Alloys 


by J. H. Westbrook 


JouRNAL or Merats, July 1957, AIME Trans., vol. 209, pp. 898-905. 


C. J. Bechtoldt (National Bureau of Standards)—The 
author states that sigma is stable at 1400°C in an alloy 
having the theoretical composition of the chi phase. 
Although not explicitly stated, it appears implied that 
this alloy is or approaches 100 pct sigma at this tem- 
perature. This is not in agreement with our experience. 
We have found that an alloy” containing 16.5 pct Cr, 
53.1 pet Fe, and 30.4 pct Mo consisted of sigma and 
approximately 5 pct of another constituent when fur- 
nace cooled from the sintering temperature, 1370°C. 
After reheating to 1370°C and quenching, this alloy 
consisted of sigma and approximately 25 pct a. After 
reheating to 1200°C, it consisted of sigma and 5 to 10 
pet a, and after reheating to 815°C and 1100°C, it con- 
sisted of chi plus a trace of an unidentified constituent. 

To determine the upper limit of stability of the chi 
phase, we prepared by powder metallurgy methods an 
alloy approximating the theoretical composition of chi. 
The alloy was sintered at 1425°C and water quenched. 
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In this condition the alloy consisted entirely of alpha, 
the body-centered cubic phase. When reheated and 
quenched from 1200°C, the alloy consisted of alpha 
and sigma phase, from 1175°C, sigma plus a trace of 
chi, from 1160°C, chi plus a trace of sigma, and from 
815° to 1150°C entirely the chi phase. 

Fig. 9 shows a cross-section of the chromium-iron- 
molybdenum system of alloys containing 27 pct Mo 
and between 0 to 35 pct Cr. This diagram has been 
constructed from an investigation® made at NBS and 
from data taken from the literature.*” The diagram 
shows the chi having the theoretical composition de- 
composes incongruently at its maximum temperature 
of stability into sigma and alpha; whereas, if the com- 
position is slightly higher in chromium, the transition 
would be congruent with formation of sigma. Small 
additions of molybdenum to the range of composition 
of the chi phase do not appreciably change the sigma 
plus alpha ratio near the chi phase transition point. 
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alloys containing 27 pct Mo. Constructed from data in published 
papers. 


Since the alloy we prepared was approximately 1 pct 
richer in chromium, the occurrence of chi and sigma 
together at 1160°C and 1175°C is satisfied by the dia- 
gram, and the transition of chi is indicated to be near 

In addition to chi, another phase® which we have 
designated as rho, intrudes into the sigma phase space 
as constructed by Biickle.” This phase has the same 
structure as the R phase reported by Rideout and 
Beck” in the chromium-cobalt-molybdenum system 


which Shoemaker® finds to be rhombohedral with 


space group C;,°-R3. On the basis of this information 
we found that the hexagonal lattice constants for an 
iron rich solution of the rho phase are a — 10.95A and 
Co = 19.37A. 

J. H. Westbrook (author’s reply)—The author wishes 
to thank Mr. Bechtoldt for his discussion of the paper. 
By calling attention to an apparent discrepancy be- 
tween his findings and those of the paper, he has led us 
to discover an error in the paper as printed. The x 
composition sample which was obtained as a single 
phase o structure had been annealed for 24 hr at 
1205°C rather than 1400°C as stated in the paper. As 
may be seen from the 27 wt pct Mo isopleth shown by 
Bechtoldt, this result is now consistent with that of 
Bechtoldt and Vacher, assuming some possible slight 
deviation of actual from intended analyses in either or 
both of the studies. Reexamination of the metallo- 
graphic and x-ray diffraction results obtained by the 
author on a sample actually treated at 1400°C (2 hr) 
indicates that the specimen then consisted of alpha and 
rho with a little sigma. Again very slight shifts of the 
phase boundaries shown in Bechtoldt’s isopleth would 
make the picture consistent. Alternatively the rela- 
tively short time of the 1400 anneal may have been 
insufficient to dissolve all of the p and o formed on 
initial cooling of the arc-cast button. 


8 C. J. Bechtoldt and H. C. Vacher: Phase-Diagram Study of 
Alloys in the Iron-Chromium-Molybdenum-Nickel System, J. Re- 
search NBS 58, 7, 1957. RP 2728. 

7 J. G. McMullin, S. F. Reiter, and D. G. Ebeling: Equilibrium 
Structures in Fe-Cr-Mo Alloys, Trans. ASM, 1954, vol. 46, p. 799. 

1J. W. Putnam, R. D. Potter, and N. J. Grant: The Ternary Sys- 
tem, Cr-Mo-Fe, Trans. ASM, 1951, vol. 43, p. 824. 

72H. Buckle: Gefugeuntersuchungen der W-Cr-reichen and der 
Mo-Cr-reichen Legierungen der Systeme W-Cr-Ni and Mo-Cr-Fe, 
Plansee Proceedings, 1955, vol. 2, p. 223. 

73S, P, Rideout and P. A. Beck: Survey of Portions of the Chro- 
mium-Cobalt-Nickel-Molybdenum Quaternary System at 1,200°C 
Nat. Advisory Comm. Aeronaut. Tech. Note 2683, 1952. 
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Shear Along Grain Boundaries in Al Bicrystals 


by S. K. Tung and R. Maddin 


JOURNAL OF METALS, July 1957, AIME Trans., vol. 209, p. 905. 


C. Crussard (Director of Laboratories, IRSID, Saint 
Germain en Laye, France)—This paper is extremely 
interesting, as it gives very precise measurements of 
the activation energy for creep along boundaries of 
various “misorientations”’. 

It is shown by the authors that the activation en- 
ergy depends in a simple way on the parameter of 
misorientation 9. But what can be said from the en- 
tropy terms? 

Assuming Mott’s formula, the entropy varies like 


n 
ent, If we neglect the variation of first factor 
k 


1 
the (108 »——) curves should all intersect at Tm. 


If now one plots on the same diagram the 


al 
(108 v=) curves given by the authors for 45 gm 


per sq mm and three 0 values (20°, 55° and 85°) one 
finds they intersect each other at temperature about 
600°C, 480°C and 430°C. 

This result does not seem consistent with that de- 
duced from Mott’s formula. ; 

But if we now take in account the variation of the 
nw term, assuming to increase like n, the pre-expo- 
nential factor varies in the ratio 1 to 5 and to 16 when 
@ goes from 20° to 55° and 85°. Introducing that cor- 
rection in the right way to the experimental curves, 
as a vertical shift, one finds that they all intersect 
between 580° and 680°C, approximately, which is not 
very far from the melting point. 
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Thus Mott’s formula sems to give also correctly the 
activation entropy term. 

Let us now compare the variation of n with 0 from 
those which can be deduced from various models: 

—If one assumes the boundary slip to be confined 
to the boundary itself and if we take for the latter a 
dislocation-type model, n should decrease when 0 in- 
creases. The reverse is actually observed. 

—If we assume the high order twin model,” which 
is nearer to Mott’s “island” model, the maximum of 
n about 0 = 90° could be explained, but one should 
observe another maximum about 8 = 20° if the bound- 
ary is symmetrical with respect to both lattices. 

A detailed discussion should require not only the 
misorientation angle 0, but also the position of the 
boundary with respect to both lattices. This is not 
given in the paper, which makes any interpretation 
hazardous. 

R. Maddin (author’s reply)—We are grateful to Dr. 
Crussard for pointing out a more thorough analysis 
based upon both the Mott theory and the high order 


Table IV. Pole of Boundary Plane with Respect to Both Grains 


A B 
20 3° from (101) 17° from (101) 
55 13° from (100) 12° from (111) 
85 32° from (100) 3° from (111) 


JUNE 1958—421 


e POLE OF BOUNDARY PLANE RESPECT TO GRAIN A 
o POLE OF BOUNDARY PLANE RESPECT TO GRAIN 8 


Fig. 10 


twin model and the importance of the position of the 
boundary planes with respect to both lattices. The 
importance of this latter relation was also mentioned 
by Dr. J. Livingston (private communication) . These 
data are shown in stereographic projection in Fig. 10 
where “A” refers to the left grain (cf Fig. 1) and > 
tabulated below with respect to the nearest low in- 
dices plane (Table IV). 

Dr. Crussard suggests that a maximum of n should 
also be observed for 0 = 20° if the boundary is sym- 
metrical with respect to both lattices. As pointed out 
in the paper, we had no success in obtaining bicrystals 
by rotating both seeds symmetrically. Hence, the lack 
of symmetry resulted from the fact that one seed was 
held constant while the other was rotated. 

Dr. Crussard further states that n should decrease 
with an increase in @ while the reverse is observed. 
This conclusion is based upon the assumption that slip 
is confined to the boundary itself. Although no slip 
lines were observed in the areas adjacent to the grain 
boundary, the possibility that some glide did occur on 
appropriate planes adjacent to the boundary can not be 
discounted. Since no information concerning the mi- 
croscopic smoothness of the boundary was available, it 
appears quite likely that some glide would be neces- 
sary to permit the type of grain boundary flow 
observed. 


19 J, Friedel, B. D. Cullity, and C. Crussard: Acta Met., 1953, vol. 
Dene: 


Tensile Properties of Zone Refined Iron in the Temperature Range from 298° to 4.2°K 


by R. L. Smith and J. L. Rutherford 


JOURNAL oF METALS, July 1957, AIME Trans., vol. 209, p. 857. 


P. Haasen (Max Planck Institut, Stuttgart)—The re- 
markable results of Drs. Smith and Rutherford throw 
new light on the interesting problem of serrated 
stress-strain curves observed in iron as well as many 
other metals at low temperatures. On zone refined are 
melted iron the authors find serrations at temperatures 
up to 77°K and stresses larger than 30 kg per sq mm 
which they correlate with the formation of twins. They 
conclude that local heating of the slipping region 
could not explain the load drops at 77°K because of the 
magnitude of the specific heat and the thermal con- 
ductivity. The same conclusion was reached by the 
present author in a previous discussion of a paper by 
E. T. Wessel,” for the case of Al deformed at 20°K, on 
the basis of a dislocation model. In Al, twinning is cer- 
tainly no possible alternative for an explanation of the 
load drops, yet serrations have also been observed. 
Whether or not a rise in temperature is aiding the pro- 
motion of slip during a serration it should be pointed 
out that considerable localized plastic flow must have 
occurred already before the temperature will rise. The 
question is why did this slip avalanche occur in the 
first place (if it is not because of the formation of a 
twin)? At the high stresses used in these experiments 
on polycrystalline materials work hardening is essen- 
tially due to the elastic interaction of piled-up groups 


of dislocations and not to the shear resistance of the 
dislocation forest.” At the head of such a piled-up 
group of only a few dislocations stress can easily reach 
the magnitude of the theoretical shear strength (G/30 
to G/10, G being the shear modulus, about 8000 kg 
per sq mm in iron). Then new dislocations can be 
generated there. It is believed that the purely mechan- 
ical instability of the lattice under the high stresses 
applied at low temperatures is the primary cause for 
the serrations observed. 

R. L. Smith (author’s reply)—The authors wish to 
thank Dr. Haasen for his discussion. We believe that 
his explanation for the serrations observed for Al de- 
formed at 20°K based on the mechanical suitability of 
the lattice is much more reasonable than that based on 
the concept of local heating. As pointed out in our 
paper, we do not believe that any one mechanism is 
correct for all cases. Rather it is more likely that if a 
metal twins easily at a low temperature, it will cause 
serrations. If it does not twin and if the stresses are 
sufficiently high, then Dr. Haasen’s suggested mech- 
anism is mostly likely operative. 


37 E. T. Wessel: Trans. ASM, 1957, vol. 49, p. 149. 

38 Z, S. Basinski: Proc. Roy. Soc. A, 1957, vol. 240, p. 229. 

39 A. Seeger: Report Lake Placid Dislocation Conference, J. Wiley, 
New York, 1957. 


Some Observations on 885°F Embrittlement 


by G. F. Tisinai and C. H. Samans 


JOURNAL OF MeErTats, October 1957, AIME Trans., vol. 209, pp. 1221-1226. 


R. O. Williams and H. W. Paxton (Cincinnati Milling 
Machine Co. and Carnegie Institute of Technology, re- 
spectively)—Certain points presented in this paper 
concerning some earlier work” are not entirely con- 
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sistent with that work. The important feature of the 
new phase diagram is not the eutectoid reaction as 
stated, but rather the miscibility gap defined in the ab- 
sence of sigma. Because of the slow rates of sigma for- 
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mation the entire gap is normally important although 
above the eutectoid temperature sigma is the stable 
phase. It is the slowness of sigma formation which 
makes this eutectoid temperature of academic interest 
and its determination is very difficult. It is true that 
sigma is found to form below 520°C but normally so 
only in Impure alloys containing silicon and manganese 
which increase sigma stability and lower the top of the 
gap and thus such observations do not invalidate the 
diagram intended for pure alloys. There is but one re- 
ported instance, to our knowledge, where sigma has 
been reported in relatively pure alloys below 520°C 
and this is due to Pomey.” Both sets of data for the 
kinetics of sigma formation check very well except for 
Pomey’s point at 490°C where he reports sigma. It can- 
not be stated with certainty whether his point is due 
to misinterpretation of the experimental data or if the 
actual eutectoid temperature is somewhat lower than 
presently believed. 

It is stated that the precipitate is always coherent 
since no overaging has been reported. This condition 
was actually established by x-ray diffraction in the 
previous work.” Further the nature of coherency is 
very unusual, perhaps unique, in that both the precipi- 
tate and the matrix are isotropically strained from the 
equilibrium values to a common value very near or 
identical with that of the unaged alloy. 


Because of the subtle nature of fracture perhaps 
some reservations that this chromium precipitation 
_does not necessarily cause the brittleness is justified 
but there seems no justification for considering the 
possibility that other property changes (hardness, 
Curie temperature and electrical resistivity) are not 
associated with this aging. Moreover, the acceptance of 
the proposed phase diagram settles the question of 
stability of this phase relative to sigma. 

An examination of the kinetics of this transforma- 
tion as a function of temperature” show that there is 
no temperature for maximum hardening rate. Rather, 
there is a different temperature at which any given 
hardness level will be reached in the shortest time and 
for increasing hardness levels this temperature de- 
creases while the time increases. 


Additionally our work demonstrated that there is a 
dependence of atomic configuration (degree of cluster- 
ing) on temperature immediately above the top of the 
gap just as one would expect. However, the data 
showed that the time required to reach equilibrium 
were approximately 100 times faster than the process 
presented in the authors’ Fig. 1. Thus their conclusion 
that the process is one of regaining the equilibrium 
atomie configuration is not consistent with our data 
and interpretation. 

Although not directly appropriate to the present 
discussion, it might also be noted that we found an 
effect of the temperature of quenching prior to aging. 
In this case the differences showed up only in short 
times, within about 2 hr, the curves being the same 
after that. This effect was interpreted as being due to 
excess vacancies quenched in and differing atomic con- 
figuration. Both of these effects are expected from 
theory and the changing atomic configuration being 
demonstrated by other measurements. It is felt that 
this and other experiments were carried out such that 
no complications due to carbon and nitrogen were 
present but this was not positively demonstrated. 


With regard to the present paper, recognition of the 
fact that one is dealing with a very complicated system 
should be made. Besides the effect of the chromium 
precipitation on hardness one can have a number of 
effects of carbon and nitrogen upon the hardness. It is 
known that one gets solid solution strengthening and 
both strengthening and overaging during precipitation 
of the carbides and/or nitrides. Additionally there is 
the possible complication of changes in the nature of 
the carbides and nitrides with temperature and cross 
effects. Thus we will agree that the present paper 1s a 
valuable contribution in helping to show the ways in 
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which carbon and nitrogen can influence the hardness 
but we will not agree that the conclusions as to how 
these elements accomplish this have been adequately 
supported. For example, in the case of straining (by 
cold work or precipitation), our results obtained with 
electrical resistance showed no influence of cold work 
on the kinetics of aging. Hardness measurements would 
be unreliable in this case since recovery was shown to 
take place during aging and certainly deformation 
would influence the precipitation of carbides and ni- 
trides. The reason that cold work does not influence the 
chromium precipitation is considered to be that nu- 
cleation is accomplished very easily so strains do not 
help, and that the distance between particles is short 
compared to the distance between dislocations, such 
that diffusion short circuits would not contribute much. 


C. H. Samans (author’s reply)—We appreciate the 
comments of Drs. Williams and Paxton. However, we 
feel that our paper deals with a somewhat different 
aspect of the overall problem of 885°F embrittlement 
than theirs does and that it in no way contradicts or 
is otherwise particularly inconsistent with their work. 
The phase diagram which they proposed in their 1957 
paper is an interesting one and is backed up by con- 
siderable experimental evidence. It may well be the 
correct explanation of 885°F hardening and, in fact, it 
is the only reasonable one we have seen. However, as 
of the present time we do not feel that proof of it is 
completely conclusive. 


The property changes discussed in the Williams- 
Paxton paper on high purity alloys undoubtedly were 
associated with the 885°F aging process. However, in 
the present studies on alloys of commercial purity the 
relationship to changes occuring during the preheat 
treatment rather than during the constant aging treat- 
ment at 885°F seems inescapable. Since these pretreat- 
ing temperatures are above the range of stability of 
the two phase region proposed by Williams and Pax- 
ton, reactions occurring during pretreatment can hardly 
be influencing the 885°F aging process directly, only 
indirectly. Moreover, these pretreating temperatures 
are amply shown to have an effect well beyond the 
zone immediately above the “top of the gap.” Our 
reference to optimum hardening was concerned only 
with an effect of pretreatment when hardening time 
was held constant and hardening temperature was 
varied. It was not intended to imply any relationship 
to maximum hardening rate as Drs. Williams and Pax- 
ton seem to have inferred. 


It is quite true that 60 pct cold work showed very 
little effect on resistivity in the data reported in the 
Williams-Paxton paper. They may explain this in any 
way that they choose. They may also, if they wish, 
question the reliability of hardness measurements in 
following these effects because of the complicated na- 
ture of the reactions involved. However, the fact re- 
mains (cf. Fig. 5) that small amounts of straining do 
appear to have an accelerating effect on the 885°F ag- 
ing process. In many respects it looks as though the 
lattice can only accommodate a certain limiting amount 
of “hardening” and this may be introduced in a wide 
variety of ways. 


Over the years the subject of 885°F embrittlement 
has received considerable attention. As Drs. Williams 
and Paxton point out, there undoubtedly are many ex- 
perimental facts in the literature which, strictly, are 
not pertinent to the true 885°F aging process. Never- 
theless, the overall picture must be understood ulti- 
mately so that all observed facts can be explained. 
We think we, as well as Drs. Williams and Paxton, 
have contributed to some aspects of this overall prob- 
lem. 


16R, O. Williams and H. W. Paxton: The Nature of Ageing of 
Binary Iron-Chromium Alloys Around 500°C, Journal of the Iron 
and Steel Inst., 1957, vol. 185, pp. 358-374. : 

17G. Pomey and P. Bastien: Transformation of Iron-Chromium 
Alloys Near Equiatomic Composition, Revue de Metallurgie, 1956, 
vol. 53, pp. 147-159. 
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Transformation Kinetics and Mechanical Properties of Zr-Mo Alloys 


by R. F. Domagala, D. W. Levinson, and D. J. McPherson 


JouRNAL oF MetAts, October 1957, AIME Trans., vol. 209, pp. 1191-1196. 


H. A. Robinson and J. R. Doig (Battelle Memorial In- 
stitute)—-The author’s contribution to the literature on 
zirconium-base alloys is very valuable. We believe, 
however, that the mechanical property data the au- 
thors report for heat treated zirconium alloys are not 
representative of the good properties that can be ob- 
tained. It would appear that the properties reported 
might have been improved had not all of the alloys 
described been heat treated at such high temperatures. 
The temperatures used were in the beta region for the 
alloys. Like titanium, zirconium alloys suffer a loss of 
ductility when treated above the beta transus. Thus, 
while the authors attribute the low ductility of the 
alloys to omega phase, to oxygen, or to compound pre- 
cipitation, it is quite likely that beta embrittlement is 
at least partly responsible. 

The following data” illustrate the loss of ductility 
that occurs when zirconium-base alloys are heated 
into the beta-phase range: 


Solution 

Alloy Treatment Ult. 
Composition, Temperature Elongation, Tensile 
t Pet Range Pe St., Psi 
5.5Mo at 1.5 160,500 
B 1.0 109,000 
5Mo-2Sn a+B 11.5 168,500 
B 1.0 169,500 
5Nb-2Sn a+B 8.5 170,000 
4.5 163,500 


Because of lack of material, only four conditions of 
heat treatment were used for the 5.5 wt pct Mo alloy, 
and, therefore, a condition of optimum ductility was 
not obtained. The effect is demonstrated, however, by 
the low strength (brittle failure) of the alloy when 
heated into the beta field. The effect of beta solution 
treatment is well shown by the results for the tin- 
bearing alloys. 

It would appear that, contrary to the author’s find- 
ings, heat treatment of zirconium-base alloys to high 
strengths with adequate ductility for structural appli- 
cations is definitely possible. 

The author’s observation of w-phase in the Zr-5.4 pct 
Mo and Zr-7.5 pct Mo alloy is in general agreement 
with the results of Robinson, Doig, Mote, Schwartz, 
and Frost.". However, the X-ray diffraction pattern 
which they attribute to w-phase ignores those X-ray 
reflections which occur at the positions of the as- 
quenched £-reflections. These reflections include the 
strongest in the w pattern, namely, 2.50, 1.78, 1.453, 


1.257, 1.129, 1.029, which happens to coincide with the 
110, 200, 211, 220, 311, and 222 spacings of the beta 
phase. This may be seen in the first stages of overaging 
when the beta lines become resolved from the w-reflec- 
tions because of enrichment of 8 in molybdenum con- 
centration. In view of the authors’ omission of several 
important reflections, it appears that their tentative 
identification of the w-structure could have little 
meaning. The w-phase in zirconium alloys is recognized 
as analogous with w-phase in titanium alloys by simi- 
larity in X-ray patterns. The reflections in Zr-w-phase 
occurs at interplaner spacings about 1.09 times as large 
as those in Ti-w-phase and with comparable relative 
intensities. The w-phase in titanium alloys has been 
called both cubic” and hexagonal.” The w-phase in 
zirconium alloys could not be cubic” except in one rare 
exceptional observation. Both -phases, however, 
should be similar in structure. 

R. F. Domagala, D. W. Levinson and D. J. McPherson 
(author’s reply)—It was never our intention to deny 
the possibility of developing high strength Zr-Mo (or 
other eutectoid) alloys. Indeed, we feel (as the dis- 
cussors) that if properly modified (ternary addi- 
tions) and properly heat treated, high strength 
Zr-Mo—as well as Zr-Cb and other eutectoid alloys— 
can be developed. We may have been remiss in not 
conducting at least a few heat treatments in the a + Bp 
field, but it must be appreciated that the broad scope 
of the program under which this work was performed 
did not permit us to conduct an unlimited number of 
treatments. 

Regarding the indexing of omega phase diffraction 
lines, the beta lines were sorted and not included in 
our analysis. In our cursory study of this phase, we did 
not have any information that pointed to a superposi- 
tion of omega and beta lines. 


10H. A. Robinson, J. R. Doig, M. W. Mote, and P. D. Frost: Heat 
Treatment, Transformation Reactions, and Mechanical Properties 
of Some High-Strength Zirconium-Base Alloys, AIME Trans. To be 
published. 

11H. A. Robinson, J. R. Doig, M. W. Mote, C. M. Schwartz, and 
P. D. Frost: Beta-Omega Age Hardening Means Stronger Zirconium 
Alloys, JournaL or MeEtTats, 1956, vol. 8, p. 1544. 

2A. E. Austin J. R. Doig: Structure of the Transition Phase 
Omega in Ti-Cr Alloys, Journat or Metats, 1957; AIME Trans., 
vol. 209, p. 27. 

18H. Yoshida: On the Crystal Structure of the Intermediate Phase 
in Titanium-Iron Alloy, Journal of the Japan Institute of Metals, 
1956, vol. 20, No. 5,<p. 292. 

144J. M. Silcock, H. M. Davis, and H. K. Hardy: The Mechanism 
of Phase Transformations in Metals, Institute of Metals, London, 
1956. 

1 Yu. A. Bagaryatskii, G. I. Nosova, and T. V. Tagunova: The 
Crystal Structure and Nature of the w-Phase in Alloys of Titanium 
and Doklady Okad. Nauk, U.S.S.R., 1955, vol. 105, 
£2252 


Phase Transformations in Hypo-Eutectoid Ti-Cr Alloys 


by H. |. Aaronson, W. B. Triplett, and G. M. Andes 


JouRNAL oF Metats, October 1957, AIME Trans., vol. 209, p. 1227. 


R, F. Bunshah (New York University)—Dr. Aaron- 
son and co-workers are to be commended on a very 
careful and systematic study of the morphology of 
the proeutectoid a and of the eutectoid reaction in 
hypoeutectoid Ti-Cr alloys. This extension of Dr. 
Aaronson’s previous work on the morphologies extant 
in iron-carbon alloys to their titanium counterparts 
goes a long way toward the understanding of the 
evolution of the structures of titanium alloys and their 
classification. 
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Some time back, Bunshah and Margolin” studied the 
microstructures occurring in Ti-Ni alloys and complex 
Ti-Cu base alloys. These alloys are characterized by 
a very rapid transformation of 6 to a + compound 
(Ti.Ni or Ti,Cu) and are thus called active eutectoid 
alloys as contrasted to the Ti-Cr and Ti-Fe alloys 
which transform very much slower. For example, in 
a Ti-6Ni alloy the eutectoid transformation starts at 
10 sec reaction time at 600°C and is completed in 10 
min as compared to 8.10‘ sec reaction time for the 
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eutectoid transformation in the Ti-7.22 pct Cr allo 
studied by the authors. 


The specific alloys were: — 
(1) Ti-4Ni 
(2) Ti-6Ni 
(3) Ti-5Cu-3Al1 
(4) Ti-8Cu-3Al 
(5) Ti-5Cu-3Al1-2Sn 
(6) Ti-8Cu-3A1-2Sn 


In the copper base alloys, 5, 6, 7 and 8, the small 
additions of Al and/or Sn are soluble in alpha and 
these alloys may be considered for the purposes of 
this discussion as essentially binary Ti-Cu alloys with 
alloyed alpha. No evidence of compounds other than 
Ti,Cu was obtained. 


The alloys were melted as 50 g buttons, using sponge 
of Bhn 110 for the Ni alloys and of Bhn 128 for the Cu 
alloys and consolidated in flowing argon atmosphere to 
2% and 5 lb ingots, respectively. The ingots were 
forged to % in. square rods in the £ field. Specimens 
cut from this rod were solution annealed at 1000°C for 
30 min and then isothermally reacted in a lead bath 
at 550, 600, 650, 700, 750, 800 and 850°C for 2 sec, 10 
sec, 1 min, 5 min, 20 min, 1 hr, 2 hr and 3 days. 


All the alpha morphologies so ably catalogued by 
the authors were observed. The black plates were ob- 
served at reaction temperatures corresponding to the 
“nose of the T-T-T curve or lower; this appears to be 
in agreement with the author’s observations that black 
plates occur at temperatures of 600°C and below which 
appears to be the nose of the T-T-T curve given in 
Fig. 1 of the paper. In accord with the author’s ob- 
servation, the black plates initially appeared as long, 
relatively perfect side plates growing out of or nu- 
cleated at sheaves of normal alpha, see Fig. 17. From 
Fig. 18 which is another area of the same sample, it 
may be seen that the center areas of the black plates 
appear to be white or grey. At a later reaction time, 
Fig. 19, the former black plates appear to have thick- 
ened and lost almost all of their blackness. Comparing 
this observation with Figs. 10a and 10b of the paper, it 
appears that the black plates of Fig. 10a, as shown in 
Fig. 10b, have grown longer and fatter and become 
white. Even some of the small plates in Fig. 10b ap- 
pear white and only the small thin plates appear black. 
In view of this, it is hypothesized that black plates 
which form at low reaction temperatures only (about 
50°C below the eutectoid temperature in both cases) 
are logically enough supersaturated alpha plates and 
consequently have a different etching characteristic 
from normal alpha. On holding for longer times, the 
solute is able to diffuse away into the matrix and these 
black plates resume their normal white appearance. 
Another and perhaps less likely possibility is that black 
plates are the titanium counterpart of the bainite in 
steels, the compound precipitate, in this case, being 
submicroscopic. Electron microscopy might provide an 
answer here. 

In the hypoeutectoid alloy 1, 2, 3 and 5, mentioned 
above, the eutectoid compound precipitates initially 
at grain boundary allotriomorphs or side plates and 
subsequently at the proeutectoid a: 6 boundaries. It 
appears that where proeutectoid alpha was initially 
present, the eutectoid alpha deposited onto the pro- 
eutectoid alpha. The eutectoid structure consists of 
alpha plates arranged either parallel to each other or 
in a basketweave manner with the compound as dis- 
crete particles at the boundaries between the alpha 
plates. As the reaction temperature decreases, the 
eutectoid alpha plates become thinner and more 
regular. 

Alloys 4 and 6 may be essentially considered to be 
of eutectoid composition. In these alloys, the eutectoid 
reaction shows a completely different pattern. The 
reaction is nucleated at the prior 6 grain boundaries 
as nodules of un unresolvable structure which move 
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into the 6 grain. These nodules may also nucleate 
intragranularly at a later reaction time. Under the 
electron microscope, Holden et al” were able to re- 
solve the structure of such nodules in a Ti-Cu alloy 
and showed that they consisted of very fine lamellae 
of a and Ti,Cu with a minimum interplatelet spacing 
of 0.2 ». An unusual observation is that at some prior 
8 grain boundaries in the same sample, sheaves of 
degenerate alpha or black plates are nucleated instead 
of the nodules, Figs. 20 and 21. At later reaction times, 
these agglomerated compound particles appear be- 
tween the plates of the sheaves whereas the nodules 
transform to recrystallized alpha grains and compound, 
Fig. 22. It is interesting that at some particular grain 
boundary orientations, such preferential nucleation of 
what appears to be supersaturated alpha should take 
place instead of the nodules. 


H. I. Aaronson (authors’ reply)—Dr. Bunshah’s kind 
remarks concerning the authors’ work are very much 
appreciated. 

The observation of black plates in the Ti-Cu-base 
and Ti-Ni alloys studied by Drs. Bunshah and Mar- 
golin, as well as in the Ti-Mo and Ti-Mo-Al alloys 
recently investigated by the authors,® indicates that 
this unexpected variant in the Widmanstatten mor- 
phologies of proeutectoid alpha is not confined to the 
Ti-Cr system, but may, instead, be a quite general 
characteristic of the beta-to-alpha reaction in titanium- 
base alloys. Dr. Bunshah’s suggestion that black 
plates etch differently than normal alpha because they 
are supersaturated with respect to the solute species 
is an interesting one. If this explanation is correct, 
however, it would raise the new and more fundamental 
question of the mechanism through which (presum- 
ably) equilibrium normal alpha and supersaturated 
alpha can form simultaneously, by nucleation and 
diffusion-limited growth, in the same specimen. Dr. 
Bunshah’s alternate suggestion, that black-plates con- 
tain sub-microscopie particles of bainitically precipi- 
tated intermetallic compound, is partially vitiated by 
the observation of black plates in a Ti-10 pct Mo al- 
loy,* in which only the alpha and the beta phases are 
reported to be thermodynamically stable in the tem- 
perature range of interest.” A transition phase, how- 
ever, may be involved in the manner suggested by Dr. 
Bunshah, and thus the proposed electromicroscopic 
study of black plate structures might prove fruitful. 


The work reported by Drs. Bunshah and Margolin 
on the mechanisms of the eutectoid reactions in their 
alloys is a valuable contribution to the literature on 
these reactions in titanium-base systems. The change 
in the structure of the eutectoid from the non-lamellar 
type in the hypoeutectoid range to the lamellar type 
in the vicinity of the eutectoid composition parallels 
the observations which have been made on titanium- 
chromium alloys.“ ™!sr*rer As a result of kinetic dif- 
ferences, however, the interactions between the pro- 
eutectoid and the pearlite reactions reported by Bun- 
shah and Margolin are more closely approximated by 
the equivalent reactions in plain carbon hypoeutectoid 
steels,” and may be discussed from the same view- 
point. 

When closely spaced proeutectoid sideplates develop 
from a row of grain boundary allotriomorphs shortly 
after the allotriomorphs themselves have formed, the 
nucleation of pearlite in the interstices of the sideplates 
has been found to be largely inhibited in an 0.29 pct C, 
0.76 pct Mn steel.” Dr. Bunshah’s Fig. 22 indicates that 
a similar situation obtains in Ti-8 pct Cu-3 pct Al. The 
transformation strains set up in the regions of untrans- 
formed matrix between the sideplates, and perhaps 
also the comparatively low average specific interfacial 
free energy of the sideplates appear to be responsible 
for this effect.” On the other hand, at rows of allotrio- 
morphs from which sideplates do not readily evolve, 
the comparatively high average specific interfacial free 
energy of the allotriomorphs will permit pearlite to 
nucleate rapidly at their interphase boundaries and 
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Fig. 17—Ti-5Cu-3AI-2Sn: 1000°C-30 min/750°C-2 sec/W.Q. 400 X—Sheaves of normal alpha and black plates. Fig. 18— 
Same as Fig. 1.—600 X—Black plates at higher magnification. Fig. 19—Ti-5Cu-3AI-2Sn: 1000°C-30 min/750°C-30 sec/W.Q. 
250 X—Thickened “black plates” and eutectoid. The black plates have thickened and lost blackness. Fig. 20—Ti-8Cu-3Al: 
1000°C-30 min/750°C—10 sec/W.Q. 250 X—Nodules of eutectoid and sheaves of alpha or black plates at different prior 8 
grain boundaries. Fig. 21—Same sample as Fig. 4. 600 X—oblique illumination. Sheaves of alpha and of black plates. Fig. 22— 
Ti-8Cu-3Al —1000°C—30 min/750°C—2 hr/W.Q. 250X. The nodules have transformed to recrystallized alpha grains and 


compound is precipitated between the alpha plates of the sheaves. 


quickly envelop them. The formation of sideplates at 
these allotriomorphs will thus be prevented. Since the 
proeutectoid morphologies developed at a given grain 
boundary whose orientation is approximately con- 
stant tend to be similar along the entire length of the 
boundary,®: his such a grain-boundary will 
tend to be populated almost entirely by either (pro- 
eutectoid) sideplates or by perlite under conditions of 
composition, reaction temperature and matrix grain 
size which make the rates of the two reactions closely 
competitive. 


16R. F. Bunshah and H. Margolin: Properties of Active Eutectoid 
Titanium Alloys, WADC Technical Report 56-146 January 1956. 
Also—ASM Preprint #58, 1957. 

17F. C. Holden, A. P. Young, H. R. Ogden, C. M. Schwartz, and 
R. I. Jaffee: Investigation of the Usefulness of Electron Microscopy 
in the Study of Titanium Alloy Structures, WADC Technical Re- 
port 56-269, March 1956. 

18H. I. Aaronson, W. B. Triplett, and G. M. Andes: Unpublished 
research, 

19M. Hansen, E. L. Kamen, H. D. Kessler, and D. J. McPherson: 
Systems Titanium-Molybdenum and Titanium-Columbium. AIME 
Trans., 1951, vol. 191, p. 881; JourNaL or MeETALS, October 1951. 

#0 H. I. Aaronson: Effect of the Proeutectoid Ferrite Reaction on 
the Formation of Pearlite, AIME Trans., 1958, vol. 212, No. 2, 
p. 212: 


Mechanism of Precipitation in a Cu-2.5 Pct Fe Alloy 


by J. B. Newkirk 


JOURNAL oF MeErats, October 1957, AIME Trans., vol. 209, pp. 1214-1220. 


Alvin Boltax (Nuclear Metals, Inc., Cambridge, 
Massachusetts)—Dr. Newkirk has provided a valuable 
contribution to the knowledge of precipitation proc- 
esses in the copper rich Cu-Fe alloys. I would like to 
comment briefly on some of our work” on the study of 
precipitation in Cu-Fe alloys. This work involves an 
examination of the electrical resistivity, magnetic 
properties, and microstructure of Cu alloys containing 
up to 5 wt pct Fe. The results of our work are in sub- 
stantial agreement with those of Dr. Newkirk. How- 
ever, concerning the nucleation and growth of aFe 
particles during aging, our measurements indicate a 
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somewhat different behavior than indicated in Fig. 10 
of Dr. Newkirk’s paper. 

Fig. 11 shows some recent data obtained from meas- 
urements made before and after aging. The amounts 
of aFe and yFe were determined from saturation in- 
duction and electrical resistivity measurements re- 
spectively. The data show that the amount of aFe in- 
creases during aging in those alloy samples which con- 
tain a considerable amount of oF e at the start of aging. 
When the amount of aFe is negligible at the start of 
aging, no increase in the amount of aFe is detected 
after aging at 550°C for seven days. Denny” has re- 
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Fig. 11—Experimentally determined amounts of aFe and Fe 
precipitate formed in several Cu-Fe alloys during aging at 550°C. 


ported that aFe was not detected in a Cu-2.4 pct Fe 
alloy aged between 550°C and 800°C for periods up 
to 3 mo. 

Dr. Newkirk’s results may be similar to those ob- 
tained on the 3.4 pct Fe alloy as shown in Fig. 11. This 
observation would suggest that after the solution 
treatment Dr. Newkirk’s samples contained a_ small 
amount of aFe which grew during aging and was not 
detected by x-rays until the later stages of aging. An- 
other possibility, suggested by Denny,” is that im- 
purities may have been present which form nonco- 
herent nuclei which could lead to the formation of 
aFe during subsequent aging. 


Would the author comment on the possibility of 
either of the above mechanisms accounting for the ap- 
pearance of aFe in his overaged samples as determined 
by x-rays? Also, would the author comment on both 
our results and those of Denny” which indicate that 
the eFe can remain apparently indefinitely stable in 
carefully prepared and quenched samples, with re- 
spect to thermal treatments below 800°C? 

J. B. Newkirk (author’s reply)—lIt is true that Fig. 
10 does not suggest a mechanism of nucleation for 
either the y or the a precipitate. The text of my paper 
mentions a few nucleation possibilities, two of which 
are repeated by Dr. Boltax in his paragraph three. 

We have found that Cu-Fe alloys containing more 
than 3 pet Fe contain dendritic primary iron crystal- 
lites which no amount of homogenizing (by long high- 
temperature annealing) could remove. I should expect 
these particles to transform with complete reversi- 
bility at the usual a-y tranformation temperature. The 
presence of these massive iron particles might directly 
account for the saturation induction illustrated by the 
curves labeled 3.4 and 4.5 pct Fe which Dr. Boltax re- 
ports. The upward turn of these curves at long aging 
times is a natural consequence of the late appearance 
of a-Fe precipitate throughout the specimen, and is 
consistent with my own findings. If the a-Fe appeared 
only as growth of already existing a-Fe particles, the 
slopes of these two curves would be a maximum at 
first and decrease with time, an effect opposite to that 
which Boltax has observed. I would predict that the 
1.7 and 2.4 pct a-Fe curve would also turn up at longer 
aging times. 550°C is a low aging temperature for this 
system; the reaction is very slow. 

It is quite possible that a small amount of a-Fe 
formed while my specimens were cooled from the solu- 
tion temperature. However, since y-Fe evidently pre- 
dominates during the early stages, this does not alter 
the conclusions regarding the general sequence which 
I have proposed. 

It is surprising that Denny did not detect oa-Fe in 
specimens which had been aged for long times at high 
temperature. Since ubiquitous lattice imperfections in 
real metal crystals favor the formation of a-Fe below 
850°C, I would not expect the unstable y-Fe to remain 
unreplaced if diffusion permits. 


21 A. Boltax: To be published. 
22 J. M. Denny: Acta Met., 1956, vol. 4, pp. 586-592. 


Discussion — Iron and Steel Division 


An Oxygen Steelmaking Process 


by F. W. Luerssen, J. W. Halley and M. Tenenbaum 


JournaL or Merats, Dec. 1957, AIME Trans., vol. 209, p. 1533 


Joseph K. Stone, Jr. (Kaiser Engineers, Oakland, 
Calif.)—I would like to compliment the authors on 
their clear presentation of the results of their study 
of the pneumatic processes. We hope that the Inland 
Management decision to make this information avail- 
able to all will induce others to release additional val- 
uable fundamental data which they have accumulated 
in the field. 

There are two points upon which we would like to 
comment. 

In the discussion of Table VII it was indicated that the 
“oxygen consumptions were about the same as has been 
reported for other oxygen steelmaking processes”. This 
conclusion is apparently based upon the consumption 
of 2100 cu ft per ton shown in Table VII. The data in 
Table IV also permits calculation of 2520, 2280, 2250 
and 2700 cu ft per ton in heats 1 to 4, respectively. 
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These figures are in the same general range as those 
reported for the Kal-Do and Rotor Processes using 
Thomas iron, but considerably above the following 
figures for four of the operating L-D Process Plants 
while using iron which is similar to American basic 
iron: 


Donawitz 1760 cuftperton Adapted from Cuscoleca’ 
Linz 1900 cuftperton Trenkler & Hauttmann’ 
Dofasco 1850 cuft per ton D. O. Davis’ 


In addition to the differences between the consump- 
tion of gaseous oxygen in the Inland operation and in 
the L-D Process, there is another closely related differ- 
ence. The L-D plants for which data are cited are 
using approximately 1 pct ore while the authors’ 
process used about 7 pct of sinter. Assuming 65 pct Fe 
in the sinter, the difference amounts to 400 to 500 cu ft 
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per ingot ton additional oxygen which was derived 
from the sinter. 

The ore used in the authors’ process is also associated 
with another point on which we wish to comment. The 
rapid elimination of phosphorus early in the process is, 
we believe, a commendable feature of the process. We, 
however, do not believe it is a “characteristic of the 
process” but is more likely to be associated with the 
use of heavy addition of ore and the flushing of slag. 
Other processes which use heavy ore additions and 
more than one slag also remove phosphorus quite effec- 
tively. Such performance has been recently reported 
for both the Kal-Do and the Rotor Processes on high 
phosphorus Thomas iron. Experimental heats in the 
L-D Process on 0.9 pet P hot metal also indicate that 
the normally rapid removal of phosphorus can be fur- 
ther improved by the use of heavier ore additions and 
the removal (flushing) of the first high phosphorus 
slag before the final slag is formed. 


10. Cuscoleca: JourNAL or METALS, July 1954, p. 822. 
2 Trenkler & Hauttmann: Metal Progress, January 1956. 
3D. O. Davis: Iron and Steel Engineer, October 1955, p. 93. 


F. W. Luerssen (author’s reply)—Mr. Stone has 
questioned the statement that the oxygen consumption 
of the reported process is about the same as in other 
steelmaking processes. He bases this on calculations 
made from Table VI and on reported oxygen consump- 
tions of the L. D. Process from the literature. 


It is well to note that 1) Table VI does not permit 
calculation of the oxygen consumption and 2) the data 
reported by Mr. Stone are not on a comparable basis 
either among themselves or in comparison to the data 
of the present report. Oxygen consumption in the re- 
ported process was 2100 cu ft of 95 pct Oz (NTP) per - 
ton of ingots. This is apparently 100 to 150 cu ft of O» 
per ton above that reported for the L. D. Process but 
is considerably less than that required for the Rotor 
or Kal-Do Process. 

For any oxygen steel process, the oxygen consump- 
tion is controlled by the amounts of elements oxidized. 
Were the L. D. Process to refine a similar charge to a 
similar steel composition, the oxygen consumption 
would be substantially the same as that of the re- 
ported process. 

Mr. Stone has criticized the authors’ use of “charac- 
teristic of the process” in the following context: 


“The rapid early elimination of phosphorus in a 
high oxidizing flush slag early in the refining is 
the distinguishing characteristic of the process 
which makes possible the production of high car- 
bon, low phosphorus steel.” 

The basic feature of having an early fluid, highly 
oxidized, basic slag necessary to the early rapid re- 
moval of phosphorus. It is these conditions which are 
referred to as characteristic of the early rapid elimina- 
tion of phosphorus to low levels in this process. 


Discussion—Extractive Metallurgy Division 


Reaction Zones in the Iron Ore Sintering Process 


by R. D. Burlingame, G. Bitsianes and T. L. Joseph 


JOURNAL OF Merats, July 1956, AIME Trans., vol. 203, p. 853. 


A. G. Cockbain—The paper by Burlingame, Bitsianes 
and Joseph is of great interest in extending the work 
done on high grade sinters, particularly that of Hessle, 
and the development and application to them of the 
technique of McBriar, Johnson, Andrews and Davies 
on ironstone sinters. In this laboratory the work of 
McBriar et al. has also been continued and extended 
to cover high grade sinters, and a sectioning technique 
similar to that used by McBriar et al. was attempted 
on sinter cakes made in the laboratory sinter unit, 
using magnetite concentrates (containing 64 pct Fe). 

In these experiments no attempt was made to flush 
out the products of combustion with nitrogen before 
cooling. It was considered that free air penetration 
would occur on only a limited scale with the size of 
sinter cake made (14 in. sq x 12 in. deep). Chemical 
analyses of the zones showed generally similar fea- 
tures of those described by Burlingame et al. and es- 
pecially the FeO rich region at and just behind the 
flame front, i.e. zones of ignition and combustion. This 
seems to indicate that the nitrogen atmosphere does 
not materially affect the states of oxidation in the 
sinter cake or at least that special care is not required 
unless the sinter cake is small. 

Burlingame et al. consider that FeO present has some 
significant part to play in the mechanism of sintering. 
This view does not find favor with the author. The 
reduction of iron oxides in the presence of red hot 
coke is a well known phenomenon, whether conducted 
in an atmosphere of nitrogen or in a crucible in air, 
and in view of the presence of some carbon in the hot 
sinter, especially just at the ignition zone, cessation of 
the progress of the flame front will in no way affect 
the reduction of iron oxides near hot coke. Even in a 
nitrogen atmosphere some CO and CO, will be gen- 
erated by reduction and by continual oxidation and 
reduction of CO as the transfer agent, the oxidation 
state of the iron oxides can be lowered quite rapidly 
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so long as free carbon exists with enough heat. 

Knowing the composition of the gas at the flame 
front (obtainable by probes), it would be possible to 
calculate the static oxidation state of Fe:O;/Fe;O. in 
equilibrium with it and hence obtain a check on the 
chemical analyses to see if in fact direct reduction of 
the Fe.O0;/Fe;O: to FeO has taken place. Have the 
authors attempted this? 

It appears to this writer that what is required is 
some means of reducing rapidly the heat content of the 
ignition zone and immediately behind, and at the same 
time insuring no oxidation by the air. In ironstone 
sinters the difficulty of oxidation state of the iron did 
not arise on account of the very large slag bulk. How- 
ever, in high grade sinters knowledge of this, and also 
the mechanism whereby high oxidation states can be 
obtained in the final sinter, is of great interest. 

R. D. Burlingame (author’s reply)—The question has 
been raised as to whether the high FeO content found 
in high-fuel sinters is due to actual reduction at the 
advancing flame front or due to unavoidable direct 
reduction during the quenching period. For such di- 
rect reduction to have taken place in the freshly- 
formed sinter, a considerable amount of solid carbon 
would have had to escape combustion and be available 
throughout the hot sinter zone during the quenching 
period. A simple stoichiometric calculation with the 
limited data available indicates that a zone of freshly- 
formed sinter over 2 in. wide must have averaged 
roughly 2 pet C to accomplish the amount of reduction 
found. Furthermore, the presence of this amount of 
carbon would indicate that the fuel in the charge had 
not burned over a narrow front but over a zone at 
least 2 in. thick. In contrast to such a condition, the 
data of the present investigation indicate that the 
combustion of fuel is confined mainly to a narrow 
front in which high temperatures and reducing con- 
ditions favor the formation of excess ferrous iron. 
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